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PREFACE

This series was organized to provide a forum for review papers in the area
of corrosion. The aim of these reviews is to bring certain areas of corrosion
science and technology into a sharp focus. The volumes of this series are
published approximately on a yearly basis and each contains three to five
reviews. The articles in each volume are selected in such a way as to be
of interest both to the corrosion scientists and the corrosion technologists.
There is, in fact, a particular aim in juxtaposing these interests because of
the importance of mutual interaction and interdisciplinarity so important
in corrosion studies. It is hoped that the corrosion scientists in this way may
stay abreast of the activities in corrosion technology and vice versa.

In this series the term ‘“‘corrosion’ is used in its very broadest sense.
It includes, therefore, not only the degradation of metals in aqueous en-
vironment but also what is commonly referred to as “‘high-temperature
oxidation.” Further, the plan is to be even more general than these topics;
the series will include all solids and all environments. Today, engineering
solids include not only metals but glasses, ionic solids, polymeric solids, and
composites of these. Environments of interest must be extended to liquid
metals, a wide variety of gases, nonaqueous electrolytes, and other non-
aqueous liquids. Furthermore, there are certain complex situations such as
wear, cavitation, fretting, and other forms of degradation which it is ap-
propriate to include. At suitable intervals certain of the review articles will
be updated as the demands of technology and the fund of new information
dictate.

Another important aim of this series is to attract those in areas pe-
ripheral to the field of corrosion. Thus, physicists, physical metallurgists,
physical chemists, and electronic scientists all can make very substantial
contributions to the resolution of corrosion problems. It is hoped that these
reviews will make the field more accessible to potential contributors from
these other areas. Many of the phenomena in corrosion are so complex that
it is impossible for reasonable progress to be made without more serious and
enthusiastic interdisciplinary interest.

v
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vi Preface

This series, to some extent, serves as a “dynamic” handbook. It is well
known that preparing a handbook is a long, tedious process and parts be-
come out of date by the time the final volume is published. Furthermore,
certain subjects become out of date more quickly than others. Finally, in a
handbook it is never possible to prepare the individual discussions with
sufficient detail and visual material to be properly useful to the reader. It
is hoped that the format of this series serves to overcome some of these
difficulties.

In addition to the discussion of scientific and technological phenomena
the articles in this series will also include discussions of important techniques
which should be of interest to corrosion scientists.

M. G. FONTANA
R. W. STAEHLE
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CORROSION CREEP AND STRESS RUPTURE

J. K. Tien and J. M. Davidson*
Henry Krumb School of Mines

Columbia University

New York, New York

INTRODUCTION

Corrosive attack by, say, the oxidizing combustion environment in a
power turbine or in a coal gasification unit, coupled with high temperature,
can allow an otherwise low stress to result in premature failures of structures.
Generally speaking, high-temperature- plastic deformation can be designed
against through enhancing creep resistance, prolonging stress rupture life, and
increasing the material’s stress rupture ductility. Unfortunately, even without
the complication of environmental effects, the current state of knowledge of
creep and stress rupture is at best qualitative. ' 7 Further, the known effects of
environments on creep and stress rupture have yet to be reviewed, assessed,
and compacted.

We view such compaction as one mandate for this treatise. The other goal
is the critical assessment and construction of fundamental models to begin the
process of explaining the major observations in these hyphenated areas of
corrosion—creep and corrosion—stress rupture. In this interpretive review, we
attempt to broaden our overview sufficiently to provide the necessary
educational base for those whose backgrounds are concentrated in either of
these areas but who wish to expand into the hyphenated areas.

We begin, then, with rather elementary analysis of high-temperature
creep and stress rupture of structural alloys, and document the various
observed effects of environmental interactions. This is followed by a brief
tutorial on high-temperature corrosion and a discussion of the many ways
in which this corrosion could interact with the mechanical properties of alloys,
which leads directly to a discussion specifically on corrosion creep and
corrosion stress rupture. Throughout the chapter we stay at high
temperatures, generally above 0.5T,,, the absolute melting temperature of the

* J. M. Davidson is now with The International Nickel Company, Inc., The Inco Research and
Development Center, Sterling Forest, Suffern, New York 10901.
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2 J. K. Tien and J. M. Davidson

alloy of interest. Accordingly, we refrain from reviewing such complicated
effects as stress corrosion cracking, liquid metal embrittlement, or surfactant
degradation of fracture strength, all of which have been competently reviewed
elsewhere.®°

ENGINEERING ASPECTS OF CREEP AND STRESS RUPTURE

Creep in the engineering sense refers to slow and time-dependent plastic
deformation caused by prolonged loading. At lower temperatures, say, less
than one-half the absolute melting temperature 7,, substantial plastic
deformation occurs only when the applied stress is near the yield strength.
Creeping plastic flow, however, can take place with time at stresses much
below the yield strength at high temperatures greater than 0.57,,. A simplified
physical argument for this phenomenon is that as temperature increases, there
will be more thermal energy to help the applied mechanical energy to cause
dislocations to move and grain boundaries to slide, and hence, creep. Creep,
therefore, can be defined as thermally assisted time-dependent plastic
deformation of materials.

Typical creep curves are shown schematically in Fig. 1. In the general
case, a creep curve (A) consists of four continuous stages. First is the
instantaneous regime, which represents the elastic strain at the loading stress.
Next is the primary or transient creep regime, which is characterized by an
initially high and then decreasing creep rate. This is followed by the secondary
or steady-state creep stage, which is a regime of relatively constant creep rate.
The final stage, namely, tertiary creep, represents the regime of runaway creep
rate, leading eventually to failure or stress rupture of the system. Quaternary
and quinary stages of creep are sometimes reported. However, as we will see,
these higher stages of creep are repetitions of earlier stages caused by
environmental effects. Depending on the stress and temperature, one or more
of these stages may be missing. For example, secondary creep is practically
nonexistent at low temperatures (<0.3T,,) and low stress (curve B). At very
high temperatures (>0.87T,,) and high stresses, tertiary creep is predominant
(curve C).

Creep at low temperatures and low stress (curve B) is of little practical
interest except, for example, in high-precision instruments, because it results in
a transient flow which soon dies away almost completely so that the
dimensions of the system become stable and the applied load can be supported
safely for very long times. Creep at high stresses and high temperatures,
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Corrosion Creep and Stress Rupture 3
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Fig. 1. Schematics of typical creep curves (see the text for an
explanation). (After Tien et al.!)

although rarely courted intentionally in practice for static load application,
can be of importance in high-temperature cyclic fatigue applications in which
a significant “creep component” can occur between cycles.!® Furthermore,
creep at high stresses and high temperatures has recently been suggested to
control hot crack growth in some structural alloys.**

Most elevated-temperature structures are designed so that they spend
their service lives in the steady state, if not the primary stage of creep (i.€., under
conditions where the creep behavior of the material follows that schematically
shown in curve A). In fact, a quantity known as “creep strength” is often
referred to in structural design. This particular quantity is more or less
governed by the steady-state or minimum creep rate, since it is defined as the
stress necessary to result in an allowable strain (usually about 2-5%;) after
either 100 or 1000 hrs of elapsed loading time, longer time conditions generally
being determined by extrapolation techniques such as that due to Larson and
Miller.!? Hence, at stresses where the dominant mode of deformation is the
time-dependent creep, creep resistance means a low steady-state creep rate, or
conversely, a high creep strength, provided that primary strains are small.

Phenomenological equations have been devised that characterize the
entire creep curve or parts thereof. One of the more frequently used
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4 J. K. Tien and J. M. Davidson

expressions describes the steady state creep rate, ., portion of the creep curve
as

& = Alo,/E(T)]"(b/d)’ exp (— Q/RT) 1)

where A is a constant of proportionality, o , the applied stress, n the apparent
stress sensitivity, p the sensitivity of the creep rate to grain size d, QF the
activation energy for this process, E Young’s modulus, b the Burgers vector,
and RT has its usual meaning.

Although this expression has been found to suitably characterize the
steady-state creep behavior of a wide variety of metals and alloys, it has
recently been found!® that in particle-strengthened creep-resisting alloys (such
as superalloys and dispersion-strengthened alloys), an internal stress, g;, that
opposes dislocation generation and movement must be included, where

& = A'[o, — 0)/E(T)]"(b/d)" exp (— Q/RT) @)

where the primed parameters are internal stress corrected.

Again from an engineering viewpoint, and referring to Fig. 1, the major
stress rupture properties are the stress rupture life ¢, and the stress rupture
elongation (or ductility) ¢,. It has been experimentally determined for a variety
of metals and alloys® that a relationship

t, &) =B ()

exists between t, and &,. The parameters B and f, which are constants for single
stress and temperature conditions, can, as we will see, be highly dependent on
environment. Interestingly, if B is unity, Eq. (3) reflects a strain-controlled
criterion for stress rupture (i.e., B is then a function of stress rupture ductility).
Itappears then thatfor a given system and environment, it can be argued that as
the creep rateis manipulated through alloy or microstructural design, the stress
rupture life of the system will also be affected in a manner defined by Eq. (3) [i.e,,
as & is lowered, t, increases].

CLASSIFICATION OF CORROSION CREEP AND STRESS RUPTURE

Before beginning the task of compacting the environmental creep and
stress rupture literature, we introduce for bookkeeping purposes the terms
creep resistance factor, F, stress rupture life factor, F,, and stress rupture

www.iran-mavad.com
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Corrosion Creep and Stress Rupture 5

ductility factor, F,,, where

Fo= (@ - &) (4)
Fy=( - ()
Fp = (& —&)/e] (6)

The superscript 4 denotes behavior in air and E denotes behavior in an
environment other than air. Hence, positive F’s mean that air impairs the
property more so than the environment in question under the same applied
stress and temperature conditions. Conversely, negative F’s imply the inverse;
that is, the environment in question is more deleterious than air with respect to
the property in question.

Air is used as the standard for comparison only because historically most
of the creep and stress rupture tests have been performed in air. We are strict in
defining air as laboratory air. The definition does not encompass partial
vacuum or artificial levels of pure oxygen. This is still, however, an
unfortunately vague standard, as air may be wet or dry, and contain varying
amounts of pollutants and other airborne particles.

Based on the F’s, we take the first step toward compacting the
information on corrosion creep and stress rupture by offering the classification
scheme shown in Table 1 for use in this chapter, and perhaps, as a standard
scheme for future use. This table contains all possible combinations or types of
creep and stress rupture behavior patterns. For example, Type IA exhibits an

Table 1. Classification Scheme for
Corrosion Creep and Stress Rupture
Behaviors for Environments Other
than Laboratory Air Relative to
Laboratory Air®

Type F.

o
~
-]

1A —
IB
ITIA
IIB
1A
I11B
IVA
IVB

I+ + |

|
I+ + 4+ +
FlA 0+

+ +

“The F terms are defined by Egs. (4)-(6).
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6 J: K. Tien and J. M. Davidson

air-strengthening behavioral pattern, implying that the environment of
interest is more corrosive than air with respect to creep resistance (— F), stress
rupture life (—F,), and stress rupture ductility (— Fp). In all four types of
behaviors, the subtype designations A and B refer, respectively, to negative and
to positive stress rupture ductility factors.

CRITICAL REVIEW OF BEHAVIORAL TYPES

There is no lack of references concerning environmental effects on creep
and stress rupture in the literature.}* ~® There is, however, a lack of systematic
studies on the subject. In our search for information, the classification scheme
just introduced proved indispensable in sorting the scattered information.
In the critical review that follows, attempts are made to base the
environment—microstructure property correlations on the few available
systematic studies.

Type | Behavior

This behavioral pattern is one of the few that has been investigated
systematically in a rather complete parametric study,'* which was concerned
with air and vacuum (~ 10~ % torr) as the environments and a y'[Ni,(Al, Ti)]-
strengthened nickel-base superalloy as the alloy of interest. Although
constitutionally complex, the microstructure of this often-used class of high-
temperature materials is fairly straightforward, consisting of about 30-40
vol % of fine (~0.1 um) and periodically spaced 7’ particles within the grains,
with the grain boundaries strengthened against sliding by discrete particles of
refractory metal and chromium carbides sandwiched in a continuous y’ layer
that follows the grain boundaries. A schematic representation of a typical
microstructure of the material studied is shown in Fig. 2. It should be noted
that the grain size of the system studied was 300 um. As will become evident,
grain size is very important in environmental creep.

The Type 1A behavior is clearly illustrated in Figs. 3 and 4, which
compare typical creep curves of this superalloy in air and in a vacuum of
10~ 3 torr at 760°C (~0.65T,,) and at 982°C (~0.75T,,), respectively. The
values of the creep parameters, o;,, n, and Q¥, and the stress rupture
parameters, § and B, are tabulated in Table 2 for vacuum and air conditions at
760°C as well as 982°C. Also, although the trends cannot be simply expressed,
the primary creep strains were observed to be higher in vacuum than n air (Figs.
3 and 4).
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Corrosion Creep and Stress Rupture 7

Fig. 2. Schematic illustration of a typical nickel-base superalloy microstructure showing
homogeneous distribution of y’ precipitates in periodic cube arrays in a ; solid solution, and grain
boundary carbides sandwiched between .

As can be seen from Egs. (2) and (3) and the data bank in Table 2, for this
system air strengthened the alloy during steady-state creep. This strengthening
appeared to be manifested in creep mainly through the apparent stress exponent
n, and higher values for the internal stress, o;. The activation energies for creep
remain, however, fairly invariant with test environment.

Fig. 3. Comparison of creep curves in air, vacuum
(10~ %torr), and air with surface deposits of sodium-
sulfate of polycrystalline superalloy of 300-um grain size at
760°C and 483 MN/m? tensile stress. Vacuum: F. = 0.85,
F, = —0.61,and F, = —0.81. Na,SO,: F. = —0.26, F,,
= +0.06, F, = —0.66. (After Aning.'*)
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8 J. K. Tien and J. M. Davidson

Fig. 4. Comparison of creep curves in air, vacuum (103

torr), and air with surface deposits of sodium sulfate of

polycrystalline superalloy of 300-um grain size at 982°C

: : and 108 MN/m? tensile stress. Vacuum: F, = —0.36, F, =

0 0O 200 300 400 063, F, = —063. Na,SO,: F, = —9.44, F, = —093,
Time (hours) F, = —0.67. (After Aning.'*)

Strain®/e
onN pO®3 SR

The stress rupture behavior of the superalloy system with 300-um grain
size in vacuum and in air is also functionally compared in Table 2 and with the
use of Eq. (3). Air was observed to prolong stress rupture lives at both
temperatures (i.e., B is higher in vacuum than in air). The effect of air or
vacuum environment on stress rupture ductility of the superalloy is clearly
shown in Figs. 3 and 4. At both temperatures and over the entire stress range
studied (440-800 MN/m? at 760°C and 90-120 MN/m? at 982°C), stress
rupture ductility was lower in vacuum than in air.

In addition to the detailed study discussed above, Type IA behavior has
often been reported in other studies. It has been observed in air vis-a-vis
vacuum, ordinarily of 107*-10"®torr, in other superalloys like Hastelloy-
X,*5-1¢ in a single-crystal superalloy,'” in large-grained (1-2mm grain size)
Udimet-700,'72! and in nickel and various other nickel-base alloys,?273°
magnesium alloys,*! and in silver-containing trace impurities.3?3* Although
the low oxidizing test environment is usually vacuum, Type IA behavior has
also been reported for such nonoxidizing, or experimentally very low oxidizing
environments as argon®#3> and helium.¢38 Also, it has recently been shown

Table 2. Experimental Creep Parameters of Udimet-700® Tested in Air
and Vacuum at 760°C and 982°C'*

760°C 982°C
Parameter Air Vacuum Air Vacuum
n 7.64 4.86 6.75 6.32
0.* (KJ/mol) 313.8 304.6 367.9 3239
B 1.31 3.31 0.68 1.13
B 45x 1073 1.7 x 1072° 4.26 136 x 1074
6, (MN/m?) 245 117 45 38

“Grain size: 300 ym.
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Corrosion Creep and Stress Rupture 9

for vanadium alloys that Type IA behavior becomes more pronounced with
ultrahigh vacuums (~10~° torr).>®

NaCl environments have been observed to lead to creep weakening with
respect to air of a cobalt-base alloy and of a thoria dispersion-strengthened
nickel-chromium alloy.#° Also, deposits of sodium sulfate,!* lead oxide,*! oil
ash,*? vanadium ash with and without nickel sulfide additions,** and
atmospheres of SO,***** have been observed to lead to Type IA behavior
when compared to air.

Type IB behavior, where there is air strengthening but where the ductility
is enhanced in the absence of air, has been observed in the creep and stress
rupture behavior of certain commercial steels (DM 45, AISI 304, S-816) in air
vis-a-vis nitrogen and vacuum (10~ *torr).>* Another example of Type IB
behavior is that of 304 stainless steel in pure oxygen as compared with air.®>
This result illustrates that pure oxygen might not necessarily affect creep
properties in a fashion similar to air.32:33:3545

Again, the difference between A and B subtypes rests solely with the
relative effects of an environment and of air on stress rupture ductility. There
are indications in the literature, where, for example, vacuum can result in either
alowering of ¢,, Type IA, or enhancement of ¢,, Type IB, on the same system,>?
or in many cases ¢,’s were just not reported.*¢~*® There are no quantitative
explanations for this apparent controversy. However, it must be noted that ¢, is
very sensitive to the microstructure of the system, especially to the presence of
nonintentional inclusions which may vary from specimen to specimen.’

The decrease in creep rate, and subsequent increase in rupture life, Type
IA or B behavior, has also been observed in metals and alloys whose surface
scales are not oxides but rather coatings of other metals. For example, such
behavior has been observed in copper-plated zinc single crystals and
polycrystals and similarly plated single crystals of nickel.*® Type I behavior
has also been observed in a Ni—-20Cr alloy coated with a ceramic film,*° and
cadmium with hydroxide and plastic coatings.>!

Type |l Behavior

The type II behavior is the inverse of Type I behavior (i.e., creep behavior
characterized by air weakening instead of strengthening). Interestingly, Type
II behavior has been observed in superalloy in vacuum of 10~ > torr when either
the grain size became small, less than 300 um, or when the number of grains per
specimen cross section became sufficiently high, say, greater than five, or
both.'® 72! These data, however, are complicated by the fact that only grain size
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10 J. K. Tien and J. M. Davidson

was varied, rather than varying the grain size and specimen cross-sectional area
independently. It is difficult to distinguish from this set of studies whether the
behaviors were A or B type, since the stress rupture ductilities in air or vacuum
were found to be comparable.

In contrasting the coarser-grain superalloy behavior, which is discussed
above as Type I, with this set of Type II behavior in the same alloy, one comes
to the conclusion that there can be a transition between the Type I and Type I1
behavior with grain size or density of grain boundaries, or both!®-2! (Fig. 5).

In addition to these superalloy observations, Type II behavior has also
been observed in low carbon steels,*® mild steels,>? stainless steels,*>:337°6
Incoloy 800,3° and in nickel and other nickel-base alloys,?>"27-37-58 These
studies also establish that the transition between Types I and II can be
temperature- and stress-dependent,23>"27->3 as illustrated in Fig. 6. It was
observed with the nickel-chromium alloys that at lower temperatures, say, less
than 700°C, and at higher stresses, the creep and stress rupture behavior in
vacuum was Type II, whereas at higher temperatures and lower stresses, the
behavior was Type 1.23727 There is also the observation that steam strengthens
with respect to air during creep.’® Nitrogen has also been observed to
strengthen as a consequence of the formation of nitride scales in the absence of
oxygen.3#35 Finally, in thin stainless steel wires, vacuum of 10~ * torr has been
seen to be beneficial as compared to air.®°

Summary of Corrosion Creep and Stress Rupture Behavior

The compacted phenomenological knowledge discussed above certainly
does not leave one with the impression that all the major corrosion creep and
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Fig. 6. Minimum creep rate of fine-grained nickel (grain size
~ 200 ym) in air and vacuum (1077 torr) at 649 C and 816 C.
(After Shahinian and Achter.?®)

stress rupture effects have been observed or uncovered, since systematic
studies on the subject are still rare. In fact, Type III behavior has not been
reported in the mainstream literature and Type IV behavior has been
observed only rarely. The behavior was observed not in metals but in the
Si;N,- and SiC-type ceramics.! However, perhaps as a consequence of the
systematic classification that took place during the compaction described
above, certain trends do emerge, and we describe these next.

Creep Rate and Stress Rupture Life. The comparative environmental
studies show that these properties appear to vary inversely with each other,
which is consistent with the premise of a strain- or pseudo-strain-controlled
stress rupture rationale of the type shown in Eq. (3). The environmental effects
themselves, on the other hand, appear to be related to whether adherent oxide
scales are present, noting that the absence of oxide scales can result not only
from vacuum tests but also from tests in aggressive environments that can
dynamically destroy scales. Further, the external oxide scale effects appear to
become less significant when grain size becomes finer, or other internal effects
predominate.
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12 J. K. Tien and J. M. Davidson

Stress Rupture Ductility. This property depends strongly on system and
presumably on the initial microstructure and the hot-environment-produced
microstructural changes.

These phenomenological trends suggest that rationales for the behavioral
types rest with the effects of oxide scales, and other corrosion-related
microstructural and alloy chemical changes, on hot plastic deformation, crack
initiation, and propagation. In the following two sections, we present the
compacted knowledge on scale formation and on the effects of scales and other
hot-environment-caused microstructural and chemical changes on mechani-
cal behavior, including information from the literature in areas other than
creep and stress rupture. The discussion that follows these sections will
agglomerate the overall knowledge, and rationales will be presented and the
uncertainties noted for future research.

HIGH-TEMPERATURE CORROSION

What follows is by no means meant to be exhaustive, but merely sufficient
to introduce the reader without a corrosion background to some of the
fundamental concepts governing hot gas metal reactions. Of particular
interest here are the different morphologies and spatial distributions of the
reaction products, which directly determine the environmental interactions
with mechanical properties, as documented and explained in the section below
on oxidation- and corrosion-induced microstructural and chemical effects and
mechanical behavior.

Emphasis is accordingly on thermodynamics, as it is generally capable of
predicting what will form during the reactions, and where in relation to the
alloy surface these reactions are likely to occur.

We begin with simple oxidation which can be thermodynamically treated
as any other chemical reaction. In general terms the oxidation of a metal Me to
MeO, according to the reaction

Me(S) + %Ol(g) \——‘MCO(S, (7)

is governed by the Gibbs free-energy change AG accompanying the reaction

a
— AGo MeO 8
AG %o + RTIn @) ag )" ()

where a represents the activities of the three phases, and AG is the standard
free energy of formation of the particular compound. The spontaneous
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Corrosion Creep and Stress Rupture 13

forward reaction (oxidation) is expected for AG < 0, and the spontancous
reverse reaction (reduction) is expected for AG > 0. The special case for
AG = 0 defines the equilibrium condition between the metal and its oxide. By
equation a,, to the partial pressure of O,, P,,,, which at high temperatures and
low partial pressures is a good approximation, the oxygen partial pressure for
Me-MeO at temperature T can be determined from

Py, (Me-MeO ) = exp (+2AGy.o/RT) 9)

equilibrium
From AG versus T plots such as those introduced by Richardson and Jeffes,®’
we can determine the oxidation or reduction tendencies of metals or metal
oxides at various partial pressures of oxygen and temperatures.

This oxidation need not necessarily occur in pure oxygen gas, for
equilibrium Py,’s can also be achieved at high temperatures in gases such as
carbon dioxide:

CO,=CO0 + 10, (10)
or in the presence of water vapor:
H,O0=H, + 30, (11)

Oxidation reduction reactions for metals in these gas mixtures, as well as
equilibrium ratios for (CO/CO,) and (H,/H,O) for Me-MeO equilibrium
can be determined just as easily from the AG® versus T plots.®’

These simple thermodynamic considerations can also be extended to the
oxidation of alloys. During the initial stage of alloy oxidation, all oxide species
that meet the thermodynamic stability criteria [Eq. (8)] can form (Table 3).
The amount of each oxide species initially formed during this rapid uptake of
oxygen has been shown to be roughly proportional to the concentration of the
oxide-forming elements at the alloy surface®®°° (Fig. 7).

The formation of these surface oxide nuclei of various compositions is
only a transient phenomenon, however. As the oxidation reaction progresses
with time, the necessary and sufficient conditions for the initial oxidation
(oxide-phase stability) may no longer be sufficient to ensure the continued
growth of the oxide phases. This is a consequence of displacement reactions of
the form

Me,,O + Me, =Me,0 + Me,, (12)

which may occur as a result of relative oxide stability and long-range diffusion.
The more thermodynamically stable oxides (more negative AG°) may displace
the less stable oxides (less negative AG®), resulting in a layering of the oxide
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Corrosion Creep and Stress Rupture 15

Fig. 7. Transient oxidation microstructure of Ni-10Cr-1Al
oxidized for 20hr at 1000 C in 0.1-atm oxygen, showing
transient formation of thermodynamically possible oxides
NiO, Cr,0,, and Al,O,. (After Pettit and Tien.”*)

phases. Because the partial pressure of oxygen is expected to decrease away
from the oxide gas interface, increasingly more stable oxides generally lie
nearer the alloy oxide interface.

With time and a sufficient metal supply, the most stable oxide phase is
expected, thermodynamically, to displace all other oxides above it, the final
steady-state stage of oxidation being reached when this oxide covers the alloy
substrate. Isothermal stability diagrams are commonly used to represent this
stable oxide as a function of oxygen and alloying element activity.”® If this
stable oxide is also slow-growing (i.e., protective) it will obviously afford more
oxidation resistance to the alloy than will a fast-growing oxide—a definite
consideration in alloy design for oxidation resistance. Such a scale (Al,O5) is
shown in Fig. 8. At elevated temperatures, protectivity as measured by the
diffusivity of oxygen through the scale is generally highest for Al,O,, then
Cr,0,, and then the nickel and iron oxides.”*"7*

The kinetics of oxidation are also generally related to the oxygen partial
pressure through an exponential of the form

oxidation rate oc P, '/ (13)

where n ranges from 2 to 6, depending, of course, on the oxide species, its
morphology, and the defect structure.”®
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16 J. K. Tien and J. M. Davidson

Fig. 8. Steady-state oxidation microstructure of Ni—20Cr-4Al
oxidized for 20hr at 1200C in 0.1atm oxygen showing only
thermodynamically most stable oxide Al,O;. (After Pettit and
Tien.”?)

As mentioned, formation of the most stable steady-state metal oxide
requires a sufficient supply of that metal at the alloy surface. This necessary
and sufficient supply is often minute (e.g., only 1 ppm Al is necessary in nickel
for the sole formation of Al,O4 on the NiAl alloy in air between 900 and
1300°C7°). Nonetheless, kinetics as well as internal oxidation can prevent the
formation of this stable oxide. Again, in the case of Ni—Al alloys, it has been
demonstrated that if the diffusion of aluminum within the alloy is slower than in
the oxide, aluminum may be depleted to the extent that other oxide phases, such
asNiO or NiAl,O,, are stable.”® In alloys with dilute concentrations of the least
noble element, nuclei of this most stable oxide might be overrun by a less stable
oxide and incorporated as discrete particles into the oxide scale.”® With such an
alloy, the formation of internal oxide particles of the least noble element is also
likely, aslong as the solute concentration is below a critical limit.”® This internal
oxidation is further promoted by low diffusion coefficients of the solute in the
alloy and a high oxygen partial pressure in the gas.”® However, in gas mixtures
with a very low oxygen activity, the inability of alloys to form protective
adherent scales often results in internal corrosion.3® 38 The size, shape, and
distribution of these internal oxides vary with the systems and condition of
interest, although smaller particles tend to form with the more stable internal
oxides, and all particles tend to be more highly concentrated at grain
boundaries.””>78 ,

It is worth mentioning here that loss of oxide protectivity might also
occur due to the repeated spallation of these stable scales, thereby allowing
accelerated oxidation of the less stable oxides on the bare alloy underneath.”?
Vaporative losses might also impair the formation of a thin protective scale,
particularly with Cr,O,-bearing alloys,”® although, interestingly enough,
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Corrosion Creep and Stress Rupture 17

vaporization of Cr,0, on some Ni—Cr~Al alloys has been observed to actually
promote protectivity by allowing the formation of a thin single Al,O, scale on
these alloys.%®

When we are investigating the high-temperature reactions between
metals or alloys and gases that not only oxidize but also sulfidize, carburize,
etc,, it is necessary, as in the case of mixed oxide phases on alloys, to resort to
isothermal stability diagrams that show the thermodynamically stable
corrosion product for varying partial pressures of the different gases (see, e.g.,
Ref. 80). Because most metals have a greater affinity for oxygen than other
oxidants, corrosion products formed on metals and alloys in any hot
environment that contain even a small percentage of oxygen should be
predominantly oxides.”? For this reason, much of the later sections will be
concerned with the effects of oxides on creep and stress rupture, which should
by no means suggest that carbides, sulfides, and nitrides might not affect these
properties in a similar manner. As in the case of mixed oxides forming on alloys
in oxygen, thermodynamic predictions of stable phases might be modified by
kinetic or spatial considerations. Furthermore, many industrial environments
develop particularly pugnacious condensed phases that might often be
coupled with localized physical attack of protective oxide scales, so that alloy
corrosion behavior is far from what is thermodynamically expected.

In the presence of deposited ash such as Na,SO, on the alloy surface, as is
common in jet(gas)-turbine and coal gasification applications, oxidation often
becomes accelerated or even catastrophic—a phenomenon generally referred
to as “hot corrosion.”®!-?3 Vanadium pentoxide,®*:8% in the presence or
absence of Na,SO,, has also been shown to accelerate oxidation and flux
away oxide scales when it is in liquid form. Although some workers consider
the sulfur in Na,SO, to be the deleterious species,®*°° others point to the
activity of the Na,O in the Na,SO, to be the critical factor in hot
corrosion.”?8%-88 Ags mentioned, sodium chloride has also been suggested as a
likely culprit in the degradation of oxide scales.?”

Although the mechanism of hot corrosion attack is still controversial, it
appears that the presence of a liquid phase from any ash deposit can destroy
the integrity of adherent oxide scale barriers, resulting in porous, nonadherent
surface phases that are often accompanied by internal sulfides and oxides.?! A
typical chronology of hot corrosion attack, elegantly shown in microstruc-
tural form, is given in Fig. 9.93

In hot carbonaceous atmospheres such as CH,/H, and CO/CO,, carbon
may be dissolved interstitially into an alloy,’* or, in the extreme of saturation, >
may appear as carbides in the alloy. Similarly, in carbon-containing alloys, the
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20 J. K. Tien and J. M. Davidson

carbon activity of the environment may be such that alloy carbon is depleted
by reacting to form gaseous oxides or hydrocarbons. A catastrophic form of
carburization known as “metal dusting” has been reported for iron- and
nickel-base alloys between 425 and 800°C.°%-°7 This highly localized form of
attack and pitting generally occurs at areas stripped of their protective oxide
scales, which are carburized and subsequently mechanically®® or chemically®’
broken down to dust composed of graphite, metal, and mixed oxides and
carbides. The thermodynamics and kinetics of nitrogen dissolution in alloys as
well as nitride precipitation®® and the formation of surface nitride scales®®
have also been thoroughly investigated.

Finally, when an alloy is in a state of stress, as during creep applications,
one should consider the possibility of applied stress affecting the
thermodynamics and kinetics of oxidation or corrosion.'®®~!12 Stress has
been suggested to affect corrosion rates through its influence on kinetic rate-
law transition,'%® although such proposals are in dispute.'®® Furthermore,
various theories!®! and experimental observations®>:1%® indicate the
possibility of enhanced corrosion kinetics due to the rupturing of surface scales
of corrosion products by the applied stress. Recent work on the corrosion of
heat-resisting CoCrAl and NiCrAl alloys, with and without yttrium additions,
which promote oxide adherence,'!! have shown that although extreme
compressive deformation can lead to ridging and cracking in the Al,O, scale,
the amount of subsequent spallation and reoxidation, and hence the oxidation
kinetics, were not significantly altered.!*®

On the more microscopic scale, environmental penetration and oxidation
kinetics have been observed to increase in localized areas where microcracks
appear at the alloy surface,!+18721:103.110 an4q at grain boundary/external
surface intersections.!*!°” As mentioned, grain boundaries can be rapid
diffusion paths for the corrosive environment, and deep penetrations of
oxidation or corrosion product phases are frequently observed down grain
boundaries (e.g. Refs. 14, 18-21, and 107).

OXIDATION- AND CORROSION-INDUCED MICROSTRUCTURAL
AND CHEMICAL EFFECTS AND MECHANICAL BEHAVIOR

The complexities and variants in structural and alloy chemistry changes
produced in hot environments are perhaps best illustrated in Figs. 7-10.
Certainly, the changes are not simply restricted to a few surface atomic layers,
since the oxidation- or corrosion-affected zone is usually on the order of tens of
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Fig. 10. Micrographic comparison of external surfaces of superalloy
creep tested at 982°C, 108 MN ~2in (a) air and (b) vacuum (1073 torr)
for 315 and 110hr, respectively. Note altered surface layer
microstructures as well as the presence of oxide scale in the air case.
(After Aning.'%)
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22 J. K. Tien and J. M. Davidson

microns and is basically determined by the diffusion penetration distance of
oxygen into the alloy and of alloying elements undergoing selective oxidation.
In the general case, as one proceeds inward from the gas—oxide interface, the
microstructural and chemical changes encountered are (1) an external oxide
scale, (2) a zone enriched with environmental elements in solid solution, (3) a
subscale of oxide particles, and (4) a zone depleted of alloying elements which
have been selectively oxidized, which may manifest itself as a zone depleted of
strengthening precipitates. Further, as mentioned, oxidation may be
preferential down chemically active short-circuit diffusion paths such as (5)
grain boundaries and (6) crack faces. In the case of cracks, one can treat the
crack surfaces as free surfaces, and all the changes itemized above can take
place perpendicular to these surfaces and the crack tip, although gas activities
might be significantly altered by the tip morphology.

It would be nearly impossible to predict how the various structural and
chemical changes will affect mechanical behavior in general or creep and stress
rupture in particular, even if these changes are quantitatively documented.
This is because, synergistic effects aside, many of the changes discussed have
been observed to be either deleterious or beneficial, depending on the alloy
system. In what follows, we discuss, drawing from a broad spectrum of studies
(many of which are not creep and stress rupture studies), the known effects of
these microstructural and chemical changes on mechanical behavior.

Surface Coating, Scale, and Residual Stress Effects on Dislocation
Production and Mobility

In the 1950s and the early 1960s, a considerable amount of work was done
on the role of surfaces, including overlay coatings and oxide scales, on metal
and alloy mechanical properties. Although much of this work did not involve
creep or stress rupture, it is nonetheless of interest here since it speaks directly
to the sensitivity of dislocation production and mobility to surfaces and scales.
It serves no purpose in the context of this chapter for us to undertake an
extensive review of all the experimental observations. The really interested
reader is referred to the excellent reviews by Kramer and Demer,!!3
Machlin,!'* Douglas,!!® or Westwood.!!® In what follows we select those
investigations that bear more directly on the question at hand.

Roscoe'!” in 1934 was one of the first to note a surface effect on
mechanical properties. He observed that the critical resolved shear stress of a
cadmium single crystal was reduced by a factor of 2 when an external oxide
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Corrosion Creep and Stress Rupture 23

scale developed on the crystal was removed. Since this work, numerous
investigators have studied the role of oxide, ceramic, or metal coatings on the
shear stress,''®~'2! twinning stress,'??'23 the shape of the stress—strain
curve,!1?12! microscopic deformation characteristics,'?!-'?? fracture,!?*
internal friction’?* and abnormal strain recovery effects,’>® and even in a very
few cases the fatigue and creep behavior of a wide variety of single crystals and
polycrystals.127:128

The resulting theories and supporting experimental observations can be
classified into two main categories:

Production of Dislocations

It can be easily shown that it would require twice the stress value to
activate a double-ended Frank-Read type of dislocation source than a single-
ended source."*? It is proposed that single-ended sources should predominate
at free and clean surfaces, since any mobile dislocation half-loop intersecting
the free surface can potentially be a source.! '* Hence, clean surfaces are viewed
as potent sources for dislocations. Conversely, this situation is neutralized
when a coherent coating or scale covers the free surface.! ' In other words, a
heavily oxidized surface is not considered a preferred region for the production
of dislocations. That free surfaces are potent sources for dislocations, and
coated surfaces are not, is confirmed, for example, through interpretations of
the initial plastic flow behavior of silver-coated versus noncoated copper!'!®
and oxidized versus unoxidized or polished aluminum single crystals.!2’

Mobility of Dislocations

Adherent scales or coatings are also shown to provide strength through
resisting the escape of edge dislocations from the surface,'?? and motion of
screw dislocations intersecing the surface.''* Simple image-force analysis
indicates that the opposing stress due to a surface scale is proportional to
[(us — p)/(ug + 114)1,"2° g and u, being the shear moduli of the scale and the
alloy, respectively. Conceivably this stress can be an attractive stress if the
elastic modulus of the scale is less than that of the substrate. However, this is
usually not the case when the scales are oxides or other corrosion products.
That this restraining stress may exist is supported, for example, through
ambient temperature plastic deformation results from studies on copper-
plated zinc crystals,'?? oxidized aluminum crystals,'2! and oxidized cadmium
crystals'?> and polycrystals.!2® Although not yet documented, one would
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24 J. K. Tien and J. M. Davidson

expect this effect also with respect to grain boundary sliding in that such
sliding—or grain rotation—does result in surface steps.

Surface stresses may evolve during high-temperature corrosion through
any combination of stress sources including thermal mismatch strains and
oxide growth strains.!®! Thermal growth stresses can arise during
temperature change because of differences in thermal expansion between the
oxide and the metallic substrate and can be approximated as’*

o = —E (T, — Ty)(ay — ) (14)
T+ (EJED(,/t)]10 = v)
‘75 _ E (T, — Tf)(“A —a,)
T+ (ELE) (/1)1 —v)

(15)

where ¢! and o, are the normal thermal stress in, and average expansion
coefficient of, the oxide, respectively; ¢/, and « , are the normal thermal stress in,
and average expansion coefficient of, the alloy substrate, respectively; T, and T,
are theinitial and final temperatures of the composite oxide and substrate, and v
is the Poisson ratio, assumed to be invariant with material. Table 4 tabulates
elastic moduli, o’s, and Aa’s for various often encountered oxide and metal
systems.

Oxide growth stresses may arise because of volumetric differences
between the oxide scale and the metallic substrate, although the magnitude of
such stresses can be diminished by anisotropy factors and the outward flux of
metallic cations.’*? If we assume perfect isotropy and oxide growth by the
inward diffusion of oxygen, we might approximate the growth stresses in the
same manner:

O'G _ _lzo[(VR)ll3 - 1] (16)
° [+ (E/E ) (t,/t)1(1 — v)
1/3
PR F (A )

T+ (EJE,) (1)1 — v)

where 6% is the normal growth stress in the oxide scale and ¢% the normal
growth stress in the alloy substrate, and V; is the ratio of the unconstrained
atomic volume of oxide to that of the alloy, also known as the
Pilling-Bedworth ratio.!*33

The sense of the stresses in the oxide and in the alloy is of interest since it
will determine whether these stresses will add to or subtract from the
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superimposed applied stress. As can be seen from Eqgs. (16) and (17), except in
the MgO/Mgand LiO/Li cases, which are rarely found in commercial systems,
the growth stress is always compressive in the oxide and tensile in the
substrate. From Eqs. (14) and (15) and Table 4, we see that the thermal stress is
usually compressive in the oxide and tensile in the substrate during down-
quench, and vice versa during up-quench. The NiO/Fe system is one
important exception to this generality. Hence, depending on the sense of the
applied (mechanical) stress and the sense of the temperature change during a
mission, the growth or thermally induced residual stresses in the substrate can
be either deleterious, in the case that they add to the applied stress, or
beneficial, in the case that they subtract from the applied stress, to creep
resistance.

If we use Eqs. (16) or (17) and calculate 6%'s, we find that for all V;’s and
except in cases of vanishing oxide thicknesses, the calculated values are on the
order of hundreds of thousands, if not millions of psi, which should invariably
fracture the alloy substrates. Such stresses may indeed affect surface cracking,
but massive alloy fractures due to these stresses have not been reported. In fact,
the yielding of these unrealistically high values by the standard growth stress
expressions strongly suggests that the expressions may not be altogether
realistic. At high temperatures the growth strains can conceivably be
accommodated by localized flow in the alloy or even in the oxide itself, which
would diminish the stresses to the level of the at-temperature flow stress in
either phase. One major problem with these growth stress expressions is that
they implicitly assume that the interface between oxide and alloy substrate is

Table 4. Young’'s Modulus (E), Thermal Expansion Coefficient («), and Ax between
Oxide-Oxide and Oxide—Metal Combinations’#187-188

Thermal Ax(107°/°C)
Young’s expansion
modulus coefficient
(10° MN/m?) (107%/°C) Al,O; Cr,0; FeO NiO Ni Fe
353 8.1 Al O, 0 —-08 +41 +9.0 +95 +72
276 7.3 Cr,0, +0.8 0 +49 +98 +103 +80
172 12.2 FeO —4.1 —49 0 +4.9 +54 +31
317 17.1 NiO -9.0 —-98 —49 0 +05 -—18
149 17.6 Ni -95 -103 -54 -05 0 —
138 15.3 Fe -72 -80 31 +1.8 — 0
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coherent (ie., there is expitaxy or coherent matching of lattices across the
interface, with the volumetric differences being accommodated by interfacial
coherency strains or stresses). Although some degree of coherent matching
may be possible in the very early stages of oxidation, a mature oxide scale, with
its crystal structure and chemical nature so unlike that of metals, would most
probably be separated from the alloy substrate by an incoherent interphase
boundary. In such cases, ¢° can no longer be calculated from Egs. (16) and
(17). Infact, in the extreme the volumetric differences would be accommodated
sharply across the now-incoherent interface—in which case the growth
stresses, in oxides or substrates, would be small.

From this discussion we conclude that the magnitude of the oxidation
residual stresses, due to either growth or thermal inducement, could be on the
order of the at-temperature flow stress of that material, with the senses of the
stresses given by the appropriate expression in Eqs. (14) through (17). These
stresses should be considered to be superimposed onto any applied stress when
discussing the effects of oxidation or oxide scales on mechanical behavior of
alloy substrates, when the oxide scales remain integrally attached to the
substrate.!3* For example, oxide growth stress-generated creep strains of up
to 2%, have been observed in stainless steel wires after applied stress free
exposures at around 1000°C.'3¢

The question of adherence can be important to corrosion creep and stress
rupture, since there will certainly be no scale effects on mechanical behavior if
the scales spall off the alloy substrates. We have discussed that hot corrosion is
certainly a means for oxide scale detachment, if not complete spallation.
Spallation can also be caused by the thermal stresses discussed above. The
various mechanisms of oxide spallation, including those due to ductility
exhaustion, creep, and fatigue modes of spallation, have recently been
reviewed.!3* Experimentally, except in cases when rare earth alloy additions
are added to promote oxide adherence,'!? oxides are seen to spall from, for
example, Ni-20Cr—4Al-type alloys after only one cycle between 300°C and
ambient temperature.!33

In addition to the major scale effects noted above, it has been proposed
that the properties of the substrate material near the surface can be affected by
surface changes. For instance, adsorbed gas atoms can affect the elastic
modulus of a thin ( ~ 30- oc) near-surface layer and the lattice parameter of this
layer.!'* This type of effect has been cited to explain aqueous adsorption
effects on surface weakening in selected nonmetallic solids,'*® and is
illustrated quite dramatically in Fig. 11 for the reduction in elevated-
temperature rupture strength of silver wires, especially the thinner wires, in
various gaseous atmospheres.*3’
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Fig. 11. Percent reduction in rupture strength of silvér wires in
carbon dioxide, argon, and hydrogen environments relative to
vacuum at 300°C as a function of the reciprocal of specimen size,
S7!. Note the increased weakening for smaller specimen
diameters. (After Forestier and Claus.!7)

Zone Enriched with Environmental Elements and Vacancies

Although corrosion reactions are normally confined to external alloy
surfaces, particularly on the more-corrosion-resistant structural alloys, the
diffusion of gaseous elements can certainly extend far below the surface to a
distance on the order of (Dt)'/%, D being the at-temperature diffusivity of the
gaseous element into the alloy and ¢ the time of environmental exposure. One
must consider, then the possibility of these environmental elements affecting the
mechanical behavior of the subscale regions.

Interstitial oxygen, formed at oxygen partial pressures too small to
produce continuous surface oxides or internal oxidation, has been observed to
improve the creep resistance of 304 stainless steel,®> iodine—titanium, and
impure silver.32:33

Somewhat on these same lines, it has been suggested!3%:14° that the
process of oxidation itself might induce solid-solution weakening by the
injection of vacancies into the alloy substrate, as well as promoting the
formation of deleterious voids. An example of void formation due to vacancy
condensation has been observed in nickel aluminum alloys.!*! These
Kirkendall vacancies and voids may very well enhance both the diffusional
and dislocation aspects of creep, in a manner similar to high-density
irradiation production of excess vacancies, which, in addition to being
responsible for the notorious voids-related swelling effects,!?> have been
observed to enhance creep rates.!*3
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Internally Formed Particles

Perhaps somewhat more ostentatious and apparent in the subscale
region is the reaction of the diffusing gaseous elements with the more highly
oxidizable (in terms of AG®) alloying elements to form internal oxide particles:
an example is shown in Fig. 7. It has long been recognized!** '*° that
internally formed corrosion particles can increase ambient temperature alloy
hardness and tensile properties in a manner similar to the intentionally oxide
dispersion-strengthened (ODS) alloys.>*4® In addition to oxides,!3°~154
resistance to creep due to internally formed corrosion-product particles has
also been observed for internally precipitated carbides®#!3°7152 and nitrides
in alloys containing iron or chromium,!52:135-157

Recent creep work has been performed on type 304 stainless steel that had
been exposed to flowing liquid sodium at 600-700°C with only 0.4-0.8 ppm
carbon, which fairly well simulates the heat transport system environment in
prototype liquid metal fast breeder reactors (LMFBR).%? This particular test
environment was found to be carburizing, which not only increased the
percentage of atomic carbon but also the precipitation and growth of carbides.
This carburization led to improved creep resistance (i.e. lower creep rates and
longer stress rupture lives), as compared to unexposed specimens, when tested
in purified argon after exposure. Interestingly, it was also determined in this
study that the apparent stress exponent, n, for steady-state creep increased from
~ 6 for the unexposed steel to 10.7 for the steel carburized at 600°C in the liquid
sodium.

Unfortunately, whereas internally formed particles may enhance creep
resistance and stress rupture lives, they correspondingly reduce stress rupture
ductility.® For example, whereas the typical stress rupture ductility of a Ni—Cr
solid solution alloy is about 45%;,2” it is only 1-9%, when oxides are present as
strengtheners.®> Although the reason for this deleterious effect is not well
known, it is believed to be related to enhanced work hardening and local
hydrostatic tension, and hence earlier void or microcrack initiation at the
oxide particle interface.3:158

Zones Depleted of Alloying Elements and Precipitates

The selective oxidation that occurs during scale and subscale formation
can result in a subscale chemistry change which, in the extreme, can result in
the dissolution of strengthening precipitates. In reducing environments, for
instance, interstitial carbon may be lost through decarburization, or
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strengthening carbides might even be dissolved, thereby impairing the alloy
creep properties,®®193:159% a5 has been shown to be particularly important in
decarburizing liquid sodium environments for nuclear applications.!?
The loss of near-surface precipitates is particularly noticeable in oxidizing
environments in alloys where aluminum, a prime oxide former, is a major
contributor to strength through the precipitation of aluminum intermetallic
phases such as Ni;Al(y’), which is the major strengthening phase in the heat-
resisting superalloys. The depletion of these y’ phases is extremely apparent
during creep tests (e.g., Fig. 10a). It has also been observed,!* that a vacuum
environment at high temperatures can lead to a y’-enriched zone (Fig. 10b)as a
consequence of the evaporation of the more volatile elements such as
chromium. The effect of such affected layers on mechanical behavior, however,
has not been uniquely determined.

Grain Boundary Microstructural Changes

Except at very high temperatures, diffusion of gaseous species along grain
boundaries can be significantly more rapid than intragranular diffusion.”®!
Hence, the occurrence of the aforementioned solid-solution strengthening of
alloys may occur farther into the alloy at grain boundary regions than
elsewhere. Grain boundary solid-solution strengthening due to such diffusion
has in fact been observed in internal friction experiments'®? and in impact
tests.153:163 In the latter tests,'®3 a (Dt)!/? dependence of the diffusional
strengthening was confirmed, as well as the loss of potency of grain boundaries
as favored diffusional paths at very high temperatures.

Because the high-energy grain boundaries are preferential nucleation
sites for internal oxidation and precipitation, one would expect a higher
volume of area fraction of internally formed oxides, carbides, nitrides, etc., on
boundaries than in the matrix, resulting in strengthening and enhanced
resistance to grain boundary sliding creep.’-18721-14% An experimental study
on impure silver supports this hypothesis3*33; it also emphasizes that this
increased resistance to grain boundary sliding is bought at the price of
decreased stress rupture ductilities because grain boundary precipitates can
and do facilitate the formation of deleterious grain boundary
voids,33:3%:164.165 and subsequent crack initiation, leading eventually to stress
rupture.}4°

Many workers have observed complete oxide networks along grain
boundaries in alloys tested in high temperatures in highly oxidizing
conditions.?-3%154 The previous analysis of grain boundary strengthening is
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no longer valid in this case, in which the grain boundaries are replaced by an
oxide phase. Whether this replacement strengthens or weakens the alloy under
creep conditions is open to question, since both effects are found.?%-30:154

Finally, it is well established that grain boundaries can become
particularly susceptible to decohesion when a liquid phase appears along the
grain boundary-—as in liquid metal embrittlement.°-16% This effect could be
particularly noticeable in hot corrosive environments in which low-melting-
point eutectics are not uncommon (e.g., Ni,S,~Ni and CrS—Cr®"). Further, it
is known that adsorbed gases on boundaries which can, for example, diffuse
preferentially down grain boundaries at lower temperatures where corrosion
products are not expected to form can decrease surface energy and,
presumably, the cohesive force across a boundary.'¢7-16® This effect may enhance
grain boundary sliding and cracking.

DISCUSSION
Environmental Effects on Creep Rate

As might be readily discerned from the preceding sections, complete
parametric analyses of corrosion creep phenomena are few. However, these
few investigations, as well as comparison of results from environment related
creep tests performed at different laboratories, might suggest some consistent
corrosion creep trends related to environment, alloy systems, and
microstructure. These trends are most clearly discussed in terms of the
correlation between corrosion-affected microstructure and mechanical
properties just documented. These effects can be summarized with respect to
creep resistance in the form shown in Table 5. In principle, all these effects
should be considered in the rationalization of creep behavior of a system in
different environments, say, air vis-a-vis vacuum. However, depending on the
system, it is conceivable that some effects may be less significant than others.
For example. with reference to the investigations on Udimet-700,'%!8 27 in
the coarser grained superalloy which exhibits Type [ behavior, one can assume
that the grain boundary effects are less important than the other effects. This, of
course, is not true when one is considering Type II behavior where the systems
can be fine grained.

Again, Type I behavior is typified by air strengthening. More specifically,
for coarse grained nickel-base superalloy it appears that the environment
affected creep rate mainly through the stress-dependence term and not so much
through the temperature-dependence or activation-energy term. That
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environment did not affect the temperature dependence of creep is not
surprising, since one would not expect a surface environment to result in a
drasticchange of the thermally activated processes of dislocation motion, which
are usually rate-controlled by vacancy self-diffusion. That environment did
affect the stress-dependent term is interesting. Although the precise meaning of
n is presently not understood, particularly with reference to complex particle-
strengthened alloy systems, many phenomenological theories for steady-state
creep attribute the n to the combined stress sensitivity of mobile dislocation
density, p,,, and dislocation mobility, M, such that

puM o [0,/E(T)] (18)

Although there is as yet no first-principle understanding of pM as it applies to
creep, a lower n can certainly imply that dislocation generation and/or the
stress-dependent aspect of dislocation mobility is inhibited.

This inhibition is perhaps more clearly understood in terms of internal
back stress [Eq. (2)]. If we assume that the same dislocation creep mechanisms
operate in both the air and vacuum systems, then by setting n' = 4, as

Table 5. Summary of Expected Corrosion Effects on Creep Resistance

Enhancing creep resistance (—o) Reducing creep resistance (+o.)
Adherent oxide scale Removal of oxide scales
Residual stresses’ due to up-quencing Residual stresses® due to

down-quenching and
Oxide growth stresses’
Influx of gaseous interstitials into Outflux of selected solid
the substrate solid solution solution elements due to
selective oxidation or
evaporation
Influx of Kirkendall vacancies
with concomitant void formation
due to oxidation process

Internally precipitated oxides or other Dissolution of strengthening
corrosion products precipitates due to selective
oxidation or evaporation
Reduced grain boundary (sliding) creep Enhanced grain boundary (sliding)
due to oxides at boundaries creep due to oxygen at boundaries

2 Exceptions noted in the section, “Oxidation- and Corrosion-Induced Microstructural and Chemical
Effects and Mechanical Behavior.”
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predicted by recovery creep theories,'? for all tests, o; values as listed in Table 2
are obtained. Apparently, oxidation in air increases this internal stress (e.g., at
760°C, the internal stress in air is 245 MN/m? while that in vacuum is
117 MN/m?). By comparing these internal stresses, one can speculate that the
average internal stress due to the surface oxide film is approximately
128 MN/m? for the polycrystalline alloy studied, which seems to indicate that
the deformation of the region near the oxide—alloy interface could be very
important in the creep tests in air for the grain size (300 um) tested.

As suggested in the previous section, strengthening might also arise from
internal effects, particularly dispersoid-type strengthening due to internal
oxide (carbide, nitride, etc.) precipitates. Consistent with surface-film-
strengthening mechanisms, the study®? on the creep strengthening of stainless
steel due to internal carburization found that n increased from ~6 for the
uncarburized steel up to 10.7 for the carburized steel. Here again, the increase
in n probably reflects a greater internal opposition stress, which has also been
found in superalloys mechanically alloyed with oxide dispersions.!?

One way of including such effects in the creep equation [Eq. (2)] would be
to add an environmental dependent back stress term o,

8= A"[(0,— 0, + 6,)/E(T)}"exp (— O*/RT) (19)

g, will then be the algebraic sum of the different surface back-stress terms when
more than one contribution is expected. A plus sign would imply
environmental weakening; a minus sign is appropriate in the case of
environmental strengthening.

Many of these o, terms have yet to be defined quantitatively, or even
qualitatively. Nevertheless, we postulate that some effects should become
predominant with various alloy systems, microstructures, environments, and
states of stress. For example, in applying this particular means of
rationalization to the major observed Type I behavior, namely, those studies
involving the fairly coarse grained nickel-base!* 18721 superalloy, we make the
following observations with respect to the effects in Table 5. In such a
strengthened system as this alloy (1033 MN/m? tensile strength even at
760°C*¢?), we do not expect any of the solid solution effects to significantly
affect the internal stress of the system; and, as mentioned, we choose to neglect
the grain boundary effects. Instead, it is presumed that the major effect is
expected to be associated with the ¢.’s of the type defined in Eq. (19); i.e., air
strengthening of this system is through opposition to dislocation generation
and movement by the adherent oxide scale, which develops during creep in air
and not during vacuum creep (Fig. 10a and b) or creep in hot salt
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environments.!* The photomicrographs in Fig. 10, for example, further show
that after either air or vacuum creep, the surface substrate layers are
progressively becoming single-phase—y in the case of air, probably through
the selective oxidation of aluminum and titanium, and y” in the case of vacuum,
as a consequence of chromium evaporation. In either case neither of the
surface layers are precipitation-strengthened; that is, these effects will tend to
be self-cancelling when one is qualitatively trying, as we are doing now, to
rationalize the vis-a-vis creep behavior of the system in air and in vacuum.

This is not to say that all environments other than vacuum will behave
like air. As mentioned, helium environments containing trace impurities might
also induce Type I behavior, because the oxygen content of this environment is
often very small, or even immeasurable.!°* Air strengthening might also be
eliminated through degradation of adherent oxide scales by NaCl
environments*® or hot corrosive ash deposits.!#4> But in considering such
environments, we must be careful not to confuse surface effects with any
internal or otherwise localized effects that may be operative simultaneously. It
has been suggested that the creep weakening often observed in helium test
environments are, in fact, related to solid solution effects,”® or the prevalent
formation of internal corrosion products'®# that weaken the grain boundaries.
Certainly, in hot corrosive environments, loss of creep resistance may be
directly related to the localized nature of the corrosive attack as well as the
subsurface penetration, particularly along grain boundaries, of molten salts, as
depicted in Fig. 12. Support for this assumption might be found in work on the
creep weakening of Inconel-700 in vanadium ash, which was found to be more
significant when the ash contained a low-melting nickel/nickel sulfide
eutectic.*®> Also, comparison of Figs. 3 and 4 reveal that hot corrosive creep
weakening due to sodium sulfate deposits was found to be effective only above
the melting point of the deposit.!*

Again, Type II creep behavior is exemplified by air weakening and, as
discussed, it was seen in the nickel-base superalloy with sufficiently fine grain
size,'® 2! becomes and, as mentioned, in other nickel-base alloys when the test
temperature was low or the stress was high.>3730

A major unknown quantity in the creep and stress rupture behavior of the
usual polycrystalline structures, even in cases where the environment is not a
variable, is the interplay between intragranular or dislocation creep and such
grain-boundary-related creep modes as grain boundary sliding and diffusional
creep. Such interplay, which is expected to include mutual accommodation
processes,' %1 7! will, of course, be grain size dependent. It is no surprise, then,
that one of the major observations in corrosion creep and stress rupture is the
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grain size-dependent transition between Type I and Type II behavior. This
becomes clearer if we again refer to Table 5. In the same material system, air
strengthening of intragranular surfaces might be increasingly opposed by air
weakening of surface-connected grain boundaries as grain size becomes finer,
and intergranular (grain boundary sliding) creep becomes the dominant creep
mode, leaving the grain boundary effects in Table 5 as the important ones.
Further, as discussed, oxidation or air penetration along the boundaries could
enhance grain boundary sliding through, say, a reduction of the cohesive
forces.?®-3%-3% The first premise is reasonable and has been seen for single-
phase systems.!”°

The validity of the second premise, that air environments can enhance
grain boundary sliding, is supported by recent work on the air versus vacuum
creep behavior at 760°C of a high volume fraction y’ strengthened nickel-base
superalloy for which both grain size and specimen size were independently
varied.!”? For that system, in which grain boundaries were kept fairly free of
strengthening carbides, air weakening was observed. Expectedly, in that study,
specimens with coarse grains (275 um) were found to be more creep resistant in
air than were specimens with fine grains (100 um). In contrast, for tests in
vacuum, creep was found to be fairly insensitive to grain size. This is indeed
consistent with the rationale of enhanced grain boundary sliding due to air
penetration, which is also supported by grain boundary offset observations of
larger grain boundary sliding contributions to total creepstrain in air compared
to vacuum. Interestingly, for specimens of the same alloy system aged to
precipitate carbides along the grain boundaries, the air weakening behavior was
no longer observed; instead, air strengthening occurred. These results can be
rationalized based on the surface oxide scale strengthening which is expected to
be effective when grain boundaries are constrained against sliding, as is the case
with grain boundaries pinned by carbides or, as discussed, when grains are very
coarse or when grain boundaries are altogether eliminated, as in single crystals.

As both grain size and specimen size were independently varied in that
study,!’? the number of grains per cross-section parameter was also
investigated, based on numerous grain size/specimen size combinations. No
clear correlation between creep rate and the number of grains per cross section
was noted in either air or vacuum. However, for nearly all of the grain
size/environment combinations, thick specimens were observed to be more
creep resistent than were thin specimens. For creep in air, this phenomenon can
be attributed to the greater proportion of specimen grains, and hence grain
boundary channels for air penetration, at the surface for thin specimens. This
effectisin direct competition with surface oxide scale strengthening, which leads
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to greater creep resistance for thinner specimens.’!® On the other hand, for
creep in vacuum, that thick specimens were more creep resistant than thin
specimens is consistent with the existence of an intrinsically weak surface layer.
That is, in vacuum (10~ 6 torr) environments, external specimen or component
surfaces, with perhaps adsorbed gases but without oxide scales, can be
inherently less creepresisting than the bulk material, perhapsbecause of thelack
of geometric constraints at the alloy surface.

Many questions remain, even after these studies. Although air
environments appear to enhance grain boundary sliding, the nature of the
gaseous reaction along the boundaries, and the mechanism of enhanced
sliding, remain unknown. Also, surface oxide scale strengthening and its
profile away from the oxide—alloy interface have yet to be modeled in terms of
oxide scale and alloy thicknesses, and oxide integrity and adherency.
Furthermore, if one believes that the physical presence of an oxide scale can
cause strengthening of surface grains, one must also consider the state of long-
range growth and thermal stresses that this adherent scale would produce in
the underlying substrate and the effects of these stresses on creep and stress
rupture (see Table 5). If one considers the ideal situation of a shear stress at the
alloy—oxide surface being transmitted to the alloy as a normal compressive or
tensile stress, elementary mechanics predicts an inverse relationship between
creep rate and specimen diameter. This oxide stress effect can also either assist
or compete with the other surface effects. Certainly selected up-quench and
down-quench thermal treatments of creep specimens prior to creep can be a
means of determining the effects of thermal stresses on the creep and stress
rupture of oxide-covered systems. Also, transmission electron microscopy can
help in determining whether there are long-range stresses, and whether they
are of sufficient magnitude to cause significant dislocation activity.

The often-observed temperature- and stress-dependent transitions
between Types I and II behaviors are less easily rationalized, and are most
probably related to numerous variable parameters pertaining to oxide type
and morphology, creep mode, and alloy system. For instance, at higher
temperatures, especially in the high-chromium or -aluminum oxidation-
resistant alloys, one would expect thicker oxide scales, and hence air
strengthening. In fact, this temperature transition has been suggested to reflect
a switchover from oxide scale strengthening at higher temperatures, to gaseous
adsorption weakening, particularly at crack tips, at lower temperatures.?3~27
However, a change in temperature might influence environmental creep
indirectly by altering the dominant creep mode.!”® This is also likely with
changes in applied stress.!”® In fact, very high stress states might preclude the
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existence of steady-state creep so that we are, in essence, observing
environmental influences on tertiary creep or stress rupture behavior instead.
It is unfortunate, then, that most of the environmental creep studies reported
in the literature, and for that matter most engineering creep studies,' ® do not
include continuous strain monitoring in the determination of stress rupture
lives.

Environmental Effects on Stress Rupture

In all the complete corrosion creep studies discussed in this chapter,
however, environmentally reduced steady-state creep rates were accompanied
by longer stress rupture lives, whereas shorter lives resulted from higher creep
rates. Regardless of the mode of failure, then, an inverse creep rate/rupture life
relationship, as described in Eq. (3), apparently remains valid even when
environmental effects are considered.

Stress rupture ductility, however, does not seem to follow any clear
pattern; both increased and decreased ductility have been observed for both
air strengthening and air weakening. However, through comparison of some
of the more complete corrosion creep studies, a metallographic hint of the
predominant modes of stress rupture in various environments is obtained.

Forexample, in the Type I creep behavior of the coarse grained superalloy,
tertiary creepand certainly stress rupture occurred in air asa consequence of the
propagation of one or two of the externally initiated cracks (Fig. 13a), whereas
invacuum (Fig. 13b), stress rupture occurred as a consequence of the linking of
the many triple-point voids that formed in the interior of the specimens. The air
cracks initiated at grain boundary/surface intersections, where the
precipitates had been depleted due to oxidation, and then propagated along the
grainboundaries. Another interesting feature of the tests performedin airis that
the tertiary stage was characterized by steps (Figs. 3and 4). These seem to be due
to the fact that cracks get initiated easily at the surface-connected boundaries
leading to the steep portion of the step, but get blunted and probably stopped by
the oxidized and y’-denued layer in front of the crack, as shown in Fig. 14,
leading to the relatively flatter portion of the step. This “stop-and-go”
propagation of the cracks tends to prolong the tertiary life of the specimen. This
effect is also apparently dynamic, for preoxidized specimens creep-tested in
vacuum did not show this “stop-and-go” behavior, although creep rate was
reduced by the oxide scale. On the other hand, in vacuum-tested samples,
internal triple-point cracks initiated and propagated much earlier during the
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Fig. 13. Micrographic comparison of stress rupture modes of coarse grained nickel-base
superalloy in (a) air and (b) vacuum (10~ torr) after stress rupture at 982°C, 15.6 ksi, and
315 hr, showing predominance of surface cracking in air and internal triple-point cracking
in vacuum. (After Aning.!#)

steady-state creep region as compared to air tests (Figs. 3 and 4). These sharp
and unobstructed cracks propagated much faster, resulting in much shorter
tertiary creep times and ductilities.**

In tests on finer grained superalloy (<250u), essentially the same
metallographic results were obtained: a greater number of surface-intersecting
grain boundary cracksin air, and a greater number of internal triple-point voids
in vacuum.!® For this finer grained material, however, the greater number of
surface cracks in air, as opposed to the coarse grained superalloy, led to
“premature” stress rupture and shorter rupture lives in air.'®

It is worth mentioning here that highly oxidizing environments such as
air>® and pure oxygen>? have also been noted to increase internal cavitation in
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creep-tested samples as opposed to samples tested in less oxidizing
environments. Whether or not this is a result of increased grain boundary
sliding in oxidizing environments can only be confirmed by direct comparative
observation of such sliding in different environments.

It has also been repeatedly suggested!®4%:53 that such environmentally
affected void formation and crack growth determine not only tertiary creep
and stress rupture behavior, but are also responsible for environmental effects
on steady-state creep rates. Although this hypothesis seems reasonable,
metallurgical investigations have only recently been focused on the problem of
hot crack growth in creep situations,'! and existing steady-state creep theories
have not treated to any extent contributions of cracking and void growth to
steady-state creep.!®

Conclusive analysis of when and where this surface and internal cracking
is important in corrosion creep must await more in-depth and systematic
analysis of all aspects of the creep and stress rupture. Until then, by again
borrowing information from areas other than stress rupture and by noting
observed differences in post-stress rupture microstructures in corrosion creep
tests, we can only speculate as to environmental influences on hot creep
cracking,

The impact of environments on hot fracture, or stress rupture in our case,
can perhaps be most clearly discussed in terms of crack initiation and then
growth. As a general rule one cannot presume that crack initiation is always
enhanced by the corrosion-produced heterogeneities. Although premature
initiation in oxidizing gases is often observed (e.g., Refs. 18-21 and 173),
oxidizing environments also appear capable of delaying surface cracking (e.g.,
Refs. 25, 29, 61). This beneficial effect apparently occurs when corrosion
products can smooth over potential surface inclusions that are more potent
stress raisers than the corrosion products themselves. The potency of the
general corrosion product phases in initiating cracks depends on the brittleness
of the phases,'!® the precipitation stresses resulting from the products,°2 and
the morphology of the product phases.'*® The morphological aspect is
especially important when grain boundaries are preferentially oxidized,
resulting in long wedgelike oxides.'81-2*.103

Corrosion products can also play a dualistic role in crack growth,
depending on many factors. A dispersion of oxide particles can initiate cracks
ahead of a propagating crack tip,” but can also serve to blunt the propa-
gating crack.25-2%152:155 Corrosion products formed internally?? or
formed at crack tips?”-2°-!>% can produce similar phenomena. Possibly, the
stress concentration ahead of the crack can also be reduced by the corrosion
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product.?” Such inhibition of crack growth is believed to be responsible for
increasing the rupture time, t,, when the creep rate, &, remains unaffected.!>?
The meeting of oxides growing from opposing crack surfaces, resulting in the
healing of cracks, is believed to be responsible for the sometimes observed
pseudo fourth- and fifth-stage creep behavior, which can be viewed as a
repetition of steady-state and tertiary creep.??-3° In fact, this dynamic internal
oxidation due to repeated cracking and oxide healing, if it leads to a
strengthening network of oxides, can potentially render an alloy more creep-
resistant.?”-29:157

As in the case of grain boundary decohesion, one must also consider the
diminutive effect of adsorbed gases with minimal formation of corrosion
products,such asat low temperatures or in more inert atmospheres, tolower the
alloy surface energy. Thisin turn could modify the relation for crack growth and
facilitate such a phenomenon,?°-26:57:112,157,174-176

On the other hand, in cases of faster crack growth due to oxidation, it has
been suggested®-21-173:177 that the stimulative effect of oxidation on surface
cracking and crack propagation is similar to certain models for stress-
corrosion cracking (SCC), such as the oxide wedging mechanism'°? and SCC
mechanisms of surface film rupture and repassivation.!®-178-182 The
stimulative aspects of both these mechanisms is based on stress-accelerated
corrosion by way of repetitive film rupture followed by more corrosion.
Indeed, accelerated creep rates observed in sodium chloride environments
have been attributed to either this type of stimulative effect®3 or to the overall
corrosion caused by the NaCl corrosion,*® or to both processes occurring
simultaneously.'®* In either case one would expect reductions of ductility.
which is observed.*°

Although obvious, we point out that early fracture can certainly occur
when the load-carrying capacity of the structure is greatly reduced because of
large-scale replacement of alloy cross section with that of brittle, and at times
porous, oxides or other corrosion products. This usually occurs at very high
temperatures and in the more aggressive environments where corrosion is
rampant, and progresses deep into the substrate if not through the cross
sections. In these cases, such oxide healing effects as bridging?°-3%:1%3 are, of
course, ineffectual because of the lack of neighboring metallic regions to be
bridged. Examples of this severe behavior are plentiful *%-1%%185 and its
occurrence in practice is not courted intentionally.

The preceding discussions on creep and stress rupture in different
environments emphatically warn of the necessity to incorporate en-
vironmental factors into engineering design. Particularly in the more recent
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high-temperature alloy environments such as found in the obviously
pugnacious coal gasification units, or in the unexpectedly deleterious “inert”
environments of helium-cooled nuclear reactors, or even deep-space
exploration apparatus, one simply cannot design creep strength according to
data obtained in air tests.

This becomes dramatically evident if one considers the perhaps most
widely utilized creep rupture life extrapolation, namely, the Larson—Miller
relationship,'? which states that

logo, = f[T(C + logt,)] ' (20)

where C is constant, 20. Recently, this parameter C has been related to the
creep parameters determined in matrix studies!®:

C =log {[Aexp (—QF/RT))/B} 1)

For the 300-um-grain-sized Udimet-700 tested in air at 760°C and 982°C, the
derived values of C are 23 and 18, respectively, which are reasonably close to
the expected value of 20.1* In vacuum (103 torr) tests on the same alloy, the
Larson—Miller parameters are 41 and 33, respectively. Since environmental
conditions do affect creep behavior, crack initiation, and growth differently,
there is no reason, a priori, to expect the parameter in these stress rupture
empirical relations to be constant under all conditions, and obviously they are
not.

CONCLUDING REMARKS

In this chapter we have reviewed the present state-of-the-art
understanding of corrosion creep and stress rupture. A major portion of this
generalized understanding is based on extrapolations from numerous
corrosion creep studies lacking in parametric analysis, and even from related
fields such as ambient temperature tensile behavior of plated metals or
corrosion fatigue. Predominant among these extrapolations are the
strengthening effects of surface oxide scales and the degradation of creep and
rupture properties in hot corrosive environments due to surface scale
disruption and chemical attack of the underlying alloy itself. Although internal
oxidation effects also seem to universally strengthen alloys, the effects of
corrosion on grain boundaries and their sliding still remain inconclusive.
Corrosion effects on stress rupture and hot crack growth in oxidative
environments are even less well understood at present, and can only be
understood in terms of competing phenomena such as oxide weding, crack

www.iran-mavad.com

Age Cpmodine 5 Gzl gy



Corrosion Creep and Stress Rupture 43

blunting, and gaseous adsorption effects. Indeed, grain size, temperature, and
stress transitions in corrosion creep behavior suggest that this entire
hyphenated field can only be understood in terms of competing phenomena,
such as outlined in Table 5.

The need for complete parametric studies in corrosion creep and stress
rupture aimed at determining the roles of these competing effects has been
emphatically pronounced. In modern metallurgy, the gathering of essential
microstructural data invariably lags behind the accumulation of mechanical
test data. This chapter certainly indicates that corrosion creep and stress
rupture might be regarded as an exception to the rule. Indeed, high-
temperature corrosion has been amply studied under the microscope to
discern where and how it occurs in alloys. What is needed now is a correlation
of these environmental factors to creep and stress rupture properties in more
systematic studies, such as those that have been suggested in this chapter.
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INTRODUCTION

This chapter focuses on two kinds of environmental fracture, stress
corrosion cracking (SCC) and hydrogen embrittlement, and discusses the role
in such failures of a number of metallurgical variables. These include chemical
composition; microstructural components such as precipitate type and
structure, and grain size and shape; crystallographic texture; heat treatment
and its effect on the foregoing variables; and processing, particularly the
thermomechanical treatments (TMT), which are attracting increased
attention for property optimization. These variables are expected to be of great
importance in the development of new engineering materials to meet
demanding service conditions.

In recent years, understanding of the role of metallurgical variables in
hydrogen embrittlement has improved significantly. One purpose of the
present review is to summarize this progress. Since hydrogen is believed to be
broadly involved in many environmental cracking phenomena, it is a second
purpose of the review to extend that improved understanding to at least some
cases of SCC. It might be expected that similar role(s) of metallurgical
variables would be observed for both hydrogen embrittlement and hydrogen-
assisted SCC, particularly when hydrogen plays a dominant role.

The usual definition of SCC is that both a corrosive environment and a
tensile stress (residual or applied) act together to cause cracking, which has a
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macroscopically brittle appearance. It is implicit in this definition that SCC is
a phenomenon, not a mechanism, and it is so treated in this chapter. Hydrogen
embrittlement is also a phenomenon, which may or may not occur during
SCC. Hydrogen as a gas or as a species evolved from chemical or
electrochemical reactions could be regarded as an SCC corrodent. But since
classical hydrogen embrittlement studies have been conducted with hydrogen
dissolved within the metal, which corrodents usually are not, such studies have
been cited in the past as evidence against a link between SCC and hydrogen
embrittlement. This review concludes, as have others, that such a conclusion
cannot be general. There are now known to be a number of cases in which
hydrogen participates in SCC fracture, and the accepted balance between
hydrogen cracking and, say, anodic dissolution as components of SCC
appears to need reappraisal or revision. It is a purpose of this chapter to
identify such areas.

It should be strongly emphasized that we do not accept the proposition
that there must be a single causative process for SCC. There are indeed
instances of purely dissolution processes, or purely hydrogen embrittlement
processes, giving rise to what is generally described as SCC. But in many cases
there appear to be contributions from both types of processes. This chapter
emphasizes the hydrogen-related behavior in order to make maximum use of
the new understanding of hydrogen embrittlement, but that emphasis should
not be construed as being a mechanistic emphasis.

The combined literature record on SCC and hydrogen embrittlement is
very extensive (above 10,000 papers in one estimate), and it is not our intention
to review it here in detail. We have relied on earlier reviews where appropriate,
but have emphasized recent work, with a focus on a specific point : the extent to
which SCC and hydrogen embrittlement can be controlled through
manipulation of metallurgical variables. That evidence also helps clarify the
extent of hydrogen participation in SCC. Our emphasis on metallurgical
(internal) variables should not be interpreted as slighting the importance of
environmental (external) variables. Instead, this emphasis is intended to
highlight the ways in which alloy design improvements can contribute to
improved environmental resistance.

Phenomenology

Hydrogen embrittlement is relatively simply manifested through changes
inmechanical properties; as the name implies, the most pronounced changes
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Fig. 1. Schematic sequence of events (left to right) which could occur in SCC testing of a smooth
specimen. (From Brown.!)

are often in the ductility parameters. In SCC, however, there is by definition a
reaction with the environment, and this can greatly complicate the
phenomenon. There are now known to be a great many different
environment-material combinations which result in SCC. Emphasis in this
chapter is on those environments which (under at least some conditions) can
generate hydrogen, so that we can apply our understanding of hydrogen
behavior to them; this includes most of the more common types (e.g., chloride-
containing aqueous solutions).*

To clarify the comments on testing methods (next section), it is useful to
present a general view of the SCC process. Figure 1 is such a view. The
initiation process can be summarized as on the left side of Fig. 1, and it is
evident without going into detail that chemical and electrochemical factors
will often be predominant at this stage. Toward the right, however, the fracture
process is both electrochemical and mechanical in character. There may be an
interplay between these processes, especially in a ductile material which tends
to resist crack growth by a blunting process, and in these cases localized
electrochemical dissolution, or pitting, can then resharpen the crack tip and
cause another increment of crack growth. We emphasize that a cooperative
series of steps such as these, required to operate in sequence, may occur in
many instances of SCC. In some cases, such as titanium alloys, a sharp
precrack may have to be introduced by fatigue in order to observe any SCC at
all. At the opposite extreme of very low toughness materials, fast fracture can
be caused by the pit alone, acting as a critical-size flaw.

* As described below, such a focus incorporates situations in which local hydrogen production
occurs despite general anodic conditions.
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Testing Methods

Hydrogen testing is usually designed to investigate one of two behavior
types. One is the short-time or “instantaneous” behavior, where little or no
entry of hydrogen into the metal occurs by diffusion. Such behavior is modeled
by a tensile or fracture mechanics test in low- or high-pressure gas. The second
is the behavior of the material when hydrogen has been introduced into the
lattice, as would occur by accumulation during prolonged exposure to
hydrogen in service. This behavior can be simulated by tests on specimens
which have been supersaturated by gas phase or electrolytic charging. In either
case, the technique may comprise tensile, stress rupture, fatigue crack growth,
or sustained load crack growth tests.

There are many specimens and test methods for SCC evaluation; in the
past many consisted in essence of a smooth specimen, for example, a thin strip
bent into a U-shape, which was exposed to the environment, and the
environmental susceptibility was (hopefully) quantified as time-to-failure
(TTF). Unfortunately, as several authors have discussed,'~* TTF testing of
smooth specimens must be interpreted with caution, because crack initiation,
crack propagation, and unstable or fast fracture (see Fig. 1) all occur during
the test. The characteristics of the first two processes can depend differently on
the material-environment interaction, while all three processes can be
different for different materials.! For these reasons, TTF data for smooth
specimens must be used with care and after thorough evaluation, if they are not
to be highly misleading.

An alternative (now widely recognized) is to measure TTF for precracked
specimens or to use a method which provides quantitative data on the crack
propagation part of the test. This is realistic from the viewpoint of structural
materials design, since few real structures can be considered to be without the
scratches, crevices, inclusions, or other flaws which accelerate the initiation of
SCC. Similar comments also apply in many cases of hydrogen embrittlement
testing. The results of the crack-growth type of test are usually presented as in
Fig. 2, showing crack velocity V as a function of stress intensity K. The
existence of three stages or regions in this curve was first noted by
Wiederhorn.* The critical value of K for fast fracture, which is called Ky, Ky,
or in some circumstances K, , may intervene to prevent observation of the full
three-stage curve in constant load tests, but parts of this curve are observed for
many materials.

When crack growth tests are conducted under conditions of decreasing K
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examples of
onset of fast fracture ( KQ )

{log scale)

Fig. 2. Generalized depiction of the de-
pendence of crack velocity on stress intensity.
The three “regions”™ or stages of crack
behavior  were  first  described by
Wiederhorn.* In cases where the region 1 data
attain a vertical slope. the corresponding K
value is called the threshold K. K ., . or K,
not all alloys exhibit such behavior. Under
some circumstances. the K, of fast fracture is

Crack Velocity V

/— threshold K (if any)

called K,.. Stress Intensity K

(e.g., in a bolt-loaded, precracked specimen), crack “arrest” can occur. The K
value at arrest, if one exists, is called the threshold K for crack growth
(designated K,;). For environmental tests, K, is often called K, or K. .
This type of test is usually also found to be able to define clearly the K-
independent or region II behavior. Region II behavior has been used? as the
“maximum” V'in SCC, since region I11is usually associated with environment-
independent fracture. Development of this testing method has been presented
in some detail,?->-> and it is to be hoped that future studies will incorporate this
kind of testing. Crack-growth-rate data and TTF data, properly interpreted,
can be complementary,® and both should be measured.

Some alloy classes exhibit little cracking under sustained load or
deflection conditions, as just described, but do exhibit losses of ductility in
tensile or fatigue tests. It is common practice with these alloys to use the
reduction of area (RA) as a measure of ductility, and to compare the RA in the
environment of interest with that in a neutral environment. The percent RA
loss is then defined as 100 [1 — (environmental RA/neutral RA)]. Such alloys,
in general, are less subject to environmental damage than those which crack
readily. Characterization of their behavior is nevertheless of importance,
because large losses in fracture ductility can affect the failure resistance of a
material in service.

The several alloy families discussed below are metallurgically very

Isce
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diverse. Each is presented and analyzed in a separate section to minimize
complications and cross references, and the important factors for each family
are then compared and discussed in the concluding sections. The order of
presentation is not intendeg to have great significance, but an approximate
order of commercial-use magnitude can be detected, with the overall sequence
being steels, aluminum alloys, titanium alloys, and nickel alloys.

FERRITIC AND MARTENSITIC STEELS

This section concentrates on steels which have in common the body-
centered cubic (bcc) crystal structure. These materials range from nearly pure
iron to highly alloyed stainless steels; compositions of all steels referred to are
shown in Table 1, together with other typical alloys. Although very different
microstructures are found in the various steels of Table 1, and different specific
behaviors have been observed, we group them together for convenience
because of their bcc structure and because, as we demonstrate, their
environmental response contains many common elements of behavior. Later
we discuss the important variable of microstructure at some length.

Composition

It is difficult to discuss composition alone, because composition changes
tend to result in changes in microstructure and other variables as well. In what
follows, we address patterns in compositional variables, keeping in mind that
interactions do occur, and that synergistic effects can be expected. Those-
complications are discussed at the end of this section.

Purity

It is broadly true that most mechanical properties of a steel are improved
by elimination, or control, of residuals. This tends to be the case for
environmental embrittlement as well For example, vacuum remelting
improved both the resistance to hydrogen cracking in a 410 martensitic
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stainless steel,” and the static corrosion fatigue life of a 30% Cr steel.® Sulfur
and phosphorus appear particularly detrimental,’-*° and this may be related
to the close connection between hydrogen embrittlement and temper
embrittlement.*!-12

Substitutional Elements

The common substitutional additions to steels are chromium,
manganese, silicon, nickel, and molybdenum. Elements of lesser importance
are vanadium, aluminum, titanium, and cobalt. We begin by summarizing the
effects of these elements on environmental embrittlement, and then turn to
more detailed consideration.

There appears to be agreement that chromium,

10.13 particularly at low
concentrations, and manganese’:!*+13 j

increase susceptibility to environmen-
tal embrittlement, while silicon® -7 decreases embrittlement, particularly in
higher-strength steels. Titanium also decreases embrittlement!®!8 except in
maraging steels, which show a greatly enhanced susceptibility as the Ti content
is increased. The behavior of Mo is ill defined; results over a range of strength
levels, microstructures, and environments show variable and contradictory
behavior.'?!'%2! The information for nickel is even more sketchy and
inconsistent than for Mo.

The means by which these elements impart or diminish susceptibility
have been the subject of speculation.?? In the case of chromium, for example, it
has been suggested that its deleterious effect is due to microstructural
changes'® or to an enhanced corrosion rate,?’ possibly by the establishment of
local concentration cells at chromium carbides. We postpone consideration of
such issues until later.

Turning to detailed discussion of alloying elements, there seems to be
general agreement for Mn. Sandoz showed?! that an increase from 0.1 t0 2.7 %
Mn in a 4340-type steel resulted in a decrease in K, in salt water of as much
as 60 % for anodic, cathodic, or open-circuit conditions, dependent on the Mn
content. Some of these results are shown in Fig. 3 for steels of two strength
levels. The same pattern of behavior was seen with hydrogen charging and
with an external gaseous hydrogen environment.'>-22 [t has been
suggested'*-?* that behavior in aqueous systems stems from the ability of
manganese to render the crack tip increasingly cathodic, but hydrogen
results’>-22-2% with a similar pattern lead us to suggest instead that the fracture
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behavior itself may be changed by Mn additions. Such a conclusion is
supported by the large losses in ductility reported for hydrogen tests on a series
of Fe-Mn alloys,** extending to more than 10 %, Mn content. It is important
to emphasize that the results of Fig. 3, which are for relatively strong steels,
may well apply also to lower-strength steel. For example, an increase from
1.35% to 1.60% Mn in linepipe steels (X52 and X70 grades) resulted in
significantly increased sensitivity to SCC in boiling 20 %, ammonium nitrate
solution, under cathodic polarization.?® Systematic studies of crack growth
rate as a function of Mn content would be appropriate as a supplement to the
K, data'>?!-22 and tensile data®* just discussed, but it would appear that
Mn may be undesirable in terms of environmental performance.”'*!> The
addition of increasing amounts of manganese to strengthen construction-
grade steels, particularly linepipe steel and oil and gas well tubing, must be
viewed with caution when such steels are used in hostile environments.
The effectiveness of silicon is reasonably well documented.®!” Carter!’
examined silicon additions in a 4340-type steel, and for a variety of strength
levels, found general improvements up to silicon contents in excess of 2 %;. At
high strength levels [ie., 2000 MN/m? (~290ksi) tensile strength], this
improvement was attributed to a decreasing crack velocity, as shown in Fig. 4;
here it appears that a minimum of 1%, Si must be added. At medium-strength
levels, improvement came instead from an increase in K., at 0.5 to 1.0% Si,
which was related to changes in tempering behavior. These improvements are
reflected in a commercial modification of 4340, called 300M, which contains
1.5 to 1.8 9, Si. Mechanistically, it has been suggested that silicon’s role is
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> sl | Fig. 4. Effect of silicon content on crack
E velocity in 4340-type steels of about
< 2000 MN/m? tensile strength (290 ksi).
| - Applied stress intensity was 60 MN/m3'2:
0 1 2 ©=  environment was 3.59%, NACI solution. (Data
Silicon content {wt. %) are those of Carter.!”)

related to its ability to prevent epsilon carbide from acting as a cathodic site for
hydrogen discharge®!: that the carbide improves crack resistance by acting
as a hydrogen trap?®: and that silicon reduces the diffusivity of the damaging
species, e.g., hydrogen.!>1® Silicon is thus an element whose role is unclear
and may be complex, but the beneficial effects are well documented, at least in
high-strength steels. The environmental resistance conferred by Si stands in
contrast to the poor performance caused by Mn, and silicon could well be the
solute of choice to achieve strengthening and hardenability in steels for use in
hostile environments. Silicon additions, however, can adversely affect
fabricability and weldability of steels, so that use of high Si contents would
necessitate careful alloy development.

The behavior of titanium is complex and probaply depends on the specific
microstructure. In maraging steels, Ti is present as the intermetallic Ni;Ti. In
those steels, whose hardening behavior differs from most steels in this section,
it promotes hydrogen embrittlement,?”-® even when a probable variation in
yield strength with increasing titanium content is taken into account. In other
ferritic and martensitic steels, however, Ti has usually been found extremely
beneficial in both H, and H,S environments for a wide range of Ti
concentrations, stress levels, and microstructures.!®9-29-28-29 Thig positive
behavior was once attributed to titanium’s ability to limit the amount of
retained austenite, thereby reducing the dangers of subsequent martensite
formation.?8:3° Recent results suggest instead that its primary roleisto act asa
preferential trap for dissolved hydrogen, even at room temperature, when it is
present as a substitutional solute or combined as a fine, uniformly distributed
carbide, and as a surface inhibitor which reduces the amount of adsorbed
hydrogen able to go into solid solution.>* Support for this proposed affinity
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between hydrogen and titanium is an observed reduction in the frequency of
cracking of cathodically charged iron—titanium alloys.>!

The elements Cr, Ni, and Mo are essential tor attainment of high
hardenability, strength, and toughness in steels. The evidence for behavior of
these elements is less complete than for those just discussed, and there are
conflicting claims as to effects.!®-!*1%27 For example, small additions of Cr
appear deleterious to SCC performance,'® but since the threshold stress in
both hydrogen and salt water is unaffected by up to 2 % Cr,?!-22 the effect must
be upon the crack growth rate. At lower tensile strength levels of 700 MN/m?
(~100ksi), however, addition of 3.39, Cr and 0.4%, Mo reduces losses in
ductility of hydrogen-charged specimens, compared to a plain carbon steel®2
(Fig. 5). More work would be desirable here.

Nickel tends to be somewhat deleterious in the amounts usually found in
steels. However, large nickel additions (e.g., above 8 %) can be beneficial in a
variety of environments.>® The evidence thus suggests a minimum-type
behavior, with Ni additions decreasing environmental resistance up to some
critical amount, and increasing resistance above that amount. The critical
amount depends on the environment and perhaps also on strength level. For

Fig. 5. Ductility (RA) loss for steels
charged with 8 wt ppm H and tested
in air. Reference steel (shaded) was
049, C:otherswere 1.2% and 3.5%,
nickel steels, and a 3.3%
Cr-049% Mo steel. All steels
had an ultimate strength of
700 MN/m? (~100ksi). (Data of
Hobson and Sykes.??)
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example, the evidence suggests that at a constant high strength, K, decreases
above about 4% Ni,?! but the effect is small. At lower strengths, Fig. 5 shows
that additions of 1.29, Ni and 3.5% Ni are deleterious in hydrogen tests,
although there is not much difference from a plain carbon steel.>? In nitrate
environments,* there is a critical amount of about 2 9, Ni, above and below
which performance is better.>* In both boiling 42 % MgCl, and in boiling 33 %,
NaOH containing chloride, the critical amount appears to lie around 8 %,
although the composition of minimum resistance was not precisely identified
and no microstructural or strength details were given.?3

Additions of Mo appear detrimental in Fe~Ni alloys,'® possibly due to
the formation of intermetallic Ni;Mo, analogously to the formation of Ni,Ti
in maraging steels described above. The Mo content was found to be either
quite damaging?! in salt water, or beneficial®** in nitrate solutions, in
Fe—C—Mo alloys, but variations in Mo had little effect in more highly alloyed
steels of the 4340 type in salt water.2!:2? Additional study, especially of crack
growth rate effects to complement the existing work oriented toward K,__, is
indicated for Mo and Ni, as was the case for Cr.

Interstitial Elements

The important interstitial elements in steel are carbon and nitrogen, and
their behavior seems generally predictable.?’ Sandoz,>!~2* in his compre-
hensive studies on the role of alloying elements in environmental
embrittlement of high-strength steels, found that increasing carbon from 0.15
t0 0.53%, in a 4340 series, significantly decreased K ,,, but only under open-
circuit conditions; he found no effect on K, for cathodic or anodic
polarization.?? The open-circuit data are shown in Fig. 6; there is some
uncertainty?! about the improvement beyond 0.4%C. The suggestion to
explain Fig. 6 was that the crack tip changed from an anodic to a cathodic
condition with increasing carbon content.!>2® This deleterious effect of
carbon (and nitrogen) has also been found by others,®-3433 although there is
evidence that carbon may improve the cracking behavior of 18 Ni maraging
steel.!3

In lower-strength Fe—C alloys, when hydrogen is introduced by cathodic
charging, an increasing carbon content increases the extent of hydrogen

* Nitrate environments are strongly oxidizing, but as discussed below, local hydrogen production
is usually possible nevertheless.
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Fig. 6. Effect of carbon on the SCC -
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treated to two strength levels: E 20
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cracking,®® or reduces the time to failure for both low-strength iron'® and
iron-nickel alloys.’® In SCC studies performed in nitrate solutions,®*3*
similar results were obtained in water-quenched alloys; if the alloys were
furnace-cooled, the behavior was more complex. Since these higher-carbon
alloys had a martensitic structure when quenched and a ferritic—pearlitic one
when slow-cooled, microstructural effects were probably dominant. There
does appear, however, to be a generally deleterious effect of carbon under
conditions in which cracking is the manifestation of hydrogen damage.

On the other hand, carbon does not appear to be harmful in those cases
where hydrogen damage is manifested as a reduced reduction of area with no
obvious change in fracture mode, as is often the case when lower-strength
alloys are tested in high-pressure hydrogen,®’"3° pulled to failure after
cathodic charging,**=*! or tested in bending.!® For example, Rauls and
Hoffman>’ found no changes in the reduction of area, or in the relative degree
of embrittlement, for a series of iron—carbon alloys tested in pressurized
hydrogen, for carbon contents ranging from 0.1 to 0.5 wt %,. Although the
variation in strength level may have affected their results,>” Jewett et al.3®
found a similar result comparing Armco iron to 1020 steel of comparable
strength levels. More work is needed to generalize the results, but considering
the omnipresence of water vapor in service environments, and the well-
documented deleterious effects of carbon on toughness and weldability,
carbon content clearly has an important role to play in hostile-environment
service. It should be noted again that nitrogen is expected to follow a behavior
similar to carbon.
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As an indication of how the effects of the substitutional and interstitial
elements can interact, Fig. 7 compares the failure behavior of five high-
strength steels in distilled water.*> All were tempered to similar strengths: a
yield strength of about 1485 MN/m? (215ksi) and an ultimate strength of
about 1650 MN/m? (239ksi). The order-of-magnitude variations in failure
times of these precracked specimens of different steels suggest an effect of
composition.’>-#? Table 1 shows that careful analysis would be needed to
isolate the critical elements; but note the increase in Cr and Si and decrease in
Ni and Mn in the series 4340, D6aC, H-11. For the high-Ni, low-Cr 9Ni-4Co
steels, note the (apparent) effects of C and Mo. It must be emphasized,
however, that the microstructures of these steels were not described,*? so that
part of the spread in Fig. 7 could result from microstructural variation. There
was also a spread in tempering temperatures,*? which, as we will see, is another
important variable in environmental susceptibility.

Table 2 summarizes our understanding of the role of alloying additions in
terms of the two major fracture mechanics parameters, the ease of producing a
crack as manifested by K, . and the ease of moving a crack, as manifested by
the crack growth rate. Much of this correlation is styled after that of

6 T
160 I I I I o
140+
120
120
—{100
o 100+
e 4340 g
z a0 E
< —60 &
- 60F >
2
E &
< - -
20}~ 120

0 I I I 1 1 0
_\/\101 10° 10° ¢ 1 6
Time to failure, min

Fig. 7. Failure time as a function of applied stress intensity for
precracked specimens of five steels of constant strength (see the text).
Environment was distilled water. Ultimate tensile strength,
1650 MN/m?. (From Steigerwald and Benjamin.*?)
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Table 2. Effect of Solutes on Susceptibility of Steel to Hydrogen Embrittlement

General Crack
Element susceptibility Koy growth rate
Manganese Increases Reduces Not known
Sulfur and Appears to Little effect Should increase
phosphorus increase
Carbon (in Appears to Reduces Not known
carbon martensites) increase
Chromium Increases Little effect Should increase
Titanium Reduces Not known Not known
(in general)
Titanium Increases Not known Not known

(in maraging steels)

Silicon Reduces Reduces Reduces

Molybdenum No consistent Little effect Not known
behavior

Nickel Not known Little effect Not known

Gerberich,!® who concluded from his work, and that of others,?* 23 that
chromium, molybdenum, sulfur, phosphorus, cobalt, and silicon have a
minimal effect on K, ,,, while carbon and manganese reduce it significantly.
Silicon was also found to reduce the crack growth rate. Table 2 has interleaved
these results with others,?® and reinterpreted some of the early data, so that
although some of the conclusions are similar, a number of others are distinctly
different. Even a glance at Table 2 makes it obvious that much research
remains to be done on composition effects, and it is to be hoped that future
studies will attempt to measure not only Kj.. or Kj.,,, but also the crack-
growth-rate behavior. Only in this way will insight be possible into the
complex interactions among alloying elements. Finally, as we discuss in a later
section, the development of models for the environmental fracture process
cannot proceed without detailed data of the kind implied by Table 2.

Microstructure and Thermal Treatment

There is a close correlation between microstructure and alloying
elements, making it difficult to separate these variables. In the previous section
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we have tacitly ignored microstructures. In this section we will do the same for
alloying elements. This is not as arbitrary as it may appear, since the data to be
presented show that a number of microstructures exhibit fairly fixed behavior,
even with wide variations in alloy content.

There is general agreement that untempered martensite promotes
environmental embrittlement.!%273 This appears to be in large part due to
the brittle nature of the martensite plates.® Specifically, it has been suggested
that the high elastic stresses associated with plate formation are the major
factor in embrittlement, since it was found that high residual stresses promote
hydrogen-induced cracking even in the absence of martensite.** Such a
conclusion would be in agreement with results on TRIP steels in
hydrogen.*>*° Diffusion does not seem important since hydrogen diffuses
more slowly in untempered than in tempered martensite.!*

At high strength levels, it appears that the best environmental resistance,
at least against hydrogen, occurs in well-tempered martensite or bainite
microstructures, which have been ausworked* to produce refined plate sizes
and a uniform dispersion of fine carbides.*”** Medium and low strength
levels are somewhat more difficult to assess, but such assessment is important
because of the widespread use of steels in this strength range. A specific
difficulty is that grain size and composition effects can modify the ranking
of microstructures.*®> With these constraints in mind, however, we can list
the microstructures from best to poorest environmental performance. The
order would be as follows: quenched and tempered bainite or martensite
is best,!*5° followed by a spheroidized structure of uniformly dispersed
carbides, with fine carbides being preferred to coarse ones!®'%23; a
normalized structure is poorest,'? although exceptions can be found,*®5!
particularly for spheroidal and pearlitic structures. These rankings will now be
discussed in more detail.

The susceptibility difference between a normalized pearlite and a
ferrite—spheroidal carbide microstructure is important because of the interest
in using such structures in medium-strength applications. While the evidence
is somewhat mixed,?° especially when results are compared for cathodic
charging and for nitrate or caustic solutions, most investigators consider
spheroidal structures to be superior.! %623 However, one study®! has shown
pearlite to be superior. Hobson and Hewitt,*! for the same strength level of

* Ausworking or ausforming is the process of heavily deforming an austenitized steel at bainite
bay temperatures prior to transforming to martensite.
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550 MN/m? (~80ksi), found a spheroidized carbide structure to be three
times more susceptible to hydrogen embrittlement than a ferrite—pearlite
mixture. Part of the discrepancy could lie with fracture mode changes or
possibly grain size effects. Henthorne and Parkins*® have shown an inversion
effect; at equal strength levels, a coarse-grained spheroidal structure is more
resistant to environmental cracking than pearlite, but thisis reversed for fine grain
sizes. They account for this by the interesting observation that the initiation
stress for cracking is grain-size-dependent for pearlitic steels, but not for
spheroidal ones.

Quenched and tempered bainite or martensite is superior to a pearlitic
microstructure,'*>% but there is no clear consensus about spheroidized
steels.'*23:31 To indicate the degree of complexity, the previously cited result
of Hobson and Hewitt®! can be compared with other results of the same
experimental series. At 640 MN/m? (~93 ksi) strength, spheroidized steel is
only slightly poorer than tempered bainite, which, in turn, at strengths of 865
and 1240 MN/m? (125 and 180ksi), shows an equivalent resistance to
hydrogen embrittlement as does tempered martensite. This is an area that will
require careful, systematic study under controlled conditions.

The Hobson and Sykes data3? in Fig. 8 illustrate the interrelation
between microstructure and strength level for a Cr—Mo steel. As the tempering
temperature was raised, strength was reduced, as was RA loss due to hydrogen.
But when tempering temperatures reached 700°C, spheroidization began, and
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Fig. 8. Ductility (RA) loss as a function
of strength level, in a 3.3%; Cr—0.4 %, Mo—
0.26 % C steel containing 3.6wt ppm H.
Changes in strength obtained by
tempering  to  produce  different 0 _\/\J i
microstructures. (Data of Hobson and 500 1000 1500
Sykes.32) Ultimate Tensile Strength , MPa
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both the strength and hydrogen performance trends were reversed. The
lowest-strength material in Fig. 8 was significantly spheroidized.>> The
problem is therefore one of careful consideration of both the microstructure
and strength-level variables in any given case, to determine which one is of
predominant importance. In addition, as mentioned, the fracture mode (brittle
or ductile) may modify microstructural rankings.

A major difficulty in accurately establishing relative microstructural
rankings is that most investigators have neither controlled their tempering
conditions nor established the relation between microstructure and crack
path. An obvious manifestation of this is the relation between environmentally
induced and temper-induced embrittlement, for a variety of microstructures.
This has been demonstrated in a 4340 steel, with a quenched and tempered
microstructure,’? in a 20 CND 10 (French) bainitic steel,’* in martensitic
stainless steels,>* in Ni—Cr steels,!'**! and in HY 130 steels.’? It has been
shown that these mutual embrittlement effects can occur when the steel has
been temper embrittled at either 535K or 810K (500°F or 1000°F). This
connected susceptibility can cause a change in environmental crack mode
from transgranular to intergranular.’?33 We believe this to be an extremely
important observation, and one that may be of greatest importance in the
development of effective microstructural control for environmental failure. It
involves the general area of the effect of crack path on environmental
susceptibility, as we now discuss.

Any analysis of crack path behavior must recognize two points. First,
many reported studies on environmental fracture include little or no
fractography, so not all data are equally comparable. Second, crack paths
depend strongly on variables such as stress intensity and crack velocity; thus
comparisons must be made at sensibly equal values of these parameters. This
point isillustrated in Fig. 9, which shows the transition from ductile fracture at
high K, through so-called (ductile) quasi-cleavage, to intergranular fracture at
low K. This exact sequence is not always observed,'? but it emphasizes the
necessity of making comparisons with care. With these problems in mind,
crack path effects in environmental fracture can be discussed.

It has often been stated (see also Fig. 8) that environmental cracking
resistance improves with increasing tempering temperature,® ! >327 with the
provision that temperature ranges for temper embrittlement are avoid-
ed.”27-32 It has been further suggested that this may result from a change in
hydrogen diffusivity,’ from an increased ease of intergranular cracking,” or
from the occurrence of mixed mode cracking.’* However, there is little direct
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Fig. 9. Schematic depiction of fracture

surfaces for two 4340-type steels (0.15°,

and 0.28%,C). under hydrogen-assisted 0.15 scc I P-I LD 101»06) Qc )FFI
(HAC) and SCC conditions. Crack pro- Kc‘/' Kisce
pagation direction left to right. Wedge-
loaded specimens exhibited “pop-in” (P-I) 015 HAC [ PI ) D ) p+ac 5 ac )IG]
as K decreased to K, : subcritical crack
growth then occurred until crack arrest at R D
Kisce- Fracture modes were ductile (D), 0:28 Scc ’:71’) > )}Q IG},) Fr —]
“quasi -cleavage™ (QC). and intergranular c 1scc

(1G): fast fracture (FF) subsequent to test 0.28 HAC l P-I ) D ) D+16G ) 16 )FF]
also shown for specimens not fractured in
environment. (From Beachem.®?)

evidence to support any of these. More important, the generality of such a
temperature-cracking relationship must be questioned, since similar behavior
is not found in Cr martensitic stainless steels.’*>°

It appears that variations in tempering temperature can modify the
subsequent crack path?®*!; the critical point is that the crack path which
occurs must be compatible with the microstructure. For example, it would be
of limited value to produce an extremely fine structure within the grains, if the
environmentally induced crack path were intergranular. Such a contradiction
might, for example, explain the observation that ausforming significantly
improved the SCC resistance of D6aC steel, but had little effect on H-11, while
improving the toughness of each*®; the steels had been tempered at widely
different temperatures. Compare this behavior to Fig. 7.

Cooling rate after tempering has also been found to affect susceptibility to
hydrogen-induced failure, with air cooling better than water quenching.'®
This effect may be related to the relationships between cooling rate, crack path,
and interstitial partitioning and distribution found in purified iron.?° It is
important to establish the generality of this observation for steels of various
strength levels.

Grain Size and Texture

The role of grain size in environmental cracking of steels seems well
documented. For a wide range of polarization conditions and environments,
the general effect is that grain refinement improves the resistance to
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cracking.!®18 This has been found in such varied iron-base alloys as 4340,'3
AFC 77,%® maraging steel,2”-3 purified iron,?°>° and Fe-Ti alloys.?°-%® This
behavior is illustrated for a high-strength steel in Fig. 10a, and for a low-
strength material in Fig. 10b. In the high-strength steel (Fig. 10a), where the
behavior was monitored using fracture mechanics procedures, the results
showed that although the crack growth rate decreased with decreasing grain
size,' the behavior of K, was mixed, with it either increasing®® or
independent of austenitic grain size.!® Again, it must be cautioned that to be
unambiguous, the concurrent grain size/strength relationship must also be
considered. The strong dependence of strength on grain size makes this a
difficult variable to control.

The relation between texture developed through rolling, and en-
vironmental embrittlement, has been studied by several investigators. In both
4130 and 4340 steels, the transverse, and particularly short transverse grain
directions were found to be more susceptible to stress corrosion cracking than
the longitudinal direction,®®-®® and this has also been found to be the case for
other steels.*® Uhlig and co-workers!®! found that cold working improves
the resistance of the material to cathodically induced cracking when it was
stressed parallel to the rolling direction, but decreased it when stressed
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Fig. 10. Resistance to hydrogen cracking as a function of grain size: (a) 4340
steels of tensile strength 1880 MN/m? (273ksi) at two applied K levels
(0.9ksiin."’? = 1 MN/m??) (from Proctor and Paxton'?); (b) an iron-titanium alloy
(Fe~0.15% Ti) of low strength (from Rath and Bernstein'®).
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perpendicular to the rolling direction. Uhlig’s contention®! that SCC failures
(claimed to be distinct from hydrogen failures) are independent of rolling
direction requires considerably more support to be convincing.

While there is no indication of the operating crack path in the above
cases, the results are compatible with a study of the relation of cathodic
cracking to grain and grain boundary orientation.3® Specifically, it was found
that while low-angle boundaries are immune to cracking, other specific
orientations exhibit extensive grain boundary cracking. Grain reorientation
during rolling generally leads to texture formation, so that longitudinal and
transverse stressing reflects the behavior of low- and high-angle boundaries,
respectively. Suitable combinations of texture and crack path control would
thus seem promising as a useful technique of inhibiting cracking.

An alternative interpretation of the above results would be that the effect
is not one of crystallographic texture, as in the iron study,>® but is one of
mechanical texture or fibering. Hydrogen accumulation at grain boundaries
or at inclusion-matrix interfaces should aid cracking,°? and transverse
directions of stress place larger areas of such boundaries under normal
stresses. We shall return to this topic in more detail in discussing aluminum
alloys, but the results of Ohnishi®® support such an interpretation.

Synergistic Effects

Throughout this examination of the behavior of steels, we have, in
general, assumed that the observed trends and effects are independent
variables, and their total behavior could thus be arrived at by superposition of
individual behaviors.2? It is obvious that this cannot exactly be the case, and
that considerable interaction between variables must exist.'%-21-22 However,
this does not negate the validity of the basic premise that variable controlis an
effective technique to control failure.®* For example, while grain size
variations may affect the specific ranking of microstructures, this is secondary
to the dominant and generally predictable role that microstructure plays.
Nevertheless, such interactions are important and must be considered for alloy
ranking and selection. Synergistic effects in relation to problems of alloy
design have been discussed elsewhere at greater length.®* The results also
suggest that metallurgical variables play a similar role in bce iron alloys of
varying strength levels and when tested in many different types of
environment.
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AUSTENITIC STAINLESS STEELS

The austenitic stainless steels are generally different in character from the
ferritic and martensitic steels just discussed. They have the face-centered cubic
(fce) structure, and aside from their resistance to general corrosion, they are as
a class relatively resistant to hydrogen embrittlement and to some kinds of
SCC phenomena. As we show and as others have demonstrated, however, their
characteristics differ considerably from alloy to alloy, so that broad
generalizations about these steels as a class are inappropriate. Again, the
effects of composition and microstructure are important in these alloys.

Composition

Major Elements

Austenitic stainless steels are essentially iron—chromium-nickel
ternary alloys, with the major alloying elements being 15-259%; Cr and
7-25% Ni(Table 3). Niand Cractin concert;although Niis normally regarded
as an austenite stabilizer and Cr as a ferrite stabilizer, Cr tends to prevent
martensite formation in the presence of Ni and therefore increases the range of

Table 3. Typical Compositions of Austenitic Stainless Steels (wt %)

Alloy Cr Ni Mn C N Si Mo  Other

Standard grades

304 190 100 t5 006 — 05 —

304L 19.0 10.0 1.5 003 — 0.5 —

309 230 140 15 020 — 05 —

3098 230 140 15 006 — 05 —

310 250 200 1.5 020 — 10 —

316 170 120 15 008 — 05 30

321 180 110 15 006 — 05 — Ti: 5XC

347 18.0 11.0 1.5 006 — 0.5 — Nb: 10XC
Special grades

18Cr-15Mn 180 — 150 0.04 05 0.5 —

21Cr-6Ni-9Mn 200 70 90 004 03 05 —

22Cr-13Ni-5Mn 220 125 50 005 03 05 20
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metastable austenite. When the Cr—Ni ratio becomes large, however, there isa
tendency to retain 9, the high-temperature ferrite phase. Figure 11 shows the
approximate extent of the various phases at room temperature®®; it should be
noted that this is a metastable rather than an equilibrium diagram.

The effect on SCC of increasing concentrations of both Cr and Ni (usually
for tests in boiling 42 9%, MgCl,) shows different patterns. As Ni content is
increased above about 8%, SCC resistance steadily increases.>3%6-%° Cr is
beneficial up to about 12 % in a 10 % Ni matrix®®; at higher nickel contents, Cr
contents of 259, or more are most beneficial, while a content of about 109
continues to be beneficial.”’® The interesting feature, then, is a minimum in Cr
benefit around 15-18 %.66~7° There is a similar trend of behavior for Ni and
Crin hydrogen embrittlement studies, as has been noted®®-7!:72; increased Ni
improves hydrogen behavior, as do Cr contents larger or smaller than 18 9.

A discussion of mechanisms is postponed until a later section, but it is
important here to point out a correlation. The results for Cr and Ni just
discussed appear to be correlated with the stacking fault energy (SFE) of the
austenite. Nefl et al.”3® have collected numerous results on the composition
dependence of SFE, and their summary plot, augmented with a few later data
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Ag = Stable Austenite

F = Ferrite (From Austenite) .06\

Fp = Delta(High-Temper- @\ 40
ature) Ferrite N

M = Acicular(Marten- Q}‘ 35
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Phases After
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(0.1% C)

v O
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Fig. 11. Approximate diagram of phases present in Fe—Ni—Cr alloys after
quenching; note that this is not an equilibrium diagram. (From the 1948 Metals
Handbook.*%)
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Fig. 12. Approximate iso-SFE contours in the
iron-rich corner of the Fe-Ni-Cr diagram,
based on data of a number of authors. Units of
SFE are mJ/m? (ergs/cm?). Note the minimum
or “trough,” indicated by a dash—dot line, at
about 18% Cr. (From Rhodes and
Thompson,’® after Neff et al.”3).

(e.g., Ref. 74), is shown in Fig. 12.* A minimum or “trough” is SFE at about the
189%; Cr level is evident. Many studies of the effects of alloying additions have
been conducted in this trough, thereby minimizing SFE throughout the alloy
series, and leading to reduced generality of the results. The importance of SFE
probably is that it is one of the factors which determine ease of cross-slip, or
extent of slip planarity, during deformation.®®

We believe that slip mode, which in these alloys can be controlled by SFE,
is one of the important factors in determining how Ni and Cr affect resistance
to both hydrogen embrittlement and SCC (at least in chloride environments).
While other suggestions have been made to rationalize the effects of Niand Cr
content, for example the concept that Ni alters the crack tip electrochemistry
by changing the local cathodic reaction rate,”” the universality of such ideas is
difficult to maintain in view of the parallels between some SCC data and tests
in hydrogen gas. To illustrate this point, Fig. 13 shows data for three typical
alloys in hydrogen tests,”>’* and Fig. 14 shows these and other data as a
function of SFE from Fig. 12. Note that the ductility loss appears to be a single-
valued function of SFE (filled points are discussed below). SCC data for
Fe-Ni-~Cr alloys’® are also correlatable with Fig. 12, as Fig. 15 shows; data for
189 Cr alloys of varying Ni content’® are shown in Fig. 16 as a function of
SFE. Here the original SFE data’® have been multiplied by a factor of 2.3 to
conform to modern SFE theory’® and to the data of Fig. 12. Figure 16 is
strikingly similar to Fig. 14. Thus slip planarity, expressed through SFE,

* There have recently been efforts’® to supplement the experimental data of Fig. 12 with
calculated values, but the failure of that technique to predict correctly the observed value’® of
SFE for AISI 310 casts doubt upon its accuracy. We therefore rely on the experimental
determinations as summarized in Fig. 12.
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Fig. 13. Ductility (RA) in hydrogen for
austenitic stainless steels, for tests in air,
in 69-MPa hydrogen gas. and after
hydrogen charging to supersatura-
tion.72'74

Fig. 14. Correlation of RA loss with SFE. using data from
several sources.>”72-7483 Filled circles are for nitrogen-
containing steels, discussed in the text.
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70%Cr

Fig. 15. SCC data for austenitic steel
A309 A210A155 NNFP) ternary alloys, specimens Jloaded at
AA84A?OI AAss ANF\(P) 140 MN/m? in 3°; NaCl solution, under a

| 50 ANF(P
AZ Al4 A0 ANF(C) pressure of 1.4 MPa oxygen. Numbers are
times to failure (hours): NF (P) = not

L 1 1 ] N 1 failed but pitted, NF (c) = not failed but
100 % Fe 70% Ni cracked. (From Truman and Perry.”®)
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Fig. 16. SCC of austenitic stainless steels: time-to-failure
(inverted) and SFE data (corrected by factor of 2.3) of Swann.”®
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strongly correlates with the environmental susceptibility in these alloys,
whether it be hydrogen testing or SCC in chloride environments.

The similarity of Figs 14 and 16 cannot be simply interpreted as evidence
that SCC and hydrogen embrittlement processes are equivalent in austenitic
stainless steels; Fig. 14 refers to ductile failure of tensile specimens, while Fig.
16 refers to a fixed-load cracking process. (The 189, Cr content for Fig. 16
suggests roughly equivalent initiation times, so that the inverse TTF
parameter essentially represents average crack velocity.) There is also evidence
that slip planarity is not a sufficient condition for susceptibilty to SCC.®®-8°
However, the similarity does suggest that the SCC process in these steels may
have a hydrogen component as well as an anodic dissolution component, and
also that metallurgical variables are important in both cases. Further pursuit
of this point is postponed to the Discussion.

The other elements generally present in austenitic stainlesses are Mn
(1-2%), C (0.03-0.25 %), N (0.02—0.30 %), and Si (1-3 %,); P is often present as
atramp element. Mn appears to be variable in its effect on SCC resistance; the
“least ambiguous” experiments®® showed no effect,®' but beneficial as well as
detrimental effects have been shown outside the 1-29, composition
range.©:68-69-82 There is some evidence, for aqueous test conditions, of
diminished SCC resistance for Mn contents above ~3%.%% In gaseous
hydrogen environments, for higher concentration ranges, Mn is clearly
deleterious.>*-®* These Mn additions, often as replacements for Ni, are made
to increase nitrogen solubility and thus strengthening potential, so these
effects may be due in part to slip planarity enhancement caused by the N, as
discussed below ; they may also occur because Mn increases SFE less than does
Ni. Additional work on Mn and itseffects on both SCC and hydrogen resistance
is clearly needed.

As has been reviewed,®® 8 amounts of C above 0. 1 °,, confer appreciable
SCC resistance. On the other hand. increases in C in the range 0.01-0.05°,
appear damaging. It has been speculated®® that the latter effect is due to
interaction with other interstitials such as N rather than being intrinsic to C.
There is in any case a carbon content of minimum resistance to SCC, at about
0.06 9. It is well known that increasing C content accelerates sensitization in
certain heat treatments, which in turn increases intergranular corrosion: but
the occurrence of sensitization is not always correlated with either SCC®® or
hydrogen embrittlement.®®-7* Popular belief has it that SCC susceptibility is
correlated with sensitization, and to the occurrence of intergranular corrosion
in general ; but as we shall show for other alloy systems in addition to stainless
steels, such a correlation exhibits many exceptions and is therefore unreliable.
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The behavior of N differs from that of C in that all additions of N
accelerate SCC.66-62.80.82.85-87 The acceleration is somewhat increased by
low-temperature aging,®® which may be due to interaction with C.*%-8° There is
a similar adverse effect of N on hydrogen embrittlement. Figure 13 illustrates
this for the alloys 309S and 21Cr-6Ni-9Mn. Both are stable austenites; that is,
they form no strain-induced martensite on deformation, and they have very
similar SFE values of about 35mJ/m? (35ergs/cm?).%® An example of the
extended dislocation nodes present in 21-6-9 is shown in Fig. 17. But Fig. 13
shows that 21-6-9 performs more poorly than 309S when hydrogen charged,
evidently because of the ~0.3% N added to 21-6-9 for strength purposes.
Nitrogen effects of the same kind are evident in Fig. 14.

Swann showed that N produces very planar dislocation arrangements in
stainless steels.”® This effect, however, does not occur through a major change
in SFE,’® but seems to arise from the clustering of N atoms. The planar slip
results from dislocation cutting of the clusters,*®7® which makes subsequent
slip on the same plane easier and inhibits subsequent cross slip. This
interpretation is consistent with the aging effect,®® which may develop the
clusters. It is also consistent with a reduced effect of N in alloys of very easy
cross slip,®° and with increased RA loss due to increased planarity (Fig. 14).
There is evidence®%-¢%-78:82-87 that phosphorus has similar effects on SCC as
does N (both are group V elements). Slip planarity is increased by P with no
change in SFE’8; a synergistic interaction of P and N is suggested by the
observation that P becomes less detrimental to chloride SCC as N content
decreases.®® The detrimental effects of P are also reduced by increased Si and

Fig. 17. Transmission electron micrograph
of 21Cr—6Ni-9Mn steel deformed about
19. Note grain boundary dislocation

sources and extended nodes at dislocation
junctions.
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decreased Ni.°® P thus appears to be strongly affected by the presence of other
elements.®3

Silicon improves resistance to cracking and to ductility loss when present
in sufficient amounts.®¢-¢7-69.83.87.90 [t i5 particularly effective above a
concentration of 4 %, with some evidence that the beneficial effect is for both
crack initiation and propagation.®’ At such concentrations, however, Si
stabilizes delta ferrite in the microstructure, so that the effect may be primarily
microstructural, not compositional. As a solute in austenite, Si somewhat
reduces the SFE.”” This element may therefore serve as an example that a
reduction in SFE does not necessarily lead to increased cracking or to other
forms of damage, although the SFE reduction for small Si additions is slight
and may be too small to be effective.®® This latter conclusion is supported by
the observation that Si contents in the range 0.8—1.5 9, which have little effect
on ¢ ferrite and are thus present in the austenite, do not alter SCC
behavior.®-82-22 In aqueous solutions, the role of silicon has been suggested to
be electrochemical in nature,°® although direct studies which investigate
microstructure would be welcome; hydrogen gas studies would also be of
interest.

Minor Elements

Some grades of austenitic steel contain 2-3% Mo, or Nb or Ti at
concentrations controlled by the minimum C content (e.g., 5 times the
minimum carbon). Mo is added to improve pitting resistance ; for example, 316
stainless is essentially type 304 with 2.5%, Mo. But studies of Mo additions
have shown little effect’®-°! or detrimental effects,®6-6°-81-82 evidently because
a minimum in SCC resistance occurs at about 1.5%, Mo0.547%8 Mo also shifts
the carbon content of minimum SCC resistance from 0.06 to 0.302,.9¢ It has
been suggested®® that the chemical similarity of Mo to Cr, both being group
Vla elements, should mean that Mo would only be damaging if the (Mo + Cr)
content lay in the range of poor performance due to Cr alone (i.e., 15-18%).
There is evidence to support such a suggestion.®®-’° An alternative suggestion
would be that Mo at low concentrations promotes planar slip through
formation of clusters,’® since such Mo clusters have been observed in stainless-
like alloys.®* At higher Mo concentrations, there is indirect evidence’® that
SFE is increased, thus accounting for the beneficial effect above 1.5% Mo. It
should also be noted that Mo promotes intergranular SCC fracture in chloride
environments,”? contrary to the usual transgranular behavior.®®
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The elements Nb and Ti are added to obtain resistance to sensitization
and thus to intergranular attack, since they tend to form carbides, but they
decrease resistance to chloride SCC.66-67-81.82.8% Both Nb and Ti decrease
SFE of stainless steels when added in small amounts.’* In the case of Ti,
although small additions worsened resistance,®':8%-87 additions of 29, Ti
appeared beneficial.®! There may therefore be an intermediate Ti content
which results in minimum SCC resistance. As in the case of Si, however, the
benefits at large concentrations may arise from stabilization of § ferrite.
Benefits found for significant additions of Ti, Si, V, and Al have been
explained®®°! by assuming that volume fractions of ¢ ferrite as small as 5%
can blunt cracks which are propagating in the austenite. We address this
question below, but for the case of amounts which clearly remain in solution,
Ti and Nb are detrimental.

Finally, there are several solute elements which have been studied in
model alloys and are primarily of academic interest. These include V, which is
somewhat beneficial,’! especially when ¢ ferrite is stabilized,®® and Al, which is
variable in its effects.®7-82:°1 The platinum elements (group VIII except for Fe,
Co, and Ni) greatly accelerate SCC, evidently because of electrochemical
effects.®® They also promote a transition to intergranular fracture. A number
of other elements have the behaviors indicated in Fig. 18, taken from Sedriks’
review®’; note that the present review has reassessed some of the results
summarized in Fig. 18.

The group Vb elements in addition to N and P are evidently all
detrimental: As, Sb, and Bi.°” These latter elements are interesting since they
are used as hydrogen recombination poisons in cathodic charging. Sulfur is
also a poison and is known to be detrimental.®®-¢” There is an increasing body
of evidence, for several alloy classes, that solutes which apparently promote the
stability of dissociated hydrogen in an alloy, also promote hydrogen
embrittlement and cracking. However, the behavior of platinum group
elements®® indicates that the converse is not true. Two elements whose
behavior should have a bearing on the viewpoint that SFE and environmental
susceptibility are intimately related, are Cu and Co, since they affect SFE
oppositely.””?> But as has been discussed,®® neither the SFE changes nor
changes in SCC resistance are more than modest,””-3? so that little can be
concluded from behavior of these elements.

As was mentioned for ferritic steels, multiple alloy additions are hard to
assess as separate variables, particularly when an alloy contains six or more
significant elements. The results cited for interactions of P with other elements
are a graphic example. Detailed experiments to optimize alloys based on the
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Fig. 18. Portion of periodic table indicating the effect of various elements on the resistance of
stainless steels to SCC in chloride solutions: [, beneficial; W, variable; [], no effect; x,
detrimental; N.I, not investigated. Recent data have altered certain of these conclusions, as
discussed in the text. (From Sedriks.®”)

above assessments would therefore be important, and might contradict or at
least modify in some respects the conclusions reached.

Microstructure and Thermal Treatment

The austenitic steels in general have a single-phase microstructure. The
major exceptions are the presence of  ferrite when sufficient ferrite-stabilizing
elements, such as Cr, Si, or Ti, are present, and the formation of strain-induced
martensite when some of these steels are deformed. The martensite may be bce
o or hexagonal close-packed (hcp) ¢, or both, depending on the steel. There is
evidence that the presence of § improves SCC resistance,®®-°!-°¢ although the
evidence would be more clear-cut if ferrite-free alloys had also been tested.®®-**
In hydrogen tests, in which the effects are manifested as a loss in RA, the
presence of ¢ ferrite alters fracture morphology, with cracking occurring in
austenite—d interfaces.”” These morphology changes resulted in no additional
loss of RA relative to ferrite-free material in both 304L and 309S steels.”?-%7-%%
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It would therefore appear that ¢ ferrite can play a role in crack propagation,
either as a less “crackable” phase, or as a phase in which crack tip
electrochemical sharpening, as discussed at greater length below, occurs less
readily.®®-# Since such effects do not occur in hydrogen tests, it seems that d
plays a different role in ductile-type RA losses.

Formation of &' and ¢ martensite has often been suggested as a
determinant in environmental susceptibility of austenitic stainless steels. But
as Staehle has reviewed,”® there are good arguments against a critical role for
martensite in SCC behavior. Similar proposals for a causative martensite role
in hydrogen embrittlement have also been discounted.??-72:74:84.100.101 There
does exist a general correlation of austenite stability with resistance to both
SCC and hydrogen effects, although many exceptions are known. Thompson
pointed out that this approximate correlation evidently arises from the
correlation between SFE and austenite stability,' °® which in turn arises from
the role of stacking faults in formation of ¢ martensite' °% as an intermediary in
the formation of «' martensite.'®® Note, however, that hydrogen does not
assist the formation of martensite,'°* and that both the SCC and hydrogen
results discussed above tended to correlate with slip planarity in general, not
with SFE alone. The pivotal example is the behavior of nitrogen, which
increases environmental susceptibility without changing SFE. Thus, since it
appears that martensite formation is neither necessary nor sufficient for either
SCC or hydrogen embrittlement, it should be regarded as playing only a
secondary or exacerbative role, not a causative role.

Another microstructural feature of significance is that of carbide
precipitation at grain boundaries, or “sensitization.” Cooling rates from the
solution temperature (1250-1400K) can have an effect when they produce
carbide (usually M,;C,) precipitation. This sensitized condition leads to
accelerated intergranular corrosion, but has a mixed effect on chloride SCC,*®
including a sensitivity to the oxidizing potential in the environment. Cracking
modes tend to be intergranular rather than transgranular, and may or may not
be more rapid. Hydrogen gas results are generally parallel to these aqueous
results.®®7* It would be concluded that sensitization can alter the cracking
process in SCC, either because of electrochemical changes®®®® or structural
behavior changes’* in chromium-depleted regions near grain boundaries. As
in the case of d ferrite, such effects may well differ for cracking under
electrochemical conditions and in hydrogen.

Deformation is another way in which the microstructure can be changed
(independent of any martensite formation). Amounts of cold work up to about
10 % strain tend to accelerate SCC,°® while larger strains reverse the trend and
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reduce SCC. For hydrogen embrittlement there is also evidence for initial
worsening and then improvement at higher strain.”*%* More pronounced
changes are found with warm working, which permits partial retention of the
worked structure. The effect of one method of such working, high-energy-rate
forging (HERF), is shown in Fig. 19. The reason for the improved hydrogen
performance appears to be the development of a dislocation structure
characteristic of easy cross slip at the deformation temperature, although the
alloy may deform by planar slip at room temperature.®#-1°! Thus, the 304L in
Fig. 19 exhibits greater HERFed improvement than 21-6-9 because its slip
mode at room temperature is much more planar than its high-temprature
mode, while 21-6—9 exhibits appreciable cross slip at both temperatures.

Grain Size and Texture

Austenitic stainless steels, when moderately deformed or annealed, are at
best weakly textured, so that no large effects due to texture are expected. Grain
size!!% can play a role, with grain size reduction offering a moderate decrease
in cracking under dynamic loading!® or statistically at a given percentage of
the respective yield stresses.!°!:196 There are preliminary indications of the
same effect in hydrogen embrittlement of 304L.*%”

Fig. 19. Ductility of 304L and 21Cr--6Ni- 9Mn alloys tested in air. in 69-MPa
hydrogen, or after hydrogen charging to supersaturation. Effect of thermo-
mechanical history (HERF) shown. (From Thompson.”?)
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OTHER IRON-BASE AUSTENITES

There are a variety of iron-base alloys which are neither conventional
(bce) steels nor stainless (i.e., Cr-containing) austenitic (fcc) alloys. The
information on some of these alloys provides a fuller picture of the behavior of
steels, and is summarized briefly, although relatively little work has been
reported.

Single-Phase Alloys

Binary alloys of iron and nickel are austenitic above about 309, Ni. As
Smith has reviewed,'°® the ductility loss due to hydrogen charging decreases
rapidly as Ni content increases above 309, and at 509, Ni the loss is nil. Tests
of an Fe-389% Ni alloy in a chloride-containing caustic solution and of an
Fe-429%; Ni alloy in boiling MgCl, both showed no cracking in 7-14 days,*3
which was a considerable improvement over Fe-89; Ni alloys (discussed
under Steels). Alloys of 369 Ni and 519, Ni which were hydrogen-charged
showed no loss in ductility.!®® Such nickel-rich alloys are stable austenites and
exhibit easy cross-slip, although the benefit of Ni apparently extends to bcc
alloys also. The Fe—Ni—Cr alloys of the Incoloy family will be discussed with
the nickel alloys.

Significant effort has been devoted to Fe—-Mn alloys, starting with the
work of Uhlig.** Above about 14 %, Mn, these alloys tend to be austenitic at
room temperature,!'%!!! and as Mn content increases above 149, SFE
increases.'*°-!12 Microstructural observations in a series of alloys above 14 %
Mn'!? are parallel to observations on stainless steels of similarly increasing
SFE. A broad correlation of resistance to hydrogen-induced ductility loss with
increasing Mn content (i.e., planar slip expressed through SFE) would
therefore be expected by analogy with behavior of stainless steels.

Studies of hydrogen behavior have uniformly shown that increasing Mn
content above about 14 % leads to increasing ductility in hydrogen.?4!13 115
Some of the experiments,!!*!!5 however, were performed in ~ l-atm
hydrogen gas, which is not a very severe test environment for austenitic alloys
in general. More severe conditions, such as hydrogen charging or testing in
69-MPa (10,000-psi) hydrogen gas, showed greater ductility losses than the 1-
atm tests, and were also in good agreement (e.g., the RA measured for 20 % Mn
alloys was 12 % in hydrogen®*!!#). Addition of carbon improves performance
of these alloys,?* as does addition of Cr,3®'!% and both elements tend to
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stabilize the austenite and thus raise SFE. The behavior therefore seems
generally parallel to that of stainless steels. The overall pattern of behavior,
however, is that Fe—Mn alloys are rather distinctly embrittled by hydrogen,
both in fracture mode''* and as expressed by RA loss.?*!!'# Thus, unless
thermomechanical treatments prove successful,!!? these alloys do not seem
promising for hydrogen service. More work would be appropriate, both with
more complex alloys and with HERF or other processing.

Alloys used for glass—metal and ceramic—metal seals are typically
austenitic Fe—Ni—-Co ternary alloys, whose thermal expansivity matches that
of the glass or ceramic. Two of these have been studied using hydrogen
charging and 69-MPa gas tests!!: Fe—29 9% Ni—17 % Co (trade name Kovar)
and Fe-27 9% Ni-25 % Co (trade name Ceramvar), which have annealed yield
strengths of about 320 MN/m?. Results for one of these alloys are shown in
Fig. 20; both alloys showed nil ductility loss in hydrogen tests.!!” These alloys
are fairly stable austenites, and thus should exhibit nonplanar slip, a point
which should be investigated as part of the general correlation between slip
mode and hydrogen performance.
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Fig. 20. Ductility (RA) of Fe-27Ni-25Co alloy (Ceramvar)
for tests in air or 69-MPa helium and hydrogen. (From
Thompson and Posey.''”)
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Precipitation-Strengthened Alloys

In order to discuss precipitation-strengthened austenites, it is necessary
to distinguish such alloys from the “precipitation-hardenable” or PH steels
(see Table 1). The PH steels are heat-treated to produce a microstructure of
precipitates (e.g., Fe—Ni~Al or Ni-Nb compounds) in a martensitic matrix;
they are thus highly alloyed, high-strength, corrosion-resistant steels in the
heat-treated condition. Their strength arises both from the precipitates and
from the martensitic matix, so that the PH label is a slight misnomer. They
are also rather susceptible to hydrogen embrittlement,!?-118-119

This section discusses alloys of austenitic matrix which are non-
martensitic and strengthened primarily by precipitation. The usual precipitate
is the ordered y’ phase familiar in nickel-base superalloys, of composition
Ni3(Al, Ti). For example, the alloy A-286 is a 159, Cr-25%, Ni stainless steel,
with additions of 2.25% Ti and 0.2% Al to form y". In the commercial A-286
alloy, both SCC%%-12° and hydrogen embrittlement’2:118:120.121 have been
observed, as well as crack growth under sustained load in high-pressure
hydrogen.!22 Figure 21 illustrates the degree of ductility loss, about 50%;, and
the fact that HERF working is not beneficial (cf. Fig. 19) when the material is
subsequently aged to form y".

The presence of ;' therefore appears to be critical to the hydrogen-
induced losses in RA in A-286. The presence of small, ordered, coherent
precipitates of 7’ should result in planar slip, since dislocations cut or shear

Fig. 21. Behavior of commercial A-286 with various histories, for
tests after hydrogen charging to supersaturation from the gas phase.
(From Thompson.”?)
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such precipitates in the initial stages of deformation.!?? Since it is the first
few percent strain which seem to be critical for hydrogen ductility
losses,3%-72:84.100 the factors which influence slip planarity have been
studied,!?* and it was observed that the crystallographic mismatch or misfit
between y’ and the austenitic matrix is an important element in the extent of
slip planarity.'24 126 When the mismatch J is significant, coherency is lost at
some plastic strain ¢, which is approximately given by!2+12¢

o0 +e .= bfr

where b is the Burgers vector and r the particle radius. Thus, for a given r,
increasing o corresponds to decreasing ¢, and to decreasing hydrogen
accumulation at particles. A series of alloys of different composition, similar to
A-286, were found to exhibit such a correlation, as shown in Fig. 22. Figure 22
is striking because it illustrates the consequences, in hydrogen tests, of slip
planarity in general, whether caused by low SFE, by dislocation cutting of
precipitates or clusters, or whatever cause. The trends in chloride SCC of A-
286 with aging®® also appear compatible with this picture. This conclusion has
important implications for both iron-base and nickel-base alloys strengthened
by 7', as we shall discuss.
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Table 4. Composition of Precipitation-Strengthened Steels (wt %)

Alloy Cr Ni Ti Al Mo Si Mn C B

A-286 15.0 25.0 225 02 12 06 15 005 0005
Alloy 8* 14.5 30.5 21 025 12 015 01 002 0001
V-57 14.8 26.0 30 025 125 055 025 005 0.008
CG-27 13.0 38.0 25 16 60 — — 005 0010

“Modification'?* of A-286 shown in Fig. 22.

The alloys V-57 and CG-27 are of the same type as A-286 (see Table 4).
Both show ductility losses in hydrogen, with the loss for V-57 (Fig. 22) being
similar to that for A-286.!25 The CG-27, with 6%, Mo, exhibited very low
ductility in hydrogen tests,'?* as did a modified A-286 composition with 5%,
Mo."2* The Mo is evidently deleterious because it forms a compound which is
very brittle, even without hydrogen.'?4-123

ALUMINUM ALLOYS

The majority of published work on the fcc matrix aluminum alloys has
been on SCC behavior rather than on hydrogen embrittlement, although that
situation is changing. We have discussed elsewhere®® some of the current ideas
on a hydrogen role in aluminum alloy SCC, and summarize that material
below after reviewing the evidence on SCC. Aluminum alloys differ from
nearly all the alloys discussed above in that they are almost exclusively
strengthened by precipitation of second phases. The discussion accordingly is
presented somewhat differently.

Composition

Composition of aluminum alloys can play a modest but significant role in
SCC behavior. It will be necessary in discussing composition to refer to the
physical metallurgy of the important alloy classes. The metallurgy of the
binary alloys on which the commercial alloys are based has been reviewed in
detail,"23-126:127 and the ternary and quaternary alloy behavior has also
been summarized.?3123:127-130 We shall largely restrict ourselves to

www.iran-mavad.com

Age Cpmodine 5 Gzl gy



Metallurgical Variables in Environmental Fracture 91

description of precipitation sequences and morphologies, as these apply to
SCC behavior.

The commercially important alloys of aluminum fall into four classes, by
their Aluminum Association numbers: the 5000 series, essentially Al-Mg
binary alloys; the 6000 series, essentially Al-Mg-Si ternaries; the 2000 series,
Al-Cu or Al-Cu-Mg alloys; and the 7000 series, Al-Zn—Mg alloys which
usually contain Cu. The latter are, in general, the strongest alloys, and also are
most susceptible to SCC, while the 5000 and 6000 series are generally rather
resistant to SCC but are only moderately strong. Compositions of typical
alloys are shown in Table 5. The major elements in these alloys are sufficiently
different that only a rather broad generalization on the role of composition
seems appropriate: increasing the total amount of solute, that is, the amount
which can be put in supersaturated solid solution, increases the susceptibility
to SCC.%313% In 7000 alloys, there is some evidence'?®! that a relatively low
Mg/Zn ratio favors SCC resistance.

There are a variety of minor elements in aluminum alloys and these
essentially have two kinds of effects. One is the tendency of many of them to
form insoluble intermetallic particles, which pin grain boundaries and thereby
stabilize the wrought grain shape, as shown in Fig. 23. They therefore prevent

Table 5. Typical Composition of Aluminum Alloys (wt %)

Alloy® Cu Zn Mg Si Fe Mn Cr Zr Other
2014 4.4 0.2 0.4 0.8 0.6 0.8 0.1 — -
2024 4.5 0.2 1.5 0.5 0.5 0.6 0.1 — —
2219 6.2 0.1 0.02 0.2 0.3 0.3 — 0.15 01V
2618 24 — 1.5 0.2 1.0 — — — 1.0Ni
5083 0.1 0.2 4.5 0.4 04 0.7 0.15 — —
5456 0.15 0.2 5.0 0.2 0.2 0.7 0.15 — —
CS19 — 0.1 8.25 0.05 0.1 0.4 0.1 — —
6061 0.25 0.2 1.0 0.6 0.6 0.1 0.25 — e
7049 1.5 7.6 2.5 0.2 0.3 — 0.15 — —
7050 23 6.3 2.3 0.1 0.1 — — 0.1 —
7075 1.5 5.5 2.5 0.3 0.5 0.3 0.3 — —
7079 0.6 43 33 0.3 0.3 0.2 0.2 — —
7175 1.5 5.5 2.5 0.1 0.15 — 0.25 — —
7178 2.0 6.8 2.7 0.4 0.5 0.3 0.3 — —
MAS2 1.2 6.7 2.5 0.1 0.1 0.1 — 0.15 —

“These alloys typically also contain 0.1-0.2 Ti, and up to 0.15 other elements.
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Fig. 23. Light micrograph of grain structure in 7075-T6 plate.
Directions are as follows: L, longitudinal or rolling; T, transverse or
width; S, short transverse or thickness.

development of an equiaxed structure. The elements of this class are Mn, Zr,
and Cr, which affect grain shape in all four alloy classes. Grain shape is quite
important in SCC of aluminum alloys, as we show below, and the many studies
which have used model alloys of equiaxed structure must be regarded with
caution. Such alloys can be used to separate the effects of individual element
additions, but they do not model a commercial alloy, which is more complex
chemically and microstructurally. It can thus be expected that at least some
and perhaps many of the conclusions reached with model alloys will not apply
to complex commercial alloys of wrought grain shape.

Minor elements can also affect precipitation of the strengthening
precipitate, altering the kinetics and sometimes the morphology. This effect is
particularly significant in 5000 alloys. In these alloys, the sequence seems to
bel 23

p—p

where B is MgsAly; there is no clear evidence for GP zones preceding B’
formation. The alloys can readily be prepared as metastable Al-Mg solid
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solutions, particularly at lower Mg contents, as in 5083 and 5456, since
precipitation of the equilibrium S phase is quite sluggish. The ' nucleates
heterogeneously, particularly at grain boundaries,'?® and as the B slowly
develops, it tends to form a continuous layer. Evidently because they are
strongly anodic to the matrix,!?® such B layers can cause considerable
intergranular corrosion (not necessarily SCC). It is true in these alloys,” as we
pointed out for other systems, that SCC susceptibility is sometimes but not
always correlated with intergranular corrosion. Increasing Mg content, then,
increases the alloy instability (i.e., the tendency to form f in service), and a
variety of treatments and alloy additions have been developed to stabilize the
5000 alloys against formation of grain boundary f. For example, cold work
followed by an anneal high in the o + f field stimulates nucleation of ' on
dislocations throughout the matrix and reduces subsequent instability.!*?

Addition of Mn to binary Al-Mg alloys is beneficial in increasing the
precipitation rate of 8’; both Mn and Cr additions stabilize the wrought grain
structure'33 and increase strength.!** Additions of 0.2-0.4 % Bi also seem to
help stabilize the alloy through formation of Bi,Mg, particles;' > additions of
Cu and Zr have also been shown to improve SCC resistance.'*®* When
properly stabilized, 5000 alloys can perform fairly well in seawater
environments,” although there is some evidence that strength increases at
high-Mg levels are paralleled by slight decreases in SCC resistance.'** New
alloys, such as CS19, which are tough and weldable in addition to having yield
strengths in excess of 200 MN/m? (30 ksi), exhibit maximum SCC sensitivity in
the short transverse or S direction!3* (see Fig. 23); we shall see that many
aluminum alloys behave similarly.

The precipitation sequence in 6000 alloys, such as 6061 and others,
proceeds as follows!23:

GP zones — ordered zones — ' — f8

where f§is Mg,Si. All these precipitates occur as needles. In commercial alloys,
excess Si above the stoichiometric Mg/Si ratio causes precipitation of
elemental Si, particularly at grain boundaries. Addition of about 0.2%; excess
Si increases strength, while lowering SCC resistance somewhat,'?® although
these alloys in all conditions are rather resistant to SCC. Excess Si at grain
boundaries accelerates intergranular corrosion,? but as we have noted before,
the occurrence of such corrosion correlates poorly with SCC resistance. As in
the 5000 alloys, additions of Mn and Cr increase strength and improve SCC
resistance, partly through their effect on grain structure,®® and partly through
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Table 6. Mechanical and SCC Properties of Typical Aluminum Alloys?-141-149

Minimum
0.29 yield Fracture Stress-corrosion
Product strength  toughness K, .° threshold stress®
Alloy, temper® form (MN/m?) (MN/m?%2) (MN/m?)

5083-H321 Plate 215 27-33 >175
6061-T651 Plate 240 30-35 > 250
2014-T6 Forging 370 18-21 <60
7075-T6 Forging 435 17-22 <60
7075-T73 Forging 365 20-24 >295
7049-T7X Forging 450 22-27 ~150¢
7050-T7X Forging 450 25-33 ~190¢
MAS52-T7X Forging 415 ~30 ~170¢

“Tempers are as follows: H refers to processing sequence at mill (not strictly heat treatment); T6, solution-heat-
treated and aged: for 2014, typically aged 18 hr at 435K (325°F), and for 7075, typically aged 24 hr at 395K
(250°F); T651, stress-relieved by cold stretching (~ 2 %) before aging; T73 and T7x, solution-heat-treated and
overaged: for 7075, this would typically be T6 aging followed by 24 hr at 435K (325°F).

®In short transverse direction.

“Stress for 509 survival (mean critical stress) rather than threshold stress (see Ref. 149 for details).

reduction of slip planarity.'3” Cu additions also increase strength, but in

amounts above 0.5% decrease SCC resistance.?"38

The two-alloy series just discussed, the 5000 and 6000 alloys, are only of
moderate strength (see Table 6 for typical values). The two series to which we
now turn are appreciably stronger and also distinctly more susceptible to
SCC. The 2000 series alloys are either essentially Al-Cu binaries, such as 2219,
or Al-Cu-Mg alloys such as 2014 and 2024. The precipitation sequence
depends on the Cu/Mg ratio. When the ratio is very large, as in 2219, one
observes the well-known sequence,'?3

GP zones - 60" - 80" - 0

where 8 is CuAl,, in the form of a disc or plate. For the large Cu contents of
most commercial alloys (i.e., =4 %), maximum strength occurs!3’ with the
maximum amount of §”. Mg additions accelerate the precipitation process,
and at intermediate Cu/Mg ratios such as 7:1, give rise to a duplex
precipitation sequence (i.€., the f sequence above) together with!*°

GPB zones - S’ > S
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where Sis Al,CuMg. GPB zones are spherical like GP zones but are rich in Mg
as well as Cu; S’, like 6, is platelike. As the Cu/Mg ratio decreases to about
2:1, the S sequence alone is observed,'*® as in 2024. Maximum strength
corresponds to mixed GPB zones and S'.

In 2000 alloys of low Cu/Mg ratio, additions of Cr and Mn increase
strength?; Co and Mo additions have also been found to increase strength in
developmental alloys.'*? Fe and Ni additions, as in 2618, stabilize grain size
through formation of insoluble particles.? The British equivalent of 2618,
R.R.58, which is extensively used on the Concorde supersonic transport, shows
rather rapid region II crack growth (see Fig. 2), which may be due in part to the
Fe and Ni additions.?

The strongest aluminum alloys in general are the 7000 series, and as Table
6 shows, they maintain adequate toughness at high strength. They are also
rather subject to SCC under certain conditions, and considerable effort has
been devoted to understanding and controlling SCC in order to extend the
usefulness of the series. The precipitation sequence in Al-Zn—-Mg alloys like
7075 and 7049 depends on the Mg content!23-127-130 in general it is

GP zones >y’ > n (- T)

where # is MgZn, and T, which is present for Mg contents above ~3 9%, is
(AlZn),,Mg,,. At high Mg/Zn ratios, as in 7079, a T" phase is also observed.
The peak strength occurs with predominantly GP zones, mixed with 1’; # is
usually present at grain boundaries. Figure 24 illustrates an overaged
structure of predominantly #, which gives good resistance to SCC.
Additions of Cu are made to many 7000 alloys. Cu increases the volume
fraction of #’, and thereby increases both strength and SCC re-
sistance?-©8:128-131.143 a¢ the 1 % level and above. Indeed, Cu is only omitted
from 7000 alloys to obtain better weldability. Cr and Mn accelerate
precipitation in these alloys; claims that this occurs partly because these
elements precipitate during homogenization treatments and act as nuclet for
later heterogeneous precipitation'3® have been disputed.!?” The effects of Cr
and Mn on grain shape, referred to above, have been thoroughly studied in
these alloys,'#* and Zr additions have a similar effect.®-!3*° Of those three
elements, however, Cr, followed by Zr, is most effective in decreasing
SCC.'*3-145 Very small additions of Ti (e.g., 0.04%) retard precipitation
kinetics in model alloys’*® and improve SCC performance.'*” This
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Fig. 24. Transmission electron micros-
copy of typical 7000-series alloy. (a)
Bright field of structure aged beyond T6
condition, becoming predominantly 5
phase; large intermetallics at grain
boundary. (b) Diffraction of T73
condition of same alloy, matrix 100
zone, with characteristic precipitate
reflections. (Photographs courtesy of
N. E. Paton.)

composition level, however, is below the commercial maximum limit for grain-
refining Ti additions in all 7000 alloys?-* and is thus of limited interest. In the
same vein, additions of up to 0.6 %, Li were found beneficial to SCC resistance
of Cu-free 7000 alloys,'*® but ingot casting problems have prevented use of Li
in commercial alloys.

A variety of other elemental additions has been studied,>°%:!4? as has
been reviewed in some detail by Mondolfo'*°; most such elements, however,
have little effect on SCC. Turning to new alloys, additions of Cr considerably
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increase quench sensitivity (see below) in 7000 alloys. As Speidel and Hyatt?
have discussed, much recent alloy development work has consequently been
oriented to design of Cr-free 7000 alloys which would also resist SCC.
Otherwise, these alloys cannot be used in section thicknesses above about
8cm.

From this development work there have emerged four new alloys which
have superior combinations of strength, toughness, and SCC resistance,
compared to the widely used 7075.%-!3!-14% Special processing and lower
impurities in the 7075 composition led to the alloy 7175, while increased Zn
and reduced Cr, Fe, and Si led to 7049. Somewhat lower in Zn than 7049
but higher than 7075 is 7050; it also has increased Cu, low Fe and Si and
replaces Cr with Zr. Finally, the alloy MAS52, not yet a standard alloy,'*®
has low Fe and Si and replaces Cr with Zr. In the form of die forgings,
all these alloys are superior to 7075,4° particularly in toughness (see Table 6).
The lowest quench sensitivity was shown by 7050 and MAS2; MAS2
was somewhat less resistant to SCC than the others, while 7050 seemed
somewhat superior.'*?

An interesting subject in the history of the 7000 alloys has been the
controversy over the value of Ag additions. Such additions might, by analogy,
be expected to behave similarly to Cu additions. Considerable effort, especially
in Europe, was devoted to development of Ag-containing alloys, and
Polmear’s review'*? suggested that improved SCC resistance was obtained.
Subsequent work?!3! has not confirmed those improvements, however, and
further careful study by Staley and co-workers has explained the apparent
contradiction. The interaction of Ag with vacancies refines precipi-
tation'2%-'°% and leads to strength improvements after very fast quenches from
solution temperature, or after fast heating to aging temperature'>!; such
conditions are obtainable for small laboratory specimens. But these rates are
‘not attainable commercially; indeed, at commercial rates, Ag degrades
mechanical properties.’! Resistance to SCC must be carefully evaluated,
using silver-free microstructures which are fully comparable to those in
the Ag-containing alloys.'>’ When this is done, no improvement in
SCC performance is found.!'*!''43 Further, Ag promotes intergranular
corrosion and increases quench sensitivity.!3%:131-143 [n concert with the
cost of silver, these findings have greatly reduced the interest in Ag additions
to 7000 alloys.

Before leaving the subject of composition, we should note that the 2000
and 7000 alloys attain peak strength with a precipitate structure which is
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sheared rather than bypassed during deformation.'?®-!?¢ The same is
probably true of 6000 alloys.!3” This, in turn, means that slip will be rather
planar in the peak strength condition, becoming wavy as overaging progresses
and precipitates become progressively incoherent.!?*!2¢ Since SCC
sensitivity tends to be high near peak strength and decline sharply with
overaging, a correlation between slip planarity and SCC can be drawn in
precipitation-strengthened aluminum alloys. The same may be true to a more
limited extent in 5000 alloys, since Mg tends to increase difficulty of cross-
slip.!>2 We now turn to two other very important factors in aluminum alloy
SCC: grain shape and thermal treatment.

Grain Shape

Wrought aluminum products exhibit to varying extents the same grain
shape: a thin pancake considerably extended in the longitudinal and trans-
verse directions and rather thin in the short transverse or thickness direction
(see Fig. 23). Aluminum SCC is virtually always intergranular,?->!%% and
for intergranular fracture the only easy or low-energy fracture path in
the structure of Fig. 23 lies normal to the short transverse direction, or
along the pancake faces. Thus SCC tests in the longitudinal and transverse
directions, with essentially zero normal stress on the grain faces, show
much lower cracking rates than do tests with the load in the
short transverse direction®*#%134; indeed, SCC cracking rates have
been shown to be a function of the resolved stress normal to the
boundary.? The same grain orientation effect is familiar in smooth-bar
TTF tests.!28-143

This grain structure is the origin of the pervasive concern about “exposure
of end grain” (i.e., alignment of the short transverse direction with the stress
axis at a surface) in aluminum alloys, and it might be thought that a more
nearly equiaxed structure would be preferable. Tests on equiaxed structures,
however, have shown SCC susceptibility to be as great or greater than short
transverse susceptibility.?-3-145:153:155 Thys, the commercial grain structure
not only restricts concern to one direction in the product, but improves SCC
resistance over an equiaxed structure. We should repeat that studies on
aluminum alloy SCC continue to be performed on model or “clean” alloys, in
which the grain structure of Fig. 23 is not obtained. Cracking rates in such
materials can be both higher and qualitatively different than in any
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commercial alloy,> and doubt is appropriate whether the results of such
studies will have any application to commercial practice.

Thermal and Thermomechanical Treatment

By far the most common treatment of aluminum alloys to reduce SCC is
overaging, particularly in the more susceptible alloys such as the 2000 and
7000 series. As the precipitates begin to lose coherency, and strength gradually
declines, the SCC resistance often rises markedly. Thus only a modest penalty
in strength may be paid in return for adequate resistance to SCC. In 7075, for
example, overaging at 435K (320°F) for 10 hr reduces yield strength only
about 79, although the smooth-specimen TTF “threshold stress” begins to
increase sharply.? In fracture mechanics terms, Fig. 25 shows that the
toughness K, increases rapidly beyond 10 hr, while the plateau or region 11
maximum SCC crack velocity (see Fig. 2) in NaCl solution?-? falls by an order
of magnitude. An additional order-of-magnitude reduction can be achieved
with 10 hr further overaging, which also increases toughness. Behavior of 7178
is similar.

Selection of overaging treatments depends on the processing sequence
and the consequent yield strength; thus, different product forms may require
different aging times. One effort to meet this has been to monitor both yield
strength level and electrical conductivity,!3® since the latter reflects the
progress of the precipitation sequence. Good results have been obtained by
such a surveillance technique for 7075-T73 products.!>® It is essential to the
use of commercial high-strength aluminum alloys to be able to provide this
kind of SCC resistance, since end grain is essentially impractical to avoid? and
cannot be reliably protected by coating or painting,

An important aspect of thermal treatments for aluminum alloys is the
quench rate from the solution treatment temperature. This can affect SCC
performance of both 2000 and 7000 alloys. In naturally aged 2000 alloys, the
rate of quench affects SCC resistance for rates less than about 550 K/s2:!28;
this has been attributed by Hunter et al.'®” to Cu-rich grain boundary
precipitates formed during the slower cooling. Intergranular corrosion is also
accelerated by lower quench rates.!?® Thus, thicknesses greater than about
6 mm in these alloys must be artificially aged,” since they cannot be quenched
at a sufficiently high rate. (Artificial aging refers to aging at temperatures
above room temperature.)
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All 7000 alloys are artificially aged, and thus particular attention must be
paid to the quenching rate, for two reasons. First, SCC performance can be
affected; and second, tensile properties can be reduced. In relation to SCC,
there is a critical temperature range from 675 down to 560 K (750-550°F), in
which the cooling rate must be above 100 K/s.!27 Lower cooling rates reduce
vacancy retention and produce coarse 7’ and # in both the grain boundaries
and the matrix, and thereby accentuate susceptibility.'?®!2° The short
transverse SCC properties, however, are not improved by rapid cooling,
although intergranular corrosion resistance is obtained.!?® Turning to the
second problem, tensile properties, their decrease with decreasing cooling rate
is called quench sensitivity. In 7000 alloys, Cr content causes considerable
sensitivity,>® but replacement of Cr with Zr or Mn greatly improves the
situation.?130-131-143 Increased quench sensitivity results from additions of
Ag'3! and Mo,'3° and to some extent from incrsased Zn and Mg content in
7000 alloys?'!43; of these additions, only Zn improves SCC resistance.!3!-143
For this reason, as discussed, new alloys like 7049, 7050, and MAS52, which are
intended for thick-section applications and thus require low quench
sensitivity, are designed with increased Zn content, and Zr and sometimes Mn
replacements for Cr?13!:149 a5 grain shape stabilizers. These new alloys are
thus improved in resistance to SCC.

A topic with major implications for future alloy processing and
development is that of thermomechanical treatments (TMT). Until fairly
recently, it had been thought that only modest improvements in properties
were attainable.?®> For example, the strength of 2000 alloys can be increased
somewhat by room-temperature deformation after quenching from the
solution treatment temperature, and then normally aging (similar to a T3
temper). Efforts to follow the same procedure in 7000 alloys (as in the T8
temper) yielded little improvement in properties except in model alloys.!*®

The key to TMT of 7000 alloys seems to be warm work instead of cold
work. Apparently the first workers to recognize this were Pavlov et al.,' > who
warm-worked their material to 20 %, strain at 395 K (250°F) and subsequently
also aged the material at 395 K. More recently it has been found that aging
prior to working, to produce a precipitate structure roughly like that of the
peak strength condition, is very beneficial. Warm work is then generally
conducted at 445-470 K, followed by further aging. An impressive example of
such work is that of Paton and Sommer, ' °® who were able to obtain benefits in
7075, 7049, and also in 2024. In the case of 7075, they found that aging to the
peak strength or T6 condition, followed by 159 strain at 465K and further
aging 3 hr at 435K gave essentially the T6 strength with the overaged or T73
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Fig. 25. Effect of aging time at 433K (320°F) on the toughness and stress-corrosion crack
velocity of 7075-T651 (@MW) and 7178-T651 (QO[J); tempers indicated at top.
091ksiin."? = 1 MN/m? ?; 1420in./hr = 1 cm/sec. Crack orientation: TL. (From Speidel
and Hyatt.?)

SCC resistance (cf. T7351 condition in Fig. 25). In each alloy, they were able to
obtain “overaged” SCC properties at no sacrifice in strength or toughness
from the peak strength condition.

This use of warm work represents a means of avoiding the planar slip
characteristic of room-temperature deformation. The worked structure is thus
relatively homogeneous, and annealing it back to a lower strength (e.g.,
equivalent to the T6 condition where the process began) permits overaging the
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T™MT

SUBSTRUCTURE

DEFORMATION STRENGTHENING

......................

YIELD STRESS
OR
HARDNESS

1 ]
AGING TIME

Fig. 26. Schematic comparison of strength as a function of aging time for conventional thermal
treatment (dashed line) and for TMT (solid line). The TMT sequence was to age the material to
the T6 condition, deform 159, at 465K, and age further at 435K. The resulting T73 SCC
resistance was accompanied by T6 strength because of dislocation substructure strengthening.
(From Paton and Sommer.'%%)

precipitates at the same time. This process is shown schematically in Fig. 26.
The attribution of the strength increase above the normal T73 condition to
dislocation substructure is supported by transmission electron microscopy
observations, as is the conclusion that the precipitates did become
overaged.'®® It thus seems evident that TMT sequences deserve thorough
investigation'®971%2 a5 one means of manipulating microstructure to develop
strong, tough, SCC-resistant aluminum alloys.

The Hydrogen Question

All the alloy systems treated in this chapter have long been known to
suffer failures by the sole action of hydrogen, except for aluminum alloys. Yet
the possibility of hydrogen involvement in aluminum alloy SCC has been
discussed for some time,'®® and recently such discussions have begun to
indicate that a hydrogen role in aluminum SCC is indeed a credible
hypothesis. We shall present this work briefly here, and discuss it in greater
detail in the concluding section.
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There have been essentially three major arguments used in opposition to a
hydrogen role in aluminum alloy SCC: first, that no embrittlement solely due
to hydrogen has been demonstrated; second, that the evidence in hydrogen-
containing environments is inconclusive; and third, that cathodic polarization
of aluminum retards rather than accelerates SCC, as a naive view of the
cathodic process would predict. All three have now been either weakened or
disproved.

Regarding the first point, it is true that dry hydrogen gas environments,
even at high pressure, have little effect on tensile properties®®-84!18 or on crack
growth behavior!®47168 of aluminum alloys. But cathodic charging has now
been shown to produce reversible embrittlement in aluminum,'®®~7! which
has the classical characteristics of hydrogen embrittlement as a function of
strain rate and temperature.' 7% It is therefore no longer tenable to say that
hydrogen alone cannot cause embrittlement. Sufficient hydrogen fugacity to
provide some minimum amount of hydrogen entry is apparently all that is
required.

The requirement for higher fugacities leads one to reexamine the evidence
related to hydrogen-containing environments. One example is air of varying
humidity, in which SCC crack velocity V is less than in aqueous solution. V
decreases with decreasing humidity in the manner shown in Fig. 27; as Speidel
has discussed, !7? water should not be condensed at the crack tip below about
309, humidity, and the effect continues below the “knee” in the postulated
adsorption isotherm for aluminum oxide, at about 5 % humidity.!®® Thus, the
easy hydration of aluminum oxide cannot account for Fig. 27. The reaction of
water with aluminum to produce hydrogen at high fugacity is the only simple
way to explain these data.’’? A similar explanation, advanced by Broom and
Nicholson for fatigue,'®* has been accepted by a number of workers.!®5-167
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Fig. 27. Crack growth rate V' in region II (see Fig. 2) © /
as a function of relative humidity in air. Data are for =11 . .
7075-T651 plate at K =19 MN/m*2.  (From 0.1 1 10 100
Speidel.!”?) Relative Humidity, per cent
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Confirmation of this conclusion was obtained by Montgrain and Swann with
the observation of hydrogen release during intergranular fracture,'’® and of
effects of unstressed exposure to moisture.!’® Although no direct proof has
been presented, the case for hydrogen involvement in such cases is increasingly
strong.

The third argument, regarding cathodic polarization, has also been
addressed in recent work. The critical observation'’?:!74 is that there is a
minimum in cracking rate at intermediate potential, but that it increases again
as the potential is made increasingly cathodic. This is illustrated in Fig. 28.
This minimum in both cracking rate and permeability at intermediate
potentials has also been observed in steels,’ 7> where there is little argument as
to the role of hydrogen. It is thought that the minimum corresponds to a
minimum in environmental fugacity of hydrogen, as shown by the
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Fig. 28. Dependence of crack velocity and permeability on
applied potential (volts vs. SCE) for several aluminum alloys, in
the environments shown. Data on permeability for 7075-T651
(W, 3% NaCl solution) are those of Gest and Troiano!®?;
cracking data for 7075-T651 (1,5 M iodide solution) and 7079-
T651 (O, 5M iodide solution) are from Speidel!®3; those for
AlZnMg; (A, 1 M chloride solution), from Berggreen.!’* (The
figure is taken from Speidel.!”?)
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permeability; increased permeation with very cathodic polarization is due to
general hydrogen production, while increases with anodic polarization are due
to acid generated by hydrolysis in pits or cracks,?'”? leading to hydrogen
generation locally even though the general potential is anodic. This process is
now well established.®®6!-175-178 The electrochemical objection therefore
seems to have been disposed of; as Speidel concluded,! ’? and we concur, this
leaves no strong objections to hydrogen participation in SCC of aluminum
alloys.

It is also true that the results discussed above do not, of themselves, offer
very positive proof that hydrogen is involved, only that its participation would
not contradict the experimental facts. A very interesting effort to obtain more
direct evidence was recently reported by Green et al.'’® They tested
precracked specimens of 7075-T6 in torsion (i.e., Mode I1I} in an aqueous
chloride chromate environment which causes rapid SCC. Mode 111 loading
was chosen because there is no hydrostatic stress component which could
cause hydrogen accumulation near the crack tip.!’°~'®? By comparison to
tensile Mode I loading, then, at least part of any operative hydrogen behavior
could be isolated. The results are shown in Fig. 29. It is evident that SCC

Lok — — AR
p————————————————— ._427 VALUES
\.

0.9f—o
}— TORSION

X
;
X

08k TENSION

0.7 o

o FRACTURE TOUGHNESS, K, /K,
[o]
o FRACTURE TOUGHNESS, Ky, Ky,

0.5 | |
10 100 1000

TIME TO FAILURE, hrs

Fig. 29. Resistance to SCC of 7075-T6 as a function of loading mode (see the text), in an
environment of 3.5% NaCl and 3.0% K,Cr,0, in water, with pH 3.2. (From Green
et al.'”®)
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susceptibility is greatly reduced in torsion, but is not eliminated. This suggests
that cooperative processes of hydrogen embrittlement and anodic dissolution
are operating together; the same is shown by the behavior of arsenic poison in
the environment.!”® This is consistent with our earlier statement that these
two types of processes can occur simultaneously.

Clearly, much remains to be done on the question of hydrogen in
aluminum alloys. But the recent work seems to show that the possibility of
hydrogen participation in SCC is a viable one. We urge that experimental
work continue!®? to be designed to consider hydrogen as one of the candidate
processes in SCC.

TITANIUM ALLOYS

Titanium alloys are still undergoing intensive development work, and
although considerable work has been done to understand their behavior, it can
be expected that understanding will appreciably increase in the future. Thus,
the work to be summarized below, complete as-it appears in some areas, may
well be modified or supplemented to a considerable extent as new work
appears.

A problem in presenting SCC data for titanium alloys is the variety of
environments which can cause SCC, ranging from distilled water and chloride
solutions to alcohols and other organic liquids, hot solid and molten salts,
nitrogen tetroxide, liquid metals, and others. Some selection of results from
this range must necessarily be made; the emphasis, as elsewhere in this chapter,
will be upon chloride-containing aqueous solutions, partly because the
majority of the experiments have been made in that environment. Hydrogen
gas data are similar in many respects to these SCC data. Where possible,
corroborative data from other environments will be cited also.

Composition

As in the case of aluminum alloys, some discussion of the physical
metallurgy of titanium alloys must be included in a presentation of the SCC
and hydrogen data. For further details on this metallurgy, several thorough
reviews!84-187 may be consulted. There are essentially three types of titanium
alloys in commercial use: the a phase alloys, in which the structure consists of
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the hexagonal close-packed (hcp) o phase; the o + f alloys, whose equilibrium
constitution consists of a mixture of o and the bce f phase; and the metastable
B alloys. These alloys are created by adding three types of elements to
titanium,*83:185 a5 follows: (1) a-stabilizing, in which the o phase is increased
in stability by alloying; (2) f-isomorphous, in which the f phase is stabilized
by alloying; and (3) f-eutectoid, in which f is stabilized but a eutectoid is
observed. The commercial alloys thus formed (alloy designations are the
nominal composition in wt %) are typified by the all-« Ti~5A1-2.5Sn; by
dispersions of f in a, as in Ti-6Al-4V; and by f matrices which contain «
dispersions, as in the alloy Ti-11.5Mo0—6Zr—4.5Sn, also called Beta II1.

The « and f phases in these alloys can assume a wide variety of sizes,
morphologies and volume fractions; titanium alloys can also contain
martensitic phases, precipitates, and intermetallic compounds.!8°
Commercial alloys are rarely used as other than a+f or S+«
microstructures,'®° but as will be seen, such commercial microstructures can
be quite complex.

The a-stabilizing elements Al, Sn and oxygen tend to worsen SCC
resistance.!86-188-191 The similar alloying behavior of Ga, In, and Pb would
suggest that they, too, would worsen SCC.!87-1°! Replacement of Al with Sn
or Ga was found to give no improvement in SCC behavior.!°2 The effect of Zr
is less clear, being inferred from behavior of ternary alloys, but effects on SCC
performance appear variable.!86:190:192.193 The interstitial element oxygen is
always added to Ti alloys in some concentrations to increase strength, but
oxygen is also a ubiquitous contaminant in these alloys, rarely being present
much below 0.1 wt %, (1000 ppm). Its reduction can improve not only SCC
resistance,'8%1? but fracture toughness as well.!#¢18° There seems to be a
critical value of Al content, 5-6 9, above which SCC properties are especially
worsened.! 86188191 Al and oxygen additions also increase the tendency for
these alloys to exhibit planar slip. Such slip becomes marked at about 4-59,
Al, which is just the composition range in which SCC susceptibility begins to
increase markedly.'®-!®8 The slip mode change, due to both Al and oxygen,
apparently occurs because of short range order,' 194193 but there have also
been claims that the SFE is lowered.!®® In any case, this is another example of
the correlation between planar slip and environmental susceptibility, which we
have identified several times in this chapter.

There are four f-isomorphous elements, Mo, V, Nb, and Ta. Only one of
these, Mo, has been investigated in binary alloys,'®® but analysis of the
behavior of multicomponent alloys indicates that all four elements reduce or
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eliminate susceptibility to SCC,'8¢ !88:192 with Mo and V being the best
characterized of the four. But mere use of fS-stabilizing elements is not
sufficient.

At least some of the f-eutectoid elements are known to increase SCC,
such as Fe, Cu, Mn, Co, Si, and possibly Cr.!86-188-190 This may occur because
of the tendency of these elements to form compounds such as Ti,Cu or TiCr,
as equilibrium is approached.'®®'?° It has been shown, for example, that
formation of TiMn in Ti-8Mn induces SCC susceptibility,!®® although alloys
such as Ti-4.5A1-4.5Mn show a ductile form of cracking in hydrogen'®’; no
TiMn was reported in the optical microscopy of the latter study.!®” The
compounds Ti,Cu and Ti,Si; have also been implicated in findings of poor
SCC resistance.! 20191

These results on a¢-stabilizing and f-isomorphous elements make it
possible to understand the data of Fig. 30, in which three commercial alloys are
compared. It is clear that decreasing amounts of Al, particularly below about
5%, or increasing Mo + V, improve SCC resistance. It should be pointed out
that care must be used in making such comparisons, since the oxygen content,
amounts of z and f, and toughness level vary among these alloys. Nevertheless,
the major compositional trends are clear, and are being used in current alloy
development work.'?® We shall now turn to consideration of microstructural
effects, which are important in titanium alloys.

Microstructure and Thermal Treatment

In predominantly « alloys, particularly those which are high in
aluminum, the important microstructural element is the ordered phase o,
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(Ti;Al). This appears at about 6%, Al the exact value depending on oxygen
content; as first shown by Lane and Cavallaro,'®® o, considerably worsens
SCC resistance. Later work has shown that increases in o, volume fraction,
which are caused by lowered aging temperature or by increased Al, Sn, or
oxygen content, worsen SCC behavior.!86-1%% 192 The presence of o, causes
planar slip due to dislocation cutting of the precipitates, as shown in Fig. 31,
and thus enhances the planar slip already present in the matrix; o, also
increases slip coarseness.!94-200.201

Heat treatments have been devised to cause dislocation bypassing of the
«, particles, thus restoring slip homogeneity,”*® but slip remains planar.
Overaging of o, might be expected to cause bypassing in the same way, and
recovery of SCC resistance with overaging has been reported®°?; subsequent
work, however, did not confirm that observation.!®? Thus, continued
planarity, even with bypassing, means that SCC susceptibility is maintained.
That conclusion is supported by the behavior of high-Al alloys which are
quenched to suppress a, but have planar slip: they are susceptible to SCC.'®!
When o, forms heterogeneously, as it does in binary Ti-Sn alloys as Ti;Sn, it is
less deleterious to SCC,2°% but Al + Sn alloys, in which Ti;(Al, Sn) forms
homogeneously,!®® perform poorly.!®® Heat treatment of other o-
isomorphous alloys, such as those containing In, can apparently suppress o,
and obtain improved SCC resistance.!®?

The most important alloy type commercially is the o + f alloy,
particularly for high-strength applications. A wide variety of microstructures
and mixtures of « and B can be produced in these alloys. For example, solution
treatment in the o + B field followed by slow cooling results in an equiaxed

Fig. 31. Planar slip due to shearing
of «, particles in Ti-10%, Al alloy.
Slip band lies along prism trace,
(1010); particles are shown in dark
field. (Photography courtesy of J. C.
Williams.)
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structure of large primary « particles surrounding islands of 5, as shown in Fig.
32(a). Cooling directly from the g field, on the other hand, results in an acicular
structure, usually (because of the limited hardenability of most Ti alloys) of the
Widmanstétten type shown in Fig. 32(b). These o plates are surrounded by
thin but largely continuous sheets or strips of f, as depicted in Fig. 32(c).
The properties (other than strength) of the acicular structure tend to be
superior, both in toughness and in SCC resistance, as indicated in Fig. 33. Here
the “band” or separation between K. and K| is about the same size in each

Fig. 32. Microstructure types in o + § alloys illustrated with Ti-6Al-4V. (a)
Light micrograph of material slow cooled from 1200K (1700°F) to produce
equiaxed « + f. (b) Light micrograph, same magnification as (a); air cooled
from 1310K (1900°F) to produce acicular (Widmanstdtten) « + . (c)
Transmission electron micrograph of acicular structure such as (b), showing
virtually continuous f between a plates.
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case, but the acicular properties are displaced to higher values. This has been
widely observed!86-188.191.192.204.205 . in particular, lower solution-treatment
temperatures or precipitation of «, (as in Ti-8Al-1Mo-1V) appreciably
increase SCC.'8%!°! When martensitic rather than Widmanstétten acicular
structures are produced by quenching, they, too, are resistant. Tempering of
the martensite causes some precipitation of fine f particles but preserves the
acicular morphology; SCC resistance is then intermediate between
untempered martensite and the equiaxed structures.’* Thus, acicular
microstructures, whether Widmanstatten, or platelike or acicular martensite,
are generally more resistant to SCC. Examples include Ti—6AI1-4V'#¢ and
Ti-4Al-3Mo-1V.190.192

The above discussion of SCC resistance is closely paralleled by the
behavior of « + S alloys in hydrogen gas.?°® 2°8 The equiaxed or continuous
o structures differ from the acicular or continuous f structures, but the ranking
depends on hydrogen pressure, as Fig. 34 illustrates. Also included in Fig. 34
are data (dashed lines) for saltwater SCC.?°° The apparent agreement of SCC
data with hydrogen results at about 1 N/m? is supported by fractography
observations, which showed that both test modes resulted in similar fracture
surfaces.??® This conclusion is at first surprising, since it suggests that if
hydrogen is equally involved in each case, the effective fugacity produced from
the salt solution is rather low. We return to this point below, but it should be
recalled that Ti alloys are relatively unreactive in salt water,!®¢ and thus
should produce little hydrogen by corrosion reactions.

Before leaving the subject of & + [ alloys, it is important to point out that
cracking is often observed to take place in the «—p interface, both in SCC*#¢
and in hydrogen.?°® In this connection, the recent observations of Rhodes and
Williams?!° may be significant: they have described an “interface phase”
which generally can be found along a—f interfaces in these alloys. The phase
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1.0®
O
————————— B
Kscg B Fig. 34. Crack growth susceptibility as a
Kq function of hydrogen pressure for two
7 microstructures (see Fig. 32) of
Ti-6Al-4V. @, Continuous  matrix;
O, continuous « matrix. Susceptibility
S shown as ratio of stress intensities for
subcritical crack growth (SCG) and
55 I, 12 1 I ] unstable fast fracture (Q), tests at 297 K.
0 10 o 10> 10 10° Dashed lines for 3.5°, NaCl solution

Py N/m2 (From Nelson.2%)

transfer and other processes may be significantly affected at «—f interfaces by
the presence of this structure, and future work on microstructural effects in
environmental fracture should examine carefully the role of non-Burgers a now
often called “Williams/Rhodes o,” after its discoverers) at interfaces.

The strongest Ti alloys are the metastable f alloys; they are also the most
complex microstructurally. We shall discuss a variety of these structures
below, but it should be emphasized that to date the § alloys are only being used
in the solution-treated (metastable f§) or aged (f + «) conditions. The f can
decompose!8°-187 at low temperatures to produce, in addition to o, the w
phase, several compound phases, and a phase separation reaction into § + f’
(formerly called 8, + f8,).'*’

The metastable f alloys unfortunately show varying behavior, and more
work oriented toward microstructural variables is needed. We summarize the
principal observations which are available. For the single-phase f§ condition
(quenched from above the § transus), these alloys may either be immune or
rather susceptible to SCC. For example, Ti-8Mn,!°! Ti-Mo alloys,'®?
Ti-8Mo0-8V-3Al-2Fe,!8% and Ti~11.5Mo-6Zr-4.5Sn or Beta I117!!-2!2 were
essentially immune, while Ti-16Mn'#¢ and Ti-13V-11Cr-3A1'86-2%% were
susceptible. When Ti—8Mn is aged to produce an o + f§ condition, it is quite
susceptible to SCC;!8¢ as annealing temperatures are reduced, the volume
fraction of f decreases, as does SCC susceptibility. That pattern might suggest
that the B phase is susceptible. In several other alloys, however, evidence
suggests that the o is susceptible, and that the size of the o dispersion controls
behavior.’8¢-2!1 In support of such a view, the Ti-Mo alloys, which are
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immune when all-§, become susceptible when aged to form fine'dispersions of
o.2'! Similarly, the f-immune alloy Beta 111 is quite susceptible when aged
below 810K (1000°F) in the « + B field,>!! (see Fig. 36a); the same occurs in
Ti-8Mo-8V-3Al-2Fe.!8¢ It is important to note that Ky, is essentially equal
to K, in aged Beta II1, but that crack growth rates are markedly accelerated in
salt solution.2!! 213

The alternative viewpoint on SCC of these alloys relies on the observation
that when aged to form intragranular «, they also tend to form layers of « phase
at the grain boundaries,2!2-21® as shown in Fig. 36(b). These layers are less
prominent at lower aging temperatures,?!? and their presence could account
for at least some of the intergranular SCC fractures widely observed in
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Fig. 36. Transmission electron mic-
rographs of f§ + o microstructures
in high-oxygen (0.28 %;,) Beta I11. (a)
Fine Widmanstitten a needles in f8
matrix after aging 12hr at 700K
(800°F). (b) Virtually continuous
grain boundary layer of x in
material water quenched from
1045K (1450°F) and aged 8hr at
755K (900°F). (Photographs cour-
tesy of J. C. Williams.)

metastable f alloys, including Ti-8Mn, Ti-Mo alloys, Ti-8Mo0—-8V-3Al-2Fe,
Beta 111, Ti-3A1-8V-6Cr-4Mo-4Zr, and Ti-6A1-2Sn-4Zr-6Mo.2!2:214.215
Presumably, the fracture takes place either by a—p interface cracking,?!® as
in o + B alloys,'®® or by fracture in the o layer.2'! These layers could, in
principle, be eliminated by aging techniques,?!> although that has not been
demonstrated; and they may also be avoidable through TMT, as discussed
below.

The other microstructures which have been studied in metastable 5 alloys
include f + w, which in Ti-8Mn, Ti-11Mo, and Beta III seems essentially
immune to SCC,'86-211-212 and the B + B’ structure in Ti-8Mo-8V-3Al-2Fe,
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which is likewise resistant.’®6 It should be pointed out, however, that these
microstructures are very low in fracture toughness and are therefore not very
useful for applications.

Increases in Mo content in these alloys above about 109, tends to
promote SCC failure,'86-211-212 and the same increases also promote
increasing planarity of slip in the B matrix.?!® Vanadium has the same
effect,?!® and the susceptible alloy Ti-13V-11Cr-3Al also deforms by planar
slip.?!? These and other examples!®® demonstrate that there is a general
correlation in metastable f alloys between slip planarity and SCC, just as there
is in the « alloys.

Thermomechanical treatments (TMT) have been found effective in
reducing SCC of several commercial alloys'®?; the most interesting example is
that of heavy deformation applied to Beta 111, followed by heat treating below
the f transus to avoid recrystallization.?!® The « layers at boundaries seem
also to be absent. The resulting structure consists of pancake grains,
reminiscent of those found in wrought aluminum alloys (Fig. 23) and is only
slightly susceptible to SCC.2'? Although such structures may be susceptible in
the short transverse direction, by analogy with aluminum alloy behavior, the
overall performance is improved relative to equiaxed structures.

Grain Size and Texture

It has been shown repeatedly in Ti alloys that refinements in
microstructural size improve resistance to environmental fracture. For
example, reduction of o grain size improved performance of
Ti-5A1-2.58n,'9%-1°! Ti-7A1,2°2 Ti-8AlL?'” and commercially pure Ti,2!® the
latter in hydrogen. Refinement of primary « grain size in o + £ alloys such as
Ti-4Al-4Mo0-2Sn-0.25Si'°° and in Ti-6A1-4V'#¢ also improves SCC
resistance, as does refinement of prior f grain size to control subsequent
martensite packet size.!86-!9% The same is true for resistance to hydrogen gas
cracking.?%® As was the case for each of the alloy systems described earlier in
this chapter, therefore, we observe again that refinements in grain size or « plate
size are beneficial.

For the « or o + f alloys, the anisotropy of the hep o phase means that
considerable crystallographic texture can be developed, and such texture
significantly affects properties.!®! For the essentially « alloy Ti-8Al-1Mo-1V
and the a + § alloy Ti—6Al-4V, the origins and effects of texture can be
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summarized in Fig. 37. The three groupings shown in Fig. 37 were described by
Blackburn et al.'®¢ as follows:

(i) Processing in the -phase field frequently leads to the development of the a-phase texture shown
in Fig. [37a]. Such a texture gives rise to relatively isotropic propefties and relatively high values
of Klscc~

(ii) Processing through the « + B transus often causes development of the texture shown in Fig.
[37b], which in turn causes both poor transverse SCC values, and also very anisotropic
mechanical properties.

(iii) Processing at lower temperatures, 1085-1200 K (1085-1700°F), often results in development
of the texture shown in Fig. [37c], which is typical of some sheet material. Such processing results
in an equiaxed structure of 2 + f, unless a f-solution treatment is used subsequently—thus the
toughness and SCC resistance are usually lower than in material processed in the 8 field [Fig.37a].

This information suggests in a broad way that § processing and its consequent
relatively random (0002), texture is the most desirable. The problem with hot
working at such high temperatures is that banding of commonly oriented «
plates can occur,'®® with pronounced effects on fracture behavior, which
might extend to SCC. In addition, strength levels of f-processed material are
typically reduced by 30-60 MN/m?2. Uniform structures of random texture,
however, clearly seem desirable for resistance to SCC'®® or hydrogen gas
embrittlement.?%¢

~ deformation

TEMP
TEMP
TEMP

TIME
R.D. R.D. R.D.
(%)
&2 7
(a) (b) (c)

Fig. 37. Schematic representation of the influence of processing
schedules (top) on resulting (0002), texture (bottom); the cracking
behavior of these textures is described in the text. (From Blackburn
et al.'8%)
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Texture is also important in its effect on fracture morphology. As
discussed in the following section, transgranular failures in both the « and f
phases frequently have crystallographic aspects and a cleavagelike
appearance. In the « phase, the fracture plane tends to lie about 15° away from
the basal plane,?'® while in the B, fracture usually occurs on {100}.2°* Thus,
the texture of the material, in combination with the direction of stressing, can
affect the ease with which a preferred cracking mode can occur.

Fracture Morphology and Hydrides

Fractures can assume a variety of transgranular and intergranular
morphologies in SCC of Ti alloys!#6:191:212: cracking in methanolic solutions
is particularly likely to be intergranular.'®®>12 In o + Balloys, cracking in the
a—p interface has been observed in both SCC'®® and in hydrogen gas,206:299
while similar interface cracking has been reported in 8+ a alloys.2!®
Transgranular cracking of the a is of particular interest, since it tends to exhibit
an unusual crystallographic behavior. Because of its appearance, this fracture
mode is usually referred to as “cleavage.” Since cleavage on a high index plane
is unusual, some authors have referred to the mode as “cleavagelike” or
“nonclassical cleavage.” This fracture mode is only observed at low K values;
as K nears the critical value for unstable fast fracture, dimpled rupture
becomes predominant.

The cleavage-like morphology is largely observed on planes 12-16° from
the basal plane,® ie., near planes of the type (1017) or (11212).191:219.220
This is shown in Fig. 38, from Meyn®?°; note that other planes are also

o°

10
D)
o¥
Fig. 38. Determination of crystallographic planes of cleavage 150
facets in Ti-6Al1-4V, measured by X-ray back reflection, and o7y’
shown on the central portion of the hep unit triangle, with (0001) S
. . o e
at the apex. Filled points are the specific planes noted. (From 204 ks
Meyn.”>°) o
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observed, some near the basal orientation. It has been conventional to use such
results to rule out hydride participation in the fracture process,'®%-22? since
massive hydrides give rise to cracking®?! on {1010}, the predominant hydride
habit plane of pure titanium,??? rather than on basal or near-basal planes.
Such a conclusion, however, does not appear justified, for two reasons.

First, there are complications in the massive-hydride result. Since
environmental cracking in Ti-8Al-1Mo-1V tends to follow o-p
boundaries,??!-223 and it is possible that {1010} is involved in the B —«
transformation, the observation of hydride habit plane cracking may merely
represent o—f interface cracking.??? In that connection, it will be important
to consider whether the structure of Fig. 35 is involved in the cracking
behavior. Furthermore, the observation that applied stress affects both
hydride habit plane and effective hydrogen solubility?*# could complicate this
result?2!; the ability of hydrides to form by a strain-induced mechanism??° at
hydrogen contents well below the apparent solubility limit>** considerably
magnifies the experimental difficulties in this area.

The second reason to suspect the conclusion on hydride participation is
the recent work by Paton and Spurling,?2® who have observed that as Al
content increases, the {1010} habit plane gives way to basal and near-basal
habit planes (cf. Fig. 38). In particular, (1017) hydrides were observed,?2° just
as they are in zirconium alloys.??” Figure 39 is an example. As hydrogen
content increased, {1010} hydrides were also observed, consistent with the
earlier result.??! But as Fig. 34 suggests, relatively low hydrogen contents are
expected in SCC. These observations mean that hydride participation in SCC
fractures cannot be ruled out on crystallographic grounds.

The important point here is the possible relation between what is called
“slow strain rate hydrogen embrittlement”!#%22* and environmental cracking
such as aqueous or methanolic SCC. As Paton and Williams pointed out in
their review,??# it has long been considered possible that strain-induced
hydrides are responsible for slow rate embrittlement, although direct evidence
has been lacking. Efforts to rule out hydrides in sustained-load cracking?2°-228
are inconclusive, because of the hydrogen solubility and hydride habit plane
problems described above. The same can be said regarding efforts to rule out
hydrides in SCC.'#%-22° These hydride observations also seem to reopen the
question of whether the “cleavage” fracture mode represents matrix behavior
or is caused by hydrides.

There have recently been efforts to go beyond the hydride questions just
discussed, and address directly the issue of hydrogen involvement in SCC. In
aqueous solutions, there is strong electrochemical evidence?3%-23! that
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Fig. 39. Observation of (0001) and (1017) hydrides in Ti-Al alloys. (a) 1120 face of a Ti-2.9Al
single crystal with 670wt ppm H,; plane traces shown. Discontinuous feature normal to
(0001) is a subboundary. (b) Transmission electron micrograph of Ti—5Al with 780wt
ppm H ,, oriented with 1120 zone normal; operating vector and plane trace shown. (From
Paton and Spurling.?2°%)

hydrogen is at least partly responsible for SCC; an important auxiliary role for
chloride was also identified.?3° Similar conclusions have been reached for
methanolic solutions.”*! In a saltwater environment, Mode III loading was
found to cause no SCC, although Mode I did cause SCC.!7°-182 These results
areshown in Fig. 40, together with results on arsenic additions; as expected for
a hydrogen process, these additions accelerate SCC in Mode I, but not in
Mode III. Hot salt SCC is well established as a hydrogen-dominated process
also.232:233 On the other hand, anhydrous molten salt experiments appear to
show no hydrogen effects?**; the same is true of experiments in N,0,.'8¢
Although sustained-load cracking due to internal hydrogen?2° must be kept in
mind for such cases, it would seem most general to regard all these ex periments
as expressions of a varying balance between two cooperative processes,
dissolution and hydrogen embrittlement.?3>

We have attempted above to identify the patterns of behavior in reported
work on environmental fracture of Ti alloys. We must add, however, that to
date the understanding of microstructural effects in Ti alloys is incomplete,
and few generalizations applicable across the whole range of these alloys
appear possible. The correlations drawn here may be greatly changed by
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Fig. 40. Resistance to SCC of Ti-8Al-1Mo- 1V as a function of loading mode (see the text),in 3.5 9,
Na(Cl solution with and without arsenic additions to facilitate hydrogen entry, at —500mV vs.
SCE. (From Green et al.!”®)

thorough, systematic investigation. There may, in addition, be synergistic
effects among variables which are not yet evident, as we have discussed
elsewhere.®*

NICKEL ALLOYS

The extent of research on nickel-base alloys under the kind of
environmental conditions we have been discussing is not as great as for some
of the other alloy systems described, and we shall thus present a relatively brief
account. The alloys referred to below are listed in Table 7. There are three
broad classes of nickel alloys, all with an fcc matrix: (1) the single-phase alloys,
such as Ni-30Cu, Ni-20Cr, and others; (2) the precipitation-strengthened
alloys, largely high-temperature superalloys which are aged to precipitate 7';
and (3) the dispersion-strengthened alloys, in which the strengthening second
phase is introduced in a manner other than by precipitation from solid
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solution. Before discussing these classes individually, however, it is important
to understand the behavior of nominally pure nickel.

The introduction of hydrogen into nickel polycrystals, for example by
thermal charging from the gas phase, causes a change from the usual highly
ductile rupture to brittle intergranular fracture.!°®-23¢-23° But when single
crystals are tested, rupture remains ductile and little ductility loss
occurs.’®8-24% Tt is therefore evident that hydrogen effects in nickel occur
predominantly at the grain boundaries; intergranular SCC of Nickel 200 has
also been reported.**! Recent suggestions that solutes which are hydrogen
recombination poisons are responsible for this behavior,?3? as is the case for
temper-embrittled steels,'  are of great interest and will therefore be evaluated.

It was argued?*® that Sn and Sb were responsible for the observed
embrittlement, but the reported observation of 10 to 20 atomic layers
substantially enriched in both solutes is puzzling. For a variety of solutes,
particularly those known to be responsible for temper embrittlement of
steel,'? the characteristic distances?*? which have been reported indicate that

Table 7. Typical Compositions of Nickel Alloys (wt %)

Alloy* Ct Fe Cu Mn C Co Mo Al Ti Other
Nickel 200 — 01 0.1 01 008 — - - - —
Monel 400 — 1.2 315 10 015 — — - — —
Monel K-500 — 10 295 07 013 — — 27 06 —
Inconel 600 155 80 — 05 008 — — @— @— —
Inconel 625 215 25 — 02 005 — 90 02 — 4Nb
Ni-o-nel 200 320 1.8 09 005 — 325 — 1.0 —
Incoloy 800 210 460 04 07 005 — — 03 03 —
Incoloy 804 295 250 — 07 005 — — 03 06 —
Incoloy 825 215 300 225 05 003 — 30 01 09 —
Hastelloy X 220 185 — 05 010 15 90 — — —
Hastelloy B 10 50 — 10 005 25 280 — — —
Hastelloy C 155 50 — 10 008 25 160 — @— 4w
Inconel 718 186 185 — 02 004 — 31 04 09 5Nb
René 41 90 — — — 009 110 100 15 3.1 —
IN-100 00 — — — 018 150 30 55 47 1v
Waspaloy 95 — — — 008 135 43 13 30 —
Udimet 700 50 — — — 008 185 52 43 35 —
MAR-M 200 90 — — — 015 100 — 50 20 125W

“ Monel, Inconel, and Incoloy are registered trademarks of International Nickel Co.; Hastelloy is a registered
trademark of Stellite Div., Cabot Corp.; René 41 is a registered trademark of Allvac-Teledyne; Udimet is a
registered trademark of Special Metals Corp.; and MAR-M is a trademark of Martin Metals Co.
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only one or two atomic layers are enriched.?*>~24% The same has been
reported for sulfur in nickel,?° a solute which is well known for its effect on
both Ni*#¢-24% and Ni-base alloys?°° in the absence of hydrogen. It would
appear worthwhile to examine nickel samples of the type used?3® for second
phases at grain boundaries, either the Ni, ;Sb superlattice or Ni;Sn, since
neither Sb nor Sn has high solubility in Ni; thin platelets of Ni;S, have been
detected in connection with very narrow enriched layers.24®

It should be emphasized that the Sn + Sb report?3? refers to samples
heat-treated at a high enough temperature that sulfur should not have been
involved in the behavior.2*® Subsequent work,?3® however, which did not
provide Auger spectroscopy of the fracture surfaces,?>! did employ heat
treatments in the sulfur embrittlement range.?*® Sulfur is effective at levels as
low as 1 ppm,?*® and care must be taken to separate the effects of hydrogen and
sulfur.246-252

Single-Phase Alloys

Addition of 30 %, or more of Cu to Ni has little eftect on the ductility loss
and intergranular fracture induced in pure Ni by hydrogen,'°® and thus the
alloy family based on the 70Ni-30Cu binary composition (trade name Monel)
would be expected to show, and does show, intergranular fracture in both
SCC?*! and hydrogen embrittlement.?>® The precipitation-hardening Monel
alloy K-500, although not a single-phase alloy, also shows failures under
SCC,2*! cathodic hydrogen charging,°#-2°> and gaseous hydrogen®°° test
conditions. The extent of embrittlement, incidentally, depended upon thermal
history and microstructure.?>* It is interesting that recent Auger spectroscopy
of the grain boundary surfaces in K-500 has identified considerable sulfur
segregation.2>” A parallel case exists for Co additions to Ni. These have been
found to accelerate crack growth rate in hydrogen,?°® and some heat
treatments of Ni-Co alloys can cause S segregation at grain boundaries,
thereby accentuating hydrogen embrittlement.>4¢-2%8

There are three major classes of commercial single-phase alloys in
addition to the Ni—Cu system, all of which are primarily used in elevated-
temperature service. These are the high-Ni alloys containing Cr (Inconel
alloys are typical, with the 600-series alloy numbers indicating a (normally)
non-age-hardening composition); the intermediate-Ni alloys, generally
containing appreciable Fe, such as the Incoloy series; and the Mo-containing
alloys. These are discussed separately below.
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Alloying Cr with Ni produces considerable resistance to oxidation and
general corrosion, particularly for about 209, Cr. The Ni-20%; Cr binary
alloy, however, exhibits a transition to intergranular fracture from ductile
rupture in the presence of hydrogen,?*® and loses considerable duc-
tility!99-259:260; the SFE of Ni-20% Cr is considerably lower than that of
Ni,2%%-261 which suggests that slip would be somewhat more planar. The
commercial alloys with compositions similar to Ni-20%; Cr are Inconel 625
and Inconel 600, the latter having the higher SFE due to lower Cr content and
appreciable Fe. These alloys are highly resistant to chloride environment SCC
at temperatures below 375K,%°% but as temperature is raised, SCC is
observed.?#1:262-264 Tnconel 600 is also rather susceptible in fluoride
environments**! and in polythionic acid (H,S,0s, where x = 3,4, or 5) and
other sulfide-bearing environments.2#*-262 It should be noted, however, that
the polythionic acid results have been described as “stress-assisted
intergranular corrosion” rather than SCC in one review.2*!

Inconel 600 and 625 also show intergranular cracking in some other
environments, including high-purity water and caustic solutions at
~ 600 K 241:262:264.265 Thege fajlures occur in both aerated and degassed
water. Crevices are probably necessary in the aerated case?®*; the degassed
case seems less well understood. As in other cases, intergranular corrosion is
poorly correlated with SCC,2%* but sulfur segregation to grain boundaries
does appear to exacerbate SCC. It was suggested?®* that sulfur tends to be
bound into carbides when sensitization occurs, thus explaining the
observation?®® that the least sensitized grain boundaries crack most easily in
deaerated water. This suggestion, however, is essentially opposite to the
postulated behavior of carbides in steels,'? and more work to examine this
behavior would be welcome. Finally, it should be mentioned that addition of
“massive amounts”?* of Pb produces a unique, transgranular SCC in Inconel
600, but there is no explanation for this beyond the possibility that
precipitated Pb exerts a galvanic effect on the Inconel.2¢*

Binary alloys of Ni and Fe show decreasing susceptibility to hydrogen-
induced ductility loss as Fe content is increased,'®®1%° particularly for Fe
contents between 20 and 50 9. This effect is of interest because of the behavior
of alloys with 20-30%; Fe in addition to 209, Cr. These Ni-Cr—Fe ternary
alloys, such as Ni-o-nel, Incoloy 800, and Incoloy 804, exhibit susceptibility to
SCC in certain environments,?4!:262:265 268 and in some circumstances
perform less well than the alloys based on the Ni-20Cr composition.”*!
Furthermore, improved SCC performance is obtained by successive
replacement of Fe with Ni, in going from Incoloy 800 (33 % Ni) to Incoloy
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825 (429 Ni) and to Inconel 625 (619, Ni).66:67-241.267.269 SC( failures can
be produced in all these alloys, however, and Inconel 625 and Hastelloy X have
been shown to be adversely affected by high-pressure hydrogen,39-84.122.270
One conclusion, in the absence of systematic work, would be that Fe is
damaging in ternary and more complex alloys, perhaps because of yet-to-be
identified synergistic effects which overwhelm the behavior shown in binary
alloys. But the 800, 804, and 825 (and even 625) alloys could be aged to
produce 7’ strengthening (see below) of varying amounts, as the compositions
in Table 7 indicate; several of the studies cited provide no thermal history, so
the microstructure tested is not known. Thus, comparisons of these alloys to
alloys which cannot develop 7', such as Inconel 600 and Hastelloy X, may not
be warranted. Further work in this area, with appropriate control of single-
phase structure, seems needed.

A more convincing case can be made for Mo additions. The alloys based
on Ni-Mo and Ni-Cr-Mo compositions, such as Hastelloy B and C, are fairly
good performers in SCC environments.®”-2#1-2¢7 On the other hand, small
additions of Mo to Inconel 600-type alloys appear detrimental under SCC
conditions,?*! and it is possible that an intermediate composition of several
percent Mo gives rise to minimum SCC resistance. Alternatively, as mentioned
for Fe, it is possible that synergistic effects are operating. The situation for both
Fe and Mo might be clarified with relatively little additional work, although
the good resistance of the single-phase alloys to corrosion and SCC2#!-262:263
has resulted in their extensive use in challenging environments, for example in
pressurized water nuclear reactors.?®?

Precipitation-Strengthened Alloys

Alloys of this class make up the majority of the high-temperature
materials suitable for aircraft gas turbines and other demanding applications.
The literature discussed below, however, relates primary to ambient
temperature behavior ; these alloys are interesting at low temperatures because
they can exhibit yield strengths in excess of 1100 MN/m? (160ksi). The
microstructure which makes this possible is relatively simple. Itis a y (fcc) solid
solution containing coherent particles of 7', usually Ni,;(Al, Ti), and a small
volume fraction of fine carbides.?”! 27° Neglecting the carbides, the ordered

(L1,) 7’ dominates, and different alloys contain different 7' compositions, since
not only Al and Ti but also Nb (and to a lesser extent, V, Mo, Ta, and W also)
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can participate in the y' phase.2’*27® The precipitation sequence normally

i5123,1 26,272,274

solid solution — " — n(Ni,; Ti)

where the 1 has the DO,, structure and is incoherent, but in a few alloys,
notably Inconel 718, there is a simultaneous (and more important)
sequence?®’”:

solid solution — y” — 6(Ni;Nb)

Here the ordered y” has a body-centered tetragonal (DO,,) structure, while
the & is orthorhombic.?”” These phases are illustrated in Fig. 41.

Essentially all the alloys of this class which have been studied exhibit
severe embrittlement by both internally charged and high-pressure
hydrogen,38.84.118.122.168.270.278.279  The most widely studied alloy is
probably Inconel 718, which exhibits long life under some SCC
conditions,?4!+26% but typically shows intergranular fracture and a 97 %, loss in
RA in 69-MPa hydrogen!!8; in addition, K,.,, = 22 MN/m?*? (20ksiin.'/?)
in hydrogen, while K. ~ 165 MN/m*? (150ksiin.}/?).168 This is a larger
loss in crack resistance than that shown for high-strength steels in Fig. 7. Other
badly embrittled alloys include Ni-Cr-Al alloys,>4!-28% René 41,'18-278.279
IN-100,27° Waspaloy,®#?’° MAR-M 200,>7° and Udimet 70027°-281;
fractures are usually intergranular in hydrogen.

It was thought at one time that alloys of this type, such as René 41 and
Inconel 718, were not susceptible to hydrogen embrittlement because even
severe cathodic charging produced little ductility loss.>”®282 Cracking does
occur, however, despite the modest losses in ductility.?®® These results may
provide a link between the good SCC resistance?*!-2¢® and very poor
hydrogen resistance of Inconel 718, if it is assumed that combined dissolution
and hydrogen embrittlement processes occur. The cathodic charging potential
may lie in a permeation minimum, such as shown in Fig. 28, or the surface
conditions may not permit significant hydrogen entry. The latter case would
correspond to a low effective hydrogen fugacity; Inconel 718 is not embrittled
by hydrogen below about 0.7 Pa (100 psi) pressure.*®* In addition, if the
repassivation rates at the crack tip®® do not permit crack resharpening by
dissolution processes, SCC could not occur.

It is evident from the complex alloy compositions listed in Table 7 that
correlation of hydrogen behavior with alloying elements would be difficult.
Not only has there been no systematic work in this area, but many of the
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Fig. 41. Transmission electron microscopy of strengthening phases in nickel-base superalloys.
(a) Dark field view of typical y’, here about 130 A in diameter. (b) Bright field of ” in Inconel 718,
with d particles at the grain boundary. (c) Dark field of one of the three variants of 7" (disks seen
edge-on). (d) Diffraction pattern of [100] matrix zone, showing ;" reflections at {11 0} positions.
(Photographs courtesy of C. G. Rhodes.)

variations in alloy chemistry have their principal effect on the y’ phase.?74-27¢
Another factor is that these alloys vary widely in microstructure?’#-283;
modern superalloys are usually divided into sheet, wrought, and cast alloys,
which contain different amounts of y'. Sheet alloys such as Waspaloy and René
41 contain less than 25 % y’, while the strongest of the wrought alloys, Udimet
700, contains about 35 % y'. Cast alloys such as IN-100 and MAR-M 200 can
contain as much as 55-659% 7. All can be severely embrittled by
hydrogen.84:270
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Evidence is emerging, however, that microstructure does play arole in the
hydrogen performance of these alloys. The essential element of microstructure
to avoid is the presence of the equilibrium phase, usually #, at grain
boundaries. This is true for 7 in A-286,12* discussed earlier, and is also true for
¢ in Inconel 718. When prior history has brought about a relatively continuous
layer of 6, NizNb, at grain boundaries, solution treatment at 1315K (1900°F)
is needed to dissolve it, since solution treatment above the y” solvus but below
the o solvus [e.g., at 1225K (1750°F)] will not do s0.2”? Use of the higher
solution temperature for Inconel 718 has been found beneficial for hydrogen
performance.!22:26%:286 On the other hand, if prior processing has resulted in a
dispersed or discontinuous d structure, then the higher solution temperature is
not needed and can be deleterious by causing grain growth.!22:28¢ Other
changes in heat treatment (e.g., aging cycles) also affect performance of Inconel
718,22 but in all cases the y” remains coherent,?’’ contrary to some
assertions.?86

Thermomechanical history appears to be important in hydrogen
performance of other superalloys?8-118-279.287 - for example, Fig. 42 shows the
effects of heat treatment on René 41 sheet specimens,?”® thermally charged
with hydrogen at 650°C for 1000 hr at 1-atm pressure. Note the deleterious
effects of aging to form j’, and of furnace cooling from the solution
temperature (perhaps by formation of # at grain boundaries; hydrogen
fracture was intergranular?’®). Another study of thermomechanical effects,28®
in which Inconel 718 which had been HERF-forged prior to aging was
compared to solution-treated and aged material, found little benefit: RA loss
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Fig. 42. Loss in elongation of hydrogen-charged §
sheet specimens of René 41 as a function of thermal ar
history. Solution treated 30min. at (340K -
(1950°F); aged 16 hr at 1035K (1400 'F) and air- 0 /
cooled. ST, solution treat; WQ, water quench; FC, ST/WQ ST/WQ STIFC,
furnace cool. (Data are those of Gray.2”?) age age
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in 69-MPa hydrogen changed from 729, in the normally aged material, to
60 % in the HERF material. Note the parallel between this result and the data
shown in Fig. 21. Thus, formation of y’ or y” following TMT appears to be
deleterious in these alloys, essentially to the same extent as in the absence of
TMT. The refinement of substructure gained through aging prior to TMT
appears critical in strengthening and SCC resistance,'®*2®° and more
sophisticated TMT sequences might well prove beneficial in nickel alloys.

It is evident that thermal and TMT history affects hydrogen performance
in Ni. In combination with the several reviews on the physical metallurgy of
these alloys,!23:126:271 277 jt should be possible to determine in detail the
microstructural origins of such behavior. But systematic characterization of
microstructures studied in either SCC or hydrogen, particularly with thin-foil
electron microscopy, is conspicuously lacking in nearly all the studies cited.
Thus, the interaction of environmental behavior and metallurgical variables is
to a large extent an unexplored topic. It is hoped that future work will begin to
remedy this situation, particularly since it appears that both improved
properties®®® and improved understanding can be expected.

It can be pointed out that these alloys are among the classic examples of
dislocation cutting of precipitates, and such behavior is reasonably well
understood.! 23126285 The resulting planar slip may well be correlated with
the poor hydrogen performance, as is the case in Fe-base alloys containing y’
precipitates.'?*-123 The matrix-y’ misfit varies among these alloys,?”#-276:285
and the matrix-y” misfit can be large.>”7-°° Thus, the kind of relation shown
in Fig. 22 may also apply to nickel-base alloys which have sufficiently large
misfit,’2® provided that the deleterious grain boundary layers of # or § are
avoided. More work based on such concepts would appear valuable.

Dispersion-Strengthened Alloys

These alloys are strengthened by an inert oxide in the form of fine
particles, which may be introduced by a variety of nonprecipitation
processes.”?! The matrix of the alloy is typically unaffected in composition by
the presence of the dispersoid, so the discovery by Thompson and Wilcox?>8
that Ni-2ThO, (trade name TD Nickel) exhibited only moderate ductility
losses when hydrogen-charged, rather than brittle intergranular fracture as in
the case of Ni, came as something of a surprise. Extension of that work to
Ni-20Cr-2ThO,, at a much higher strength level, showed similar behavior,?*°
although the thermal history of the material can be quite important.?3°-279-292
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Fig. 43. Transmission electron mic-
rograph of alloy MA 753, showing
both yttria dispersoid (particles
with sharp image) and ' (particles
showing strain contrast) in bright
field; near matrix {110).

The reasons for behavior of these alloys appear to be that hydrogen is trapped
at the particle-matrix interface and therefore does not reach the grain
boundary. This behavior may saturate with an unlimited hydrogen supply,?°3
but there are questions remaining on that point.>>°

An intriguing development in these alloys is the attempt to improve
ambient temperature strength by superimposing strengthening by 7y’
precipitation upon that due to the dispersion.?®!-2°4 One such alloy has been
studied in the presence of hydrogen; it is basically Ni-20Cr with 2 vol % Y,O,
dispersoid and the addition of 2.2 % Tiand 1.1 %, Al to produce 7’ phase,?®* as
shown in Fig. 43. This alloy, called Inconel MA 753, has a room temperature
yield strength of about 900 MN/m? (130ksi), and shows essentially no
ductility losses in high-pressure hydrogen or when hydrogen charged.?*® This
behavior is shown in Fig. 44.

Although these alloys are relatively costly, they offer good strength at
both low and high temperatures?®! and seem to be compatible with hydrogen.
Certain specialized applications in the future may well require use of the
dispersion-strengthened nickel alloys.

Fig. 44. Ductility of MA 753 tested at two
temperatures, 194K and 295K, for speci-
mens tested in air when uncharged and when
charged with hydrogen, and for tests in
69-MPa hydrogen. From Thompson.?5%)
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PARALLEL BEHAVIOR IN DIFFERENT ALLOY SYSTEMS

We have now discussed several different alloy systems in some detail.
These included alloys of bec, fcc, and hep matrix crystal structures and a very
wide variety of second phases. It may seem presumptuous to seek parallels in
the SCC and hydrogen embrittlement behavior of such diverse materials, and
certainly at a detail level, this would be the case. There are a number of
significant, general parallels, however, and it seems worthwhile to point these
out,

We have reviewed composition effects in each alloy system, but even
though composition is a very useful variable in the hands of the alloy designer,
it is in many cases one which yields relatively little information about
mechanisms. The major exception is the effect which composition can exert on
slip mode (see below). It is also difficult to generalize about composition in
alloy systems of the diversity we have considered, but the poor environmental
resistance conveyed by Mn additions in steels, austenitic stainless steels, A-
286, and Ti alloys is noteworthy. Mn does seem, however, to play a beneficial
role, albeit an indirect one, as a grain shape stabilizer in Al alloys. By contrast,
Si seems beneficial in steels, austenitic stainless, A-286, and Al alloys, while
possibly being poor in Ti alloys. The interstitial elements are potent
strengtheners in many systems, but at certain concentrations can be
deleterious to environmental behavior in steels, austenitic stainlesses, and Ti
alloys. Most other elements act differently in each alloy system.

One particular solute element class deserves special mention: the
hydrogen recombination poisons, such as S, As, Sb, and others. Segregation of
these to grain boundaries appears to assist hydrogen-induced intergranular
fracture, and since intergranular fracture is a common mode of environmental
failure, careful attention to the presence and partitioning of these elements in
future work is clearly warranted. The pioneering work of McMahon and
others!!-2 in steels may presage similar work in austenitic stainless steels, and
Aland Ti alloys, asis now beginning in Ni alloys.2#6:257:264 These elements may
also segregate at the interfaces of grain boundary intermetallic particles and
worsen behavior at those interfaces, or the particles may absorb the
poisons.2%4

There are also several parallels in the area of microstructure effects on
hydrogen-induced environmental fracture. The most general of these parallels
is the benefit obtained by refining microstructural size, whether it be grain size,
martensite plate size, or the size of a precipitated phase such as Widmanstétten
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oin Tialloys. The same benefits are generally associated with considerations of
strength, fracture toughness, and fatigue resistance, so that refined
microstructures appear to be an instance of property improvement without
obvious other penalties®* (the most prominent exception, high-temperature
creep resistance, is outside the scope of this chapter). Therefore, those
environmental investigations which permit microstructural size to be an
uncontrolled factor are ignoring a primary variable, even in cases where size
effects do not exert the principal control over behavior.

Another interesting point is that equilibrium intermetallic compounds
are deleterious to hydrogen-related performance, for steels, titanium alloys,
nickel alloys, and in some cases for stainless steels. They play an indirect
beneficial role in Al alloys, but they can play a damaging direct role. Since
precipitation of these compounds can also negatively affect toughness and
other properties, their avoidance seems generally helpful, except when
necessary for strength.

Thermomechanical treatments or TMT have not been carefully
investigated in any of the systems considered except in a preliminary way, but
the ability to manipulate microstructure in this way seems promising in every
case for which it has been tried. More work on such processing techniques
seems potentially valuable, both for improvements in engineering materials
and as a means to extend understanding of the microstructure variable. With
respect to the latter point, it should be emphasized that use of thin-foil electron
microscopy to characterize the microstructures obtained is an essential
component of increased understanding; this point has begun to be appreciated
by investigators working in this area.'®!-!'¢°

We believe that the most striking of the parallel types of behavior is that of
slip mode effects. Planar slip can be brought about by a number of factors,
including reduced SFE, low temperature, short-range and long-range order,
clustering, and cutting of precipitates. All of these have been identified at
various points in this chapter and in earlier reviews, and although the planar
slip correlation with SCC and hydrogen behavior has been examined most
completely and in detail for the austenitic stainless steels, it also applies to
other austenites, to Al alloys, and to Tialloys of both « and § structures; it may
also apply to Ni alloys. The evident omission is the ferritic and martensitic
steel family, but in that case relatively few investigations of slip mode have been
made. We discuss below the possibility that slip mode may be unimportant in
these alloys, but would also suggest that future work on them include slip
mode characterizations, for example by the relatively simple slip line
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technique,?°! to see whether this correlation does extend to the bcc steels. The
often-heard view that slip is always highly nonplanar in iron (and by extension
in steels) is misleading. For example, temperature reduction leads to a marked
increase in both planarity and coarseness of slip in pure iron,?°5 and alloying
elements tend to have similar effects®>°>; the slip mode in highly alloyed bcc
materials such as ferritic stainless steels is coarse and relatively planar.

We discuss possible reasons for the planar slip correlation in the next
section, but whatever the explanation, it is an expression of some fundamental
aspect of environmental behavior. Any model of hydrogen-induced SCC or
embrittlement which cannot rationalize the importance of planar slip as a
central element of behavior is significantly incomplete. At the same time, one
must recognize that planar slip is not a sufficient condition, particularly under
SCC conditions,®®8%°+°%  for environmental fracture to occur.
Electrochemical factors, and metallurgical variables other than slip mode,
must also be recognized and taken into account.

DISCUSSION

In the preceding section, several kinds of parallel behavior among alloy
systems were described. We now turn to a discussion of some of these, and also
to an overview discussion of mechanistic questions. Rather than attempting to
analyze published mechanisms in detail, we seek to present the subject in a
rather general way. The discussion first summarizes information on
electrochemical factors, slip mode, and hydrogen effects; this information is
then used to present a broad thesis about hydrogen behavior in materials
which includes a number of new ideas in the hydrogen field. It is a thesis which
we believe provides a unifying viewpoint for hydrogen phenomena, and which
is consistent with the observations we have reviewed above. We also identify
important areas of research in which work is needed.

Electrochemical Factors in Hydrogen-Induced Cracking

There are essentially three component processes of SCC in which
electrochemical factors can play a predominant role when cracking behavior
exhibits hydrogen-induced characteristics. These are (1) crack initiation, (2)
crack resharpening, and (3) hydrogen production. (Anodic dissolution as a
component of crack advancement is discussed below.) It is outside the scope of
this review to discuss initiation behavior, process (1), in detail. It nevertheless
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seems clear that anodic dissolution of slip steps, chemically controlled pitting,
passive film rupture, and other phenomena could singly or in combination
provide both the initiation site and the stress concentration needed for
cracking to begin (see Fig. 1). These particular phenomena may of course be
quite different in different alloy systems.?:¢®-%9-186:29¢ Control of applied
potential, anion concentration, or solution pH in a manner which retards the
relevant phenomena would markedly delay initiation and therefore delay the
onset of SCC, whatever the cracking process.

In ductile materials which resist crack extension by massive plastic flow
and crack blunting, crack propagation is only possible if repeated crack
initiation (i.e., resharpening) can occur. This can take place by the occurrence
of phenomena similar to those of process (1), except that environmental
chemistry within a crack tends to differ markedly from that at the external
surface (e.g, pH may be reduced to very low values within the
crack©0-61.175-178.297.298) Thjg effect occurs by hydrolysis of dissolved metal
ions, M**, as follows!’®:

M* + xH,0 - M(OH). ™~ + xH"

Although this effect tends to reduce dependence on the external environment,
as can the potential shift within a crack,'’® it is still true that the environment
can play a profound role in the rate (or even the occurrence) of resharpening,
just as is true for initiation.

Singly or in combination, then, the various electrochemical factors which
influence the processes of initiation and resharpening can profoundly affect the
rate of SCC, even when, as we are considering here, hydrogen plays at least a
contributory role in the fracture. Furthermore, when second phases or other
microstructural elements are favorable sites for attack, the crack path may be
guided by the preferred location of initiation or resharpening. In many alloy
systems, the presence of chloride ion is of particular importance®-©¢:!86-241. 3
well-known example is the Williams and Eckel result for austenitic stainless
steels (Fig. 45), which depicts a complex interaction of oxygen and chloride.

Finally, hydrogen production at or near the crack tip, process (3), also
depends on environmental factors, although the occurrence of hydrolysis and
of potential shifts as large as 1 V within the crack'’® means that the external
environment is not always the controlling factor. The latter is of particular
importance when SCC occurs under an applied anodic potential (relative to
open-circuit conditions).

One way of integrating the various electrochemical factors is to examine
the repassivation rate of the particular alloy system in the environment of
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Fig. 45. Susceptibility of 18-8 type austenitic stainless steel to
SCC failure as a function of oxygen and chloride content of
environment (steam and intermittent wetting, 515-535K,
pH 10.6, 1-30 days exposure). ®, Failure; O, no failure.
Values inside figure denote number of specimens. (Data of
Williams and Eckel®®?; figure from Uhlig.3°°)

interest. The emergence of slip steps at the crack tip can rupture a passive film
and permit localized dissolution, or pitting, and also accelerate the corrosion
reactions which generate hydrogen; the repassivation rate is then an
indication of the extent of these processes. Note that planar slip causes
relatively larger and more intense slip steps, giving an effect of planar slip on
SCC. As Staehle has shown,”? the repassivation rate in many cases correlates
well with SCC behavior. Such a correlation is thus a useful indicator of the
interplay and net effect of the various electrochemical factors, although it does
not, of itself, indicate the mechanism of cracking.

We mention the importance of electrochemical factors in order to
demonstrate that comparison of hydrogen embrittlement and SCC results
cannot be made without due consideration of the inherent differences between
the two cases. This is not to say, however, that those differences preclude
determination of a hydrogen role in some kinds of SCC. As was shown for
most of the alloy systems considered in this review, hydrogen test results of-
ten are parallel to SCC results for cases in which hydrogen could be generated
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in the environment. Other reviewers have also pointed this
out. 15,23,27,55.64.66.68.101.172,175.209

One other example can be added to those already presented. Plots of
crack velocity response to stress intensity, as in Fig. 2, are generally rather
similar in certain SCC environments and in hydrogen gas, as illustrated in
Figs. 46 and 47. An interpretation of the K-independent or region 11 behavior,
under SCC conditions, has been that it is controlled by the diffusion rate of
corrodents to the crack tip; this appears to be consistent with the temperature
dependence of the behavior.!>3-2%¢ The existence of generally similar data in
hydrogen gas, however, suggests that such an interpretation should be in terms
of critical corrodents for the hydrogen production process. Theoretical efforts
to model region II behavior in hydrogen terms are now appearing.'>-3°"

We should also note that “activation energies” for region Il (assuming
that in this region a single thermally activated process controls the cracking
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Fig. 46. Crack growth (V-K) curves as a function of temperature for
7039-T61 aluminum alloy, with crack plane perpendicular to short
transverse direction, tested under open circuit conditions in 5M
aqueous potassium iodide solution. (From Speidel and Hyatt.?)
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Fig. 47. Crack growth (V-K) curves as a function of temperature for
Ti—5A1-2.58n, tested in hydrogen gas at a pressure of 0.9 atm. (From Williams
and Nelson.?7)

rate) vary widely, from the 85 kJ/mole (20.3 kcal/mole) in Fig. 46,% to less than
L6 kJ/mole (3.8 kcal/mole)?. The value for the data of Fig. 47 was 23 kJ/mole
(5-5kcal/mole),2°” in agreement with SCC studies on Ti alloys?°®; values of
about 38kJ/mole have been reported for several material-environment
combinations.!”? It is unclear exactly what, if anything, these various values
mean, despite efforts at detailed interpretation.?172:207:29¢ I some cases the
data seern to agree with published activation energies for hydrogen diffusion in
the metals studied (we discuss diffusion below). Examples are the Ti data?°’
and data in distilled water for alloys of Ni and Al and for high-strength
steel’”2; the latter three have activation energies for hydrogen diffusion near
40 kJ/mole. We do not feel, however, that “energy” comparisons of this kind
are particularly illuminating. The complexity of the various processes likely to
be operating, several of which are thermally activated, means that
“compound” activation energies would be expected in many cases

Before proceeding, we should refer again to the importance of testing
methods and the data which they provide. The three-stage curve of
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Wiederhorn,* shown in Fig. 2, gives both the region 11 cracking velocity ¥ and
the threshold K (Kj.), if one exists. Both. these parameters are important,
because they measure, respectively, the ease of moving a crack, and the ease of
“initiating” measurable crack movement, particularly when region I has a high
slope and Kj,, is well defined. As we discussed in connection with Table 2, it is
difficult to interpret observations unambiguously when only one of these
parameters is available. Furthermore, the conclusions reached with one
parameter may not be borne out by the other, as in the case of the Ti alloy Beta
II1, which shows no environmental susceptibility in terms of K., but does
show a marked susceptibility through increased crack velocity.?'!~2!* In
many cases, it is also possible to correlate V' values with fractographic
observations.'8¢-212

At the same time, we should emphasize that conventional smooth-
specimen testing will continue to be important. For engineering tests on
product forms such as sheet and wire, there is little alternative. There is also a
very large body of information already available on the correlation of smooth
specimen behavior and various service performance conditions. These data
will only continue to be useful if both smooth specimens and fracture
mechanics-type specimens are tested in the future.® For materials which are
relatively tough, it can be difficult to perform TTF or V-K tests on precracked
specimens, particularly when strengths are low and net section yielding
intervenes early in the test. Care must also be used in interpreting the behavior
of fracture mechanics specimens, which produce high strain rates at crack tips
and which appear very sensitive to contamination effects.*°? Attention must
be paid to these and similar points if the use of fracture mechanics techniques
is not to become more fashionable than utilitarian.

Slip Mode as a Metallurgical Variable

In all the alloy systems we have surveyed, a distinct effect of metallurgical
variables such as composition, presence and amount of second phases, texture,
grain size, thermomechanical treatment, and slip mode was identified. Some of
these variables, such as second phases which have distinct electrochemical
differences from the matrix, can readily be incorporated into chemical and
electrochemical models of SCC. Most, however, cannot, as several reviewers
have concluded.?-2-65-186 [ addition, many of these variables affect hydrogen
gas behavior in a similar way to their effect on hydrogen-induced SCC. In
pursuing a general picture of hydrogen effects, then, we shall be attempting to
rationalize the role of metallurgical variables in a quite general way. As we
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have stated, these have particular importance because they are accessible to
manipulation by the alloy designer.

One of the most suggestive and pervasive of these variables is slip mode,
which has a long history of interest by SCC investigators and more recently
has attracted attention in hydrogen studies as well. The slip mode concept is a
generalization first proposed®®® to describe the appearance of surface slip
lines, as either being planar (i.e., rather straight and parallel) or wavy (i.e.,
generally curved and branching). These external slip line features generally
correlate well with the structure of dislocation slip bands as seen in thin-foil
electron microscopy, and thus this somewhat descriptive concept has become
widely accepted. The terminology has not been without confusion, however,
because slip which is either planar or wavy can also be either fine (referring to
many slip steps of low height) or coarse (having large, infrequent steps).2°!

An example of this point can be found in the review of Blackburn et al.’8¢
They cite the alloy Ti-8Mo-8V-3A1-2Fe as an exception to the rule that
alloys exhibiting planar slip are susceptible to SCC, since in the quenched
condition this alloy is resistant. But the slip behavior they refer to is of the
type shown in Fig. 48, which in reality is coarse, wavy slip.?°! This example is
not intended to single out Blackburn et al.!®® for criticism, for theirs is an
outstanding review; instead, it is to indicate that even these authors seem to
have followed the conventional opinion that coarse slip is usually planar. Such
an identification, although often true, is incorrect in general and in this specific
case.?°!

The planar slip mode can be enforced by any variable which either makes
dislocation cross-slip more difficult, or which perpetuates slip on those planes
where slip initiates. Thus, not only the composition-dependent variable of

Fig. 48. Coarse, wavy slip in a Ti—-40V (bcc)
single crystal, tested at 300 K. (From Williams
et al.?°!)
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SFE, but also temperature, and the microstructural variables of order,
clustering, and coherent particle precipitation, can all affect slip mode, as we
have shown. Many of the metallurgical variables considered in this chapter
can therefore be subsumed under the slip mode heading (although there are
certainly exceptions). We should also note that some of the cases which may
appear to be exceptions in fact conform to the pattern. For example, grain-size
refinement may be effective at least in part because a greater proportion of the
specimen volume is required to deform by multiple slip at small strains,*“* and
as we shall show, small strains are critical in a number of circumstances.

The Behavior and Effect of Hydrogen

In this section, we present a general view of a set of hydrogen processes
which may be significant in both hydrogen-induced SCC and hydrogen
embrittlement. It is not yet possible to be quantitative about many parts of this
discussion, but it appears useful to present it in summary form and indicate the
ways in which it can apply to the behavior reviewed earlier.

The Source of Hydrogen

Hydrogen may be present in a material before exposure to a service
environment as a result of processing, such as the hydrogen retained upon
solidification (in welds as well as in ingots) or as a result of heat treatment in a
hydrogen atmosphere. But since such hydrogen sources are not fundamentally
different from those occurring in service, they will be implicitly included in the
following discussion.

The simplest case is hydrogen which is available as part or all of a gas
phase, so that H, molecules adsorb onto the surface, dissociate there, and are
absorbed into the metal as dissolved hydrogen or [H]. An important step here
is dissociation, as has been shown by the accentuated hydrogen behavior when
some of the H, molecules are dissociated by a hot filament before reaching the
metal surface.>°® Figure 49a schematically shows such processes.

A second case is that of hydrogen which is available in solution as
(hydrated) H* ions (e.g., in an acidic environment). Even high-pH solutions
can produce rather acidic environments inside cracks and pits, typically with a
pH in the range 1-3.5%:175-178.298.306. {he exact value depends on the
solubility product of the hydrolysis reaction and on the particular Pourbaix
diagram which applies.! 7®-3°7 In this case, as Fig. 49b shows, acquisition of an
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Fig. 49. Schematic depiction of hydrogen sources; sequence from top to bottom. (a) Hydrogen gas
molecules adsorbing on metal surface, dissociating, and entering the metal as [H]. (b) Hydrogen
ions combining with electrons at the metal surface to form [H]. (c) Hydrogen-bearing molecules
reacting at metal surface to provide [H]. In all three cases, single hydrogen atoms at the surface
can recombine to H, and desorb.

electron results in hydrogen atoms, which can either combine to form H, and
bubble off, or can be absorbed into the metal as [H]. On a macroscopic scale,
such a process can, of course, be prevented or reduced by an anodic potential,
but the crack tip processes can be such as to alter local potentials and thereby
give rise to significant hydrogen absorption.' 827

The third instance is a chemical reaction, in which a hydrogen-containing
molecule reacts with the metal to release hydrogen, which can then enter the
metal as [H] (see Fig. 49c). This can be true of many molecules, such as
alcohols'®® and hydrides,'°° and can include complex ions in solution as well.

The presence of hydrogen recombination poisons such as S, As, Sb, and
others, whether in the environment as ions or compounds such as H,S, on the
metal surface as part of a film, or in solid solution in the metal* can strongly

* Poisoning may not occur in solid solution if the valence state changes.
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retard the 2H — H, reaction and thereby greatly increase the rate of [H]
production in all three cases. An especially interesting case is the possibility
that if these poisons are already segregated to grain boundaries (or other
specific microstructural locations) prior to hydrogen entry, they can accelerate
hydrogen entry at the intersections of those boundaries with the surface.?3°
Critical experiments on this concept would be valuable.

Hydrogen Transport

The presence of [H] very near the metal surface may be sufficient for some
kinds of hydrogen behavior, as we consider below, but other cases require
hydrogen transport.

The most common of these transport processes would be diffusion
through the lattice. Hydrogen diffuses fairly rapidly in most metals,
particularly in bce structures (steels and §-Ti alloys), and it is appropriate to
compare cracking rates (e.g., in region II) to diffusion rates. It is common to
make such a comparison on the basis of the activation parameters (e.g.,
activation energy), and agreement has been reported in a number of cases,
specifically Ti alloys,?°” steels,!7>-3%8:39% and others.'’* It should be pointed
out, however, that it is usually not known if a single thermally activated
process is occurring, and observation of an “activation energy” for a cracking
process which approximates that for lattice diffusion demonstrates neither
that diffusional transport alone is operative, nor that the critical step in the
transport process is diffusional.*®-3'® We do not doubt that some hydrogen
cracking phenomena are diffusion-controlled, but proof of such control has
not always been satisfactory.

In some cases, the diffusivity has been directly compared to the crack
velocity. In several of these comparisons, it was concluded that diffusion was
too slow to account for the observed cracking.??' These observations, and
other considerations described below, have led to interest in other mechanisms
for hydrogen transport. Prominent among these is movement of hydrogen
with dislocations, in the form of Cottrell atmospheres, a concept apparently
first proposed by Bastien and Azou.*''=3!3 This movement can occur
considerably faster than bulk diffusion,®'* because the association of
hydrogen with the dislocation causes directed rather than random movement
of the [H], often toward dislocation sinks in the material. For this to occur
most effectively, it is required that “intermediate” values of E® the binding
energy of hydrogen to dislocations, exist; high values could correspond to
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pinning of the dislocation, while low values could permit the dislocation to
readily move away from the atmosphere.

Many investigators have concluded that dislocation transport of
hydrogen occurred in their experiments, from Bastien’s work on mild steel,*!?
to a number of studies in austenitic stainless steel,3%-72-84:100:124 t4 work on Ni
and Ni alloys, 198:238:253.259,293.315 3n( {0 a variety of other alloys, including
those of aluminum.®® The subject has been addressed in the case of Ti alloys
also,?2° which is significant in view of a report?°® that cracking in these alloys
occurs faster than hydrogen diffusion. Formation of Ti hydrides with stress
assistance??* would be consistent with dislocation transport, since hydrides
form in slip bands rather than randomly in the matrix.224-226-316 Recently,
quantitative evaluations by Tien et al.3'#*!7 have shown that transport can be
accelerated by factors of 102-10%, and that because pickup and release times
are of the order of microseconds, grain boundaries are not of major
importance as barriers to dislocation transport. The latter point is in
agreement with experimental evidence.?®-72:237:313

Hydrogen transport can therefore occur by either lattice diffusion,
dislocation motion, or short-circuit diffusion along grain boundaries or
dislocations. Short-circuit diffusion of hydrogen, however, generally is
scarcely more rapid than lattice diffusion. There may also be cases in which
little long-range transport occurs, and the processes of Fig. 49 are sufficient to
provide directly a supply of hydrogen. In most cases, however, some transport
will occur in the ways we have described. We now consider the destinations of
these transport processes.

Location of Critical Hydrogen Interactions

There are a wide variety of places in a material’s microstructure at which
the presence of hydrogen may be critical to fracture behavior. These include
the lattice itself (hydrogen in solution), as well as grain boundaries, incoherent
and coherent precipitates, voids, and dislocations. These are shown
schematically in Fig. 50, which also emphasizes the role which may be played
by certain solute elements, when solute-hydrogen pairs are formed in the
lattice (Fig. 50b) or at grain boundaries.

On a larger scale, hydrogen diffuses to locations of maximum triaxial
stress near crack tips.®!8:3!° Figure 51 shows that the location of such stresses
is very close to the crack tip under conditions of plastic opening.32° Hydrogen
may accumulate, at any of the locations shown in Fig. 50, throughout the
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Fig. 50. Schematic view of destinations for hydrogen in a metal microstructure,
discussed in the text. (a) Solid solution; (b) solute—hydrogen pair; (c) dislocation
atmosphere: (d) grain boundary accumulation; (e) particle-matrix interface
accumulation; (f) void containing recombined H,.

plastic zone at the crack tip. In this zone, hydrogen transport may well occur
predominantly by diffusion, particularly in steels,?'® because plastic zones are
often small under the conditions of crack growth at high strength levels (cf.
K. values in Fig. 7). Should lattice diffusion predominate in steels, slip mode
correlations with the hydrogen component of environmental fracture would
not be expected, although dislocation transport cannot be ruled out on the
evidence now available. Dislocation transport of hydrogen is especially likely
in other materials than steels, which have low hydrogen diffusivities.

An example of a hydrogen interaction, due to hydrogen in solution, is the
case of cleavage cracking. Cleavage is usually thought of as a process of atomic
separation intrinsic to the crystal lattice, although there is evidence’’ of
intense, highly localized plastic flow on cleavage surfaces. Hydrogen “in
solution” can also result in strain-induced hydride formation in Ti alloys,?**
and these hydrides may fracture by cleavage. These processes, and those
described below, can be regarded as linked processes of transport followed by
an increment of fracture, as is often observed in environmental cracking; many
of the behavior types we are describing can result in such observations.
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This summary has indicated ways in which hydrogen from a variety of
sources, transported by dislocations or lattice diffusion, can accumulate at any
or all of a number of locations in the microstructure. The location most
critically affected by hydrogen will form the fracture path; this may accentuate
the fracture mode which occurs in the absence of hydrogen, or it may cause a
different fracture mode. These possibilities are summarized in Fig. 52.
Included in Fig. 52 is the occurrence of hydride formation and cleavage of the
hydrides, although that is not strictly a behavior of the metal matrix. Figure 52
is a “roadmap” only for the phenomenology of hydrogen-induced fracture, and
does not include any suggestion of the mechanism(s) of such fracture. We
touch on the question of hydrogen mechanisms in a later section.

A General Viewpoint on Hydrogen-Induced Cracking

It is now appropriate to combine the electrochemical factors, the role of
slip mode and other metallurgical variables, and the behavior of hydrogen to
construct a general viewpoint on hydrogen-induced cracking. To be
successful, such a rationale must be able to identify the common elements in
such apparently diverse observations as these: ductile RA loss in an austenitic
stainless steel tensile tested in high-pressure hydrogen gas, and cleavagelike
fracture of a Ti alloy under sustained load in a methanolic chloride solution. It
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Fig. 52. Summary of hydrogen processes (hydrogen sources, hydrogen transport) and
microstructural locations described in the text, with corresponding end results
(hydrogen in solution, fracture). See the text for discussion and examples. Dashed line
at the bottom refers to cleavage of hydrides.

must also be able to rationalize not only the occurrence of the “pure” processes
of anodic dissolution and hydrogen embrittlement, but also the occurrence of
mixed or multiple processes. We present below a qualitative description of at
least a beginning for such a rationale, borrowing freely from earlier work.
A broad statement of the rationale should begin with a comment on the
interplay between hydrogen embrittlement and anodic dissolution processes.
Anodic dissolution, whether it occurs as a process mediated by competition
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between localized film rupture and repassivation,®® as Logan originally
suggested,®*' as a process assisted by yielding at the crack tip, in Hoar's
formulation,*?? or by some other localized process, is a well-established
phenomenon in SCC. In some systems (e.g., copper alloys), a process of the
dissolution type appears to be the sole operative process.>23:32* On the other
hand, cracking due to hydrogen absorption can be produced under suitable
environmental conditions in all the alloy systems we have reviewed. One might
conclude, then, that even though SCC usually requires a rather specific
combination of alloy composition and microstructure, environmental
composition, and other variables like potential range, one can produce
cracking in an appropriately chosen system by either hydrogen or dissolution
processes, provided that the environment (e.g., applied potential) is sufficiently
modified.

In the great majority of cases, however, the situation is not clear-cut as to
the operative process. These cases, which include many alloys under open-
circuit conditions, might be called “intermediate conditions.” There are two
possibilities for intermediate conditions: (1) that anodic dissolution is the
operative process, but at a rate greatly diminished from the bare-metal rate*2*
because of altered repassivation, or (2) that mixed or multiple processes
operate (e.g., dissolution and hydrogen processes together). It is difficult to
believe that possibility (1) is general, for two reasons. First, it would require
one to regard hydrogen embrittlement as a special case rather than as one end
of a spectrum of behavior. It would be equally logical (or illogical) to regard
dissolution as a special case. Second, it would require one to regard the many
similarities in hydrogen and SCC dependencies on alloy composition,
microstructure, thermal history, and other metallurgical variables as merely a
large number of coincidences. We suggest, then, that possibility (2) is more
general, keeping in mind that possibility (1) certainly occurs in some cases.

When multiple processes occur, they can be either sequential (ie.,
required to operate in turn) or simultaneous (i.e., independent and perhaps
additive). The distinction is important when the component processes differ
markedly in rate, because if sequential, the slower one will control the
phenomenon, while if simultaneous, the faster one will be dominant. It is
implicit in possibility (2) that either sequential processes are involved, or that
simultaneous processes are occurring under conditions of temperature, stress,
strain rate, and so on, such that their respective contributions are comparable.
There seems to be no evidence as to which type of multiple process occurs in
hydrogen-induced SCC. One way to determine this would be to measure
activation energies for cracking over a series of narrow temperature ranges,
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because the energy will tend to increase with temperature for independent
processes and decrease for sequential ones,*?® provided that the temperature
span includes the transition from dominance by one process to dominance by
the other. It would also be required that the rate-controlling mechanism for
each process remain the same (e.g., solution mass transport for dissolution or
hydrogen absorption for hydrogen cracking) over the entire temperature
range.

We would summarize this section as follows. There are cases in which
either anodic dissolution or hydrogen cracking is entirely sufficient to explain
an instance of SCC; an example of the former may be Ti alloys in N,O,
environments, while the latter seems to be represented by most high-strength
steels in aqueous environments. But in most cases, both processes occur. This
has been suggested for austenitic stainless steels in hot chloride

Fig. 53. Generalized model (chemical details for austenitic stainless steel in
chloride environment) for crack initiation and propagation in SCC.
(Modified from Rhodes.327)
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solutions,®*3?” for aluminum alloys as an outgrowth of Green's Mode
1-Mode 111 experiments' ’® and on other bases,*®328-*2" for Ti alloys,** and
for nickel alloys. As summary illustration, we present Fig. 53; although the
specific details are for austenitic stainless steels, the general picture
corresponds both to Fig. 1 and to the general viewpoint we have been
describing,

The Role of Metallurgical Variables in Fracture

We now wish to focus on the ways in which metallurgical variables affect
hydrogen-induced fracture behavior. The discussion is predominantly
phenomenological, although some comments on mechanisms are included. It
is relevant here to state that we emphatically do not think there is one
“hydrogen mechanism” operating in all cases; if there is, the evidence for it has
not yet been identified. Instead, as Fig. 52 suggests, hydrogen seems capable of
interacting with microstructure and fracture modes in a variety of ways.

The simplest kind of hydrogen fracture would occur from hydrogen in
solution in the metal lattice, for example in the proposal which originated with
Pfeil*3° in 1926 that hydrogen reduces the cohesive forces in the metal
lattice,?!#-331-332 particularly in the most highly stressed material near a crack
tip. In such regions, thermodynamic arguments®'® suggest that hydrogen
solubility will be increased. Since only a few atomic layers are stated to be
affected under elastic conditions at a crack tip,>*? the situations in Fig. 49
could essentially provide the needed hydrogen without transport, for the case
of a crack having direct access to the environment. This is indicated in Fig. 52
by a line bypassing the transport phenomena.

There are several difficulties with this specific model, including the
conclusion?3? that plastic flow does not necessarily occur in high-strength
materials under the stress singularity at the crack tip, and the dismissal of
diffusion effects. Current fracture mechanics findings*2° indicate (Fig. 51) that
the latter can be important because the maximum stress occurs very near the
crack tip. A previous attempt to conduct “critical” experiments®** in support
of this model seems to have been unsuccessful.*!® The model also makes it
difficult to rationalize intermittent cracking®'® and the role of metallurgical
variables, except as they affect local solubilities. We therefore feel that this
model, although possibly correct in principle and attractive in its clarity, is at
present incomplete. The behavior it attempts to describe, of interatomic bonds
being weakened by hydrogen, may well be at the root of many or most
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hydrogen embrittlement phenomena, but the model itself is not yet
satisfactory. Additional work may place it on a firm footing and broaden its
description of hydrogen behavior.

Grain boundaries are clearly an important microstructural location,
since environmental fracture is often intergranular. Whether hydrogen
accumulates at boundaries and weaken bonds, or reassociates as H,, or has
some other effect, is not known, although the H, damage possibility seems less
likely. The presence of recombination poisons at boundaries should
accentuate hydrogen accumulation and enhance fracture, as has been
observed.!2:239:2%% [n the event that dislocation transport is important,
microstructural features which reduce slip length within grains can thereby
reduce hydrogen concentrations at boundaries. This is the explanation
advanced for the effect of dispersoids in nickel alloys.?**-2°® Another reason
for intergranular fracture might be the presence of precipitates or inclusions at
boundaries, as discussed next.

Hydrogen may accumulate at the interface between the matrix and a
precipitate, particularly if it is incoherent. The presence of hydrogen may
reduce the strength of the interface, thus aiding nucleation of cracking, or, if
sufficient hydrogen is available, it may aid void growth at the interface by
means of H, pressure. The latter case could occur in a dislocation transport
situation if hydrogen is transported more rapidly to the particles than it can
diffuse away. This viewpoint has been used to interpret instances of ductile
fracture aided by hydrogen,’>7+!?* without specifying whether it was
nucleation or growth of voids which was affected by hydrogen. However, the
evidence that in many cases dimple sizes are reduced by testing in
hydrogen’#8412% guggests that it is nucleation which is primarily altered. An
example of this kind of observation is shown in Fig. 54. Particle effects have
been suggested in other cases also,°*33#:33> and it appears important to
evaluate further the role of inclusion type and orientation in the ferritic
steels.2®3® More work on this topic seems indicated, since ductile fracture is
the mode of failure which would be desired for materials in service.

It is important to note that many inclusions and precipitates (particularly
the overaged or equilibrium structure) are intermetallic compounds: these
typically have very low solubility for elements other than those which
participate in the compound. Formation of such precipitates would therefore
be expected to result in rejection of other solutes at the interface (although an
opposite proposal has been made?®* for the case of Inconel 600). The class of
solutes which is of particular interest here is the recombination poisons.
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Fig. 54. Ductility (RA) loss of A-286-type alloys as a function of changes
in fracture surface dimple size, expressed as the ratio R; R = (dimple size
for hydrogen-charged material) = (uncharged dimple size). Filled
squares refer to partly intergranular fractures. For alloy 8, see Table 4
and Fig. 22. (From Thompson and Brooks.!?*)

Presence of these at particle interfaces could aid particle-matrix interface
fracture. These effects would be of greatest importance in precipitates of large
surface area (e.g., cellular or pearlitic structures); it will be recalled that
pearlite was found to be a poor microstructure in steels,*® and cellular 1 was
found deleterious!?* in A-286. The loss in SCC resistance with increasing grain
size in pearlitic structures*® is consistent with this interpretation, as the solute
per unit area in the grain boundaries would be reduced, and thus available to
pearlite interfaces, as grain size increases. A similar proposal for the behavior
of carbides in steel was recently made by McMahon et al.>*® Finally, when
these particles are at grain boundaries, a combined behavior of particle and
grain boundary effects would be expected.

A final comment on slip mode is also in order, although it has been
discussed at some length above. We have stated that slip planarity can affect
electrochemical processes at crack tips or smooth surfaces by sharpening slip
steps. It also increases the efficiency of dislocation transport of hydrogen,*!* of
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hydrogen storage at particles,’*!°%-31% and of transport to grain boundaries.
It can therefore affect both the dissolution and hydrogen components of SCC.
At the same time, it cannot be regarded as a sufficient condition for
environmental susceptibility, since some materials of planar slip character
resist SCC fairly well®*-2+%? (this is not to say that a change in environmental
composition could not produce SCC; one has only to provide the critical
species or a sufficient local corrosion current, as the Inconel alloys
illustrate?#!-24), In fact, planar slip is not always a necessary condition for
susceptibility, since Nickel 200 exhibits SCC.?#! The intergranular fractures in
Niand Nialloys may be aided by S segregation, an illustration that all relevant
factors must be taken into account. These exceptions, however, do not obscure
the widespread correlation between slip planarity and environmental
susceptibility which we have identified in this chapter; they merely
demonstrate that other factors can be sufficiently effective to intervene.

We conclude this section with illustrations of the above discussion for
several alloy systems. These are not intended to be exhaustive, but rather to
serve as examples.

Austenitic Stainless Steels

These alloys are in some ways the simplest case, since their hydrogen
behavior is relatively easily correlated with their simple physical metallurgy.
Here it has been pointed out that there is suggestive, although not yet
conclusive, evidence that the ductility losses due to hydrogen occur at
inclusions and precipitates.”?4:87 The sequence of behavior is thought to be
as follows. Dislocations carrying hydrogen tangle or pile up at the particles
during deformation, so that a locally high hydrogen concentration can be
created dynamically.!* Some of this hydrogen can be released as dislocation
stress fields overlap, and more will be released due to trapping at the
inclusion.?'* When necking begins, hydrogen is available locally, either to
lower the strength of the particle-matrix interface; to stabilize small voids, or
cracks which form in particles; or to enter the growing void around the particle
and aid its growth by the internal H, pressure developed. Note that the latter
interaction begins only upon the initiation of necking. All these processes
would aid and accelerate normal ductile rupture and cause it to occur at a
smaller strain, which in turn corresponds to reduced ductility and an RA loss,
or accelerated cracking in SCC. The overall sequence can be followed in Fig.
52.
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The role of slip character in this process is that planar slip enhances
dislocation transport of [H]*'* and prevents the dislocations from cross-
slipping around small particles and escaping. To the extent that SFE controls
slip character, Fig. 12 indicates the stainless steel compositions for which SFE
is high and for which hydrogen susceptibility should be low. For example, 310
(Table 3) has high SFE, and it usually exhibits little or no ductility loss in
hydrogen.?”® But with higher hydrogen content33” or when tested at lower
temperature,®*-337 which increases slip planarity, 310 does show increased RA
losses. This illustrates again our point that SFE is only one of the variables
which affect planarity. On the basis of SFE alone, however, one can observe in
Figs. 14 and 16 that ductility losses begin to be evident as SFE falls below
about 40 mJ/m?, as in 309S stainless.”* Further, this correlation is consistent
with the largely transgranular SCC cracking observed at low SFE levels.”®

There are significant unanswered questions about austenitic stainless
steel behavior. For example, are the effects of large Si or Ti additions due to
structural changes (i.e., 0 ferrite stabilization) or to SFE effects of the solutes in
solution? As we have stated, we favor the former view, but SFE effects cannot
be ruled out in this case at present.®®-** The role of o ferrite in SCC conditions
is also unresolved, as to whether it resists cracking because it is tough and
ductile, or because its electrochemical behavior inhibits crack tip
resharpening. Finally, the role of Mn in environmental fracture should be
examined in detail, because of increasing interest in the substitution of Mn for
Niand Cr as the latter elements become increasingly scarce and expensive. It is
possible that additions of Mn + Si, or other combinations, could prove to be
more effective substitutes.

Precipitation-Strengthened Alloys

An interesting modification of the rationale discussed above can be made
for the precipitation-strengthened iron-base and nickel-base alloys. These are
strengthened by coherent precipitates, whose interfaces may be less attractive
locations for hydrogen accumulation than incoherent ones, but the loss of
coherency at low strains!?+126 due to dislocations entering the interface
appears to be an important step in hydrogen behavior, as noted above. When
coherency is lost, hydrogen transported to the interface can be accumulated,
so that ductile fracture is apparently affected by hydrogen in the same way as
in austenitic stainless steels; that is, increased ductility loss is correlated with
decreased fracture surface dimple size. It can be seen in Fig. 54 that this
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correlation is fairly good. It even includes two alloys which exhibited partly
intergranular fracture, when the R measurements were made within the
dimpled areas of the fracture surface; the low ductility of the intergranular
portion presumably accounts for the increased RA loss compared to the trend
for wholly ductile fractures. This kind of relationship may also exist for other
materials such as the nickel-base alloys, and it is to be hoped that future work
on these materials will include fractographic observations of the kind shown in
Fig. 54. The special role of dislocation transport in this case is emphasized in
Fig. 52.

We have noted the importance of slip planarity in both Fe-base and Ni-
base alloys, caused by precipitate cutting, and more work on the dependence of
such planarity on metallurgical variables and thermal history would appear
most valuable. Coherency loss observations as a function of the same variables
would also be of value as an aid in understanding behavior such as Fig. 54; it
may also be of importance in understanding intergranular fracture, provided
that such fracture results from dislocation transport of hydrogen to grain
boundaries.**® And the deleterious effects of the 7 and J phases in these alloys
deserve closer attention to see whether hydrogen recombination poisons are
present at their interfaces, or whether the phases themselves are embrittled by
hydrogen.

Alpha Titanium Alloys

The correlation of slip mode and environmental cracking in these alloys
has been described, and it is at least possible that the correlation is related to
dislocation transport effects of the kind discussed above. The role of hydrides
in these alloys must also be considered, and several authors have discussed the
interaction of hydrides with fracture, most notably Scully and his co-
workers.??!-3*® Hydride formation in slip bands?22:224:316-339 may imply a
connection with dislocation transport, as may the observation that SCC
cracking rates are faster than lattice diffusion.?3'>°¢ Slip mode may also enter
the mechanism through restriction of slip due to hydrides,>*° although
attempts to model the “cleavage” behavior of Ti alloys in this and other ways
have so far been unsuccessful.229-340-341 [t now appears that the
observation?2® of (1017) hydrides may resolve this problem as a simple case of
hydride cleavage.

The hydrogen-induced fracture of Ti alloys (which the results of
Nelson?°? and Green'’? indicate may include many instances of SCC) might
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then be rationalized in terms of the relative amount of hydrogen available to
the alloy. Relatively low concentrations would be expected under SCC
conditions on the basis of the low hydrogen fugacity implied by Fig. 34.
“Dissolved” hydrogen would also be at low levels in view of the usual alloy
solubilities.??* Thus, slow strain-rate embrittlement may occur at low [H]
levels®*3® through dislocation transport3#? (as affected by slip mode) and
strain-induced hydride formation in slip bands. Fracture would then occur by
cleavage of the hydrides. On the other hand, high [H] levels giving rise to
profuse preexisting hydrides would cause a different fracture mode,?2!
predominantly of the kind found at high strain rates. Further work to exam-
ine such a division of Ti alloy behavior3°? should encompass both the com-
plex effects of hydride formation?2422% and of hydrogen lattice sites in
alloys.3+?

Ferritic and Martensitic Steels

There is relatively little microstructural evidence on the scale of
transmission electron microscopy which bears on environmental fracture in
these materials, particularly in mechanistic terms and in comparison to the
other systems in this chapter. The high-strength martensitic steels exhibit
behavior which is dominated by considerations rooted in fracture
mechanics,! 1622344 and may well be controlled by hydrogen diffusion
ahead of cracks.®!® Alone of the alloy systems we have reviewed, therefore, slip
mode effects and dislocation transport of hydrogen may be absent in steels,
particularly those of high strength. As we have reviewed, however, there are
compositional and microstructural effects in these steels which demand
explanation, and dislocation transport may be involved. One of the pivotal
questions is the behavior of hydrogen recombination poisons, since the
partitioning of these in the microstructure depends on the tempering
temperature.!?!® Partitioning of poisons to grain boundaries or interphase
interfaces may shift the critical fracture path (Fig. 52). Thus, efforts to vary
yield strength by varying tempering conditions, for example, may not be
simply interpretable without parallel investigation of the effect of tempering
on the intergranular chemistry and the resultant crack path.5*33¢ There
can be little question, however, of the dominant role of hydrogen in most
SCC failures in martensitic steels. This has been shown by a
variety of means,!3:20:22:27:55.175,231,297.345,346 inclyding Mode I-Mode
III tests.!80-181
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Turning to ferritic microstructures, there are a number of marked
similarities®® between plain carbon and low-alloy steels, and austenitic
stainless steels, in hydrogen; among these are observations of ductile fracture
modes with losses in RA.2%%Y There are also many dissimilarities; but the
similarities suggest that the kind of behavior described for austenitic steels
may also occur in ferritic steels, and work to investigate this would be of value.
Diffusion is far more rapid in the bcc lattice than in stainlesses, however, so
careful experiments would be needed to establish that dislocation transport
was indeed important.

We should reiterate that comprehensive work on the role played by Ni, Cr,
and Mo in all the steels is urgently needed in view of the importance and
extensive use of these solutes. Work to date has been no more than preliminary.

Aluminum Alloys

We have discussed the evidence, including Green’s Mode 111 tests,' ’® that
hydrogen may be an important participant in aluminum alloy SCC. We shall
now consider the processes by which this might occur. We have reviewed
elsewhere®® the status of the existing microstructural models for SCC in these
alloys; those based on anodic dissolution paths or on preferential slip in
precipitate-free zones (PFZ) in grain boundaries, of the sort illustrated in Fig.
55, were concluded to be inadequate. There are two other rationales, one of
which correlates SCC resistance with the advent of nonplanar slip,’3*-'*° and
the other of which correlates SCC resistance with increased coverage of grain
boundaries by precipitates®*” (see Fig. 55). There is experimental support for
each of these,®® but careful experiments on commercial alloys showed that
correlation coefficients were highest for the matrix slip mode concept,**® in
agreement with earlier work,*****° and in contradiction to the grain
boundary precipitate concept. This appears true for 6000 alloys'3” as well as
for 7000 alloys; we should also mention the success of TMT experiments
premised on slip mode control.'®° Evidence in favor of the grain boundary
precipitate proposal has in specific cases also seemed strong,33':332
particularly when matrix slip character was maintained constant and only the
boundary precipitates varied.

We propose®® that both these concepts are in fact important. Slip mode
would be a significant parameter because hydrogen transport by dislocations
should be occurring; if this occurs during cutting of strengthening precipitates,
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Fig. 55. Grain boundary precipitates, matrix precipitates, and
PFZ in Al-Zn-Mg alloy, aged 500min at 165 C. Matrix
contains 5’ + 5. (From Poulose et al.3*?)

slip is highly planar and considerable hydrogen can reach grain boundaries.
The effect of this hydrogen will then depend upon the precipitate character at
the boundaries, since the precipitates will serve as hydrogen accumulators and
thus as fracture nuclei.!’?328:353 Thus, we believe that the competition
between these rationales, which depend, respectively, upon the character of
grain interior and grain boundary precipitates, may simply reflect two aspects
of the same phenomenon, provided that hydrogen is indeed involved. We
therefore support those who have ascribed aluminum alloy behavior under
most SCC conditions in part to hydrogen, 6% 173.179.183.328.329.354-358

We should mention an attempt to study the effect of hydrogen
recombination poisons at grain boundary precipitates in aluminum alloys,*>°
which found that these elements modified the precipitate behavior so strongly
that any role as poisons was overshadowed; and the observation that solute
depletion near grain boundaries affects initiation (and possibly resharpening)
behavior in SCC.**° There has also been an attempt®2°-3¢1-3¢2 {5 compare
quantitatively the dissolution and hydrogen processes in a model Al-7 %, Mg
alloy. That study showed that under sufficiently anodic conditions and high
stresses, the crack growth rate was faradaically equivalent to the dissolution
rate.>®? At less anodic potentials or lower stresses, the comparison is flawed
because the hydrogen model used was an equilibrium one, the behavior of Fig.
28 appears not to be taken into account, and it was assumed without
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justification that the rate of hydrogen absorption is rate-controlling. The work
does show, however, as we have suggested, that in at least some systems,
conditions can be adjusted to give a “pure” process, in this case anodic
dissolution, even when mixed behavior appears relevant to open-circuit
conditions.'”?

Implications for Hydrogen Embrittlement Mechanisms

We close the discussion with brief comments on the implications of this
chapter for mechanisms of hydrogen embrittlement. We have already
mentioned the problems with the Pfeil-Troiano-Oriani cohesive strength
mechanism; these problems do nor necessarily mean that the mechanism is
fundamentally incorrect, only that it is not now in satisfactory form. Efforts to
develop the underlying premise in different terms®®3 are therefore of great
interest. The second mechanism usually cited is the surface energy proposal of
Petch and Stables.*®* Oriani has argued persuasively®3! that this is merely a
different statement of the cohesive strength mechanism, provided that the
cracking process can be treated as reversible.

A third mechanism is Zappfe’s suggestion=°®> that hydrogen accumulates
in internal voids and cracks, and exerts gas pressure there to assist fracture.
The suggestion was intended to explain hydrogen damage during charging,
and is undoubtedly correct for some cases of that kind,®2 but is not general in
its original form.>°%-3'® The suggestion has more recently been modified to
suggest that hydrogen pressures are in many cases only developed during
deformation, and have no significant effect prior to necking.’?-74:100-124 p
combination with increased understanding of nonequilibrium hydrogen
transport by dislocations!* and of hydrogen effects on nucleation of ductile
fracture,3%% it now appears that this modified pressure theory may have some
applicability. It has been used to rationalize some of the material in the present
review.

A fourth mechanism, suggested by Beachem,’3 is that hydrogen assists
deformation in some unspecified way and thereby assists fracture. Although
reduced flow stresses due to hydrogen have been observed,*>*-3®” the proposal
is at present too unspecific to assess in detail; more work is called for. There
have also been efforts to devise highly generalized theories of hydrogen
embrittlement,>®®-3%° based in large part on the phenomenology of fracture in
the presence of hydrides. As with Beachem’s suggestion, these will have to be
made more specific before they can be tested under a range of metallurgical
conditions.

365
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The present review suggests that none of the extant mechanisms is entirely
general for the wide range of metallurgical variables examined; others have
also concluded this.3”° Barring the possibility of an undiscovered mechanism,
it seems unavoidable at this point to state that there is no underlying
mechanism of complete generality for hydrogen embrittlement. The same
appears true, incidentally, for the many proposals regarding anodic
dissolution mechanisms, although we have not reviewed those here.

CONCLUDING REMARKS

There are several themes which have appeared repeatedly in this chapter.
The most fundamental is the parallelism of hydrogen-induced SCC and
hydrogen embrittlement. We have not claimed that these are the same
phenomenon; anodic dissolution processes and crack tip resharpening, to
name only two, are absent from hydrogen tests and inevitably alter the
phenomenology of SCC processes by comparison. And there is certainly an
ongoing dispute (e.g., in austenitic stainless steels®*-327-3717374) a5 to the role
of hydrogen in SCC. This review, emphasizing the existing and particularly the
new data in both SCC and hydrogen embrittlement, has led us to suggest that
the boundaries between these two phenomena cannot and should not be very
sharply drawn. More work is needed, and will no doubt be performed,* to
address this question.

The various suggestions we have made about hydrogen sources,
transport processes, and locations of hydrogen damage, summarized in Fig.
52, comprise a broad and versatile viewpoint on hydrogen participation in
environmental fracture. In combination with the view that mixed processes of
anodic dissolution and hydrogen embrittlement frequently occur, a view
which has been advocated by many others,!72-179:231.327.328.372 we helieve the
picture developed does help account for behavior in the most common service
environments. Efforts to put it on a firmer foundation and make it quantitative
are needed.

Fractography is an important aspect of any investigation of fracture
behavior. It has been at the center of many disputes about mechanism, and at
certain points in this review, we too have used it to discriminate among

* Even in copper alloys, there are SCC experiments in progress to evaluate a possible role of
hydrogen.®”*
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alternative explanations. Yet in many cases we have omitted detailed
comparison and discussion of fracture surface appearance. The reason is that
too often, no fractography (or worse, inconclusive or unconvincing
fractography) has been performed in an investigation. We would urge greater
use of fractography at lower magnifications (e.g.. 200-1000 x ) when the
fracture mode is mixed or complex, as it often is. And such cases should include
some estimate of the proportions of different fracture modes which
occur,>>12% as well as (where possible) quantitative data on such features as
secondary cracking, cleavage facet size, and dimple size. Finally, more use of
Auger electron spectroscopy, when it can be applied, may well prove of great
interest.

The ceaseless pattern of engineering materials use is of ever greater
demands for increased resistance to environmental failure, frequently in
environments which contain or can generate hydrogen. It is common to meet
such demands with ad hoc simulation of the service environment, which leads
to selection of the best material tested. But the alloy designer or materials
engineer needs better guidance than service simulation to cope with the
demands of new environments. In assessing the role of metallurgical variables
in environmental fracture, we have attempted to emphasize those factors
which can be manipulated to provide better materials. It is our hope that this
review may serve in tandem with engineering tests as a guide to the
improvement of old alloys and the development of new ones, as environments
continue to become more demanding.
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EPILOGUE

This chapter was written in the spring of 1975 and somewhat revised in
response to the reviewers in the spring of 1976. As we now read it for the last
time prior to publication, it has been some 30 months since that last revision. It
has been gratifying in this interim to observe that there are no major, and few
minor aspects of the review which need to be modified. There have, however,
been a number of subsequent publications which bear on the content of the
review, and these are briefly cited below.

There have been a number of interesting observations on stainless steels,
including additional work on sensitization*’® and on sustained load cracking
in 1-atm hydrogen gas.®”” The latter experiments are of particular interest
because they indicate that the exacerbative role of strain-induced martensite
can be pivotal in providing a means of keeping crack tips sharp even though, as
mentioned in the text, the martensite does not appear to play a primary or
causative role. An additional finding of interest is that tensile tests in high-
pressure hydrogen gas show a trend at pressures above 10,000 psi (69 MPa)
toward intergranular fracture,’® a finding which appears consistent with a
role of dislocation transport in the embrittlement,*!* since grain boundaries
can serve as hydrogen accumulators.?”®

There have also been several interesting reports on steels. In one, it was
stated that decreasing grain size lowered K, *’°; previous data have always
shown the opposite. However, the evidence, Fig. 5 of the paper,®’® is not
unequivocal. Additional work to examine the role played by grain size in steels
of varying strength level would be useful, particularly since there is now
evidence*8° that decreasing grain size increases K, when impurity elements in
the steel are reduced to a low level. Work on SCC of 4340-type steels*®!
suggests again that a hydrogen role is central. Work on lower-strength (ca.
700 MPa or 100 ksi) plain carbon steels of varying Mn content*#? showed that
Mn content does not affect hydrogen-induced ductility loss but does affect
SCC behavior in pearlitic microstructures. In spheroidized carbide
microstructures, however, Mn content did not adversely affect SCC
performance.?®2 Contrary to some assertions,>®? therefore, microstructure
does affect the role of Mn at strength levels below 690 MPa. At the same time,
the predominant role of nonmetallic inclusions*®3-*#* in hydrogen damage
should be reiterated. Finally, it cannot be emphasized too strongly that
attempts to evaluate thermomechanical processing and microstructure effects
without controlling strength level or cooling rate from heat treatments3®3
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cannot give meaningful results, particularly when neither microstructural nor
fractographic information is presented. Thermomechanical processing does
appear promising for high-strength steels*®® in adequately documented
studies, as the text discusses.

Valuable studies on sustained load cracking in Ti-6A1-4V have been
published by Boyer and Spurr.>®7-388 Their results on the temperature
dependence of the phenomena strongly suggest a hydride-related mechanism
of embrittlement,*®” in agreement with earlier suggestions.??* They also
reemphasize the importance, in Ti-6A1-4V, of the oxygen content, texture,
and presence of a, in relation to SCC resistance.*®® Other work has also
supported the hydride viewpoint,*8°32? including the mechanistic suggestions
of Nelson3?? and Margolin®°4; regarding the latter work, it now appears®?
that hydrogen fractures occur entirely in o or interface regions, not along
interfaces.

Aluminum alloy SCC data continue to be analyzed by some authors
solely in terms of dissolution mechanisms,*®53°7 but new evidence
increasingly favors a major hydrogen contribution to cracking, 3?8494
Microstructure studies in 7075 have shown*®® that hydrogen embrittlement
has the same dependence on microstructure as does SCC, with underaged
material the most sensitive and overaged (T73) less sensitive than T6. These
observations are consistent with, although they do not prove, a major role of
hydrogen in SCC of 7075 alloys. Attention continues to be devoted to solute
element segregation effects in aluminum alloys, and the possible role of such
segregation on SCC and hydrogen embrittlement*©2-4%¢-497. the importance
of such effects is not yet clear.

Extensions of the phenomenological descriptions in the present review
have been published by the present authors and others*°!-#°8-414 and in some
cases offer additional detail. Significantly new discussions of fracture mode
behavior,*03-409-4157417 mechanistic calculations of a new kind,*'84!° and of
mechanisms in general0!-403.408.409.416.420-424 3re g]50 now available. Of
particular interest are Fujita’s calculations on a “hydridelike” mechanism in
iron, involving disks of accumulated hydrogen on {100} planes*!®; Heady’s
reassessment of the Petch—Stables surface energy mechanism*2° and Hirth
and Johnson’s observation*®® that this mechanism is a special case of the
Pfeil-Troiano—Oriani mechanism only when cracking is reversible; Heady’s
partial rationale*!? for the Beachem suggestion®®; and continued interest in
cooperative anodic dissolution-hydrogen embrittlement processes for
SCC.#01.420-422.426-429 J¢ stj]] appears that no single mechanism can serve to

www.iran-mavad.com

Age Cpmodine 5 Gzl gy



162 Anthony W. Thompson and I. M. Bernstein
rationalize all the data on metallurgical and other variables,*08-409-416.421-424

nor can any of the five current classes of mechanism*2*
yet.416’41 9,421 -424

be ruled out as

In the area of dislocation transport, Johnson and Hirth**° have
demonstrated that mutual annihilation of hydrogen-carrying dislocations
cannot of itself result in local hydrogen enrichment; this is a process not
evaluated in earlier work.3!'=3!3 Jensen and Tien have now shown,*3!
however, that the pivotal point here is the existence of a binding energy for
hydrogen to accumulation sites such as inclusions; insertion of such an energy
into the Johnson—Hirth analysis gives rise to significant hydrogen
accumulations, while removal of the binding energy from the Tien et al.
model3'4#32 results in no significant accumulation. Since it is generally found
that metallurgical locations such as particles and grain boundaries do possess
such a binding energy,***-*** it would be concluded that both published
transport analyses3'443° can predict hydrogen accumulations at such sites.
Experimental information has continued to suggest*2-435~438 that dislocation
transport does occur in practice; on the other hand, a number of
investigators*21:424:439-441 have increasingly felt that such transport perhaps
plays a somewhat less central role in embrittlement phenomena than described in
the text.

In summary, we feel that the great majority of the correlation, analysis,
and discussion of the literature we prepared in 1975 continues to be both
accurate and relevant. Our hope continues, however, that our comments on
needed critical experiments will help stimulate new work which can lead to
refinement and extension of the understanding of hydrogen-assisted fracture.
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EMF MEASUREMENTS AT ELEVATED
TEMPERATURES AND PRESSURES

J. V. Dobson

Department of Physical Chemistry
University of Newcastle upon Tyne
Newecastle upon Tyne

England

INTRODUCTION

The types of electromotive force (emf) measurements covered in this
chapter include galvanic, concentration with and without transport, and glass
electrode cells, over wide ranges of temperature and pressure. Measurement of
rest potentials and the instantaneous, but continual comparison of working
electrode potentials with reference electrodes in potentiostatic work are
basically emf measurements but are generally avoided and are obviously dealt
with more fully in other papers devoted to electrode kinetics. Emf studies on
nonisothermal, polarographic cells are not discussed for similar reasons. The
present chapter attempts to demonstrate, by reference to recently published
work, factors important in the measurement of cell emf. Moreover, by devoting
various sections to specific quantities, such as pH, K,, K,,, Y+, dE/dP, dE/dT,
E/T, and E/P, the versatility of this type of electrochemical measurement is
highlighted. From the aspect of review, this chapter only discusses in detail
information published since 1965, although comparisons with earlier work are
made occasionally. Because the range of applications of emf measurements is
very large and not concerned in general with the continuation of a particular
problem, it is difficult to prepare a review without discontinuities. Apologies
are also given by the writer for any studies unintentionally overlooked.

RECENT APPLICATIONS OF EMF MEASUREMENTS

An idea of the variation in applications of emf measurements to academic
and industrial problems may be obtained by reiterating the reasons the
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authors of some recently published emf work have given for the need and
justification of their particular studies. According to Schédn! (Sweden), for
example, the most important factors in the technical sulfite process, in addition
to temperature and cooking time, are the pH and the HSO3 concentration in
the cooking liquids. Both of these, he demonstrates, may be determined
satisfactorily by emf measurements. The measurement of pH is necessary in
the control of reactions in hydrolysis and esterification in the chemical
industry. Fiker and Santova? (Czechoslovakia) have used emf measurements
to measure pH under plant conditions with through-flow sensing elements at
high temperatures. Measurement of pH by emf measurements in superheated
water contained in borax springs in Kamchatka, USSR, were needed by
Kryukov et al.> (USSR ) in recent studies connected with geothermal fissures
and calcification. Emf—pH measurements at elevated pressures were also used
in a microbiological study by Smith and Lauro* (USA).

Emf measurements also provide an experimental background to current
theories of the origin and composition of seawater; mean ion activities are
needed for the major components over wide temperature and pressure ranges.
Whitfield® (Australia), in his emf studies on the ionic product of water (K,,),
has pointed out that the moderate range in temperature and high pressures are
also of direct interest to the marine scientist. Advances in emf techniques now
make it possible to collect all the data necessary in the oceanographically
significant temperature and pressure ranges. Whitfield also states that fresh
K,, data are also important, because of persistence by authoritative sources in
requoting old or incorrect values. For example, Refs. 6-8 quoted values of K,
calculated by Owen and Brinkley® on the basis of a standard partial molal
volume change which has since been shown to be 2cm3/mole in error.
Accurate values of K,, as functions of temperature and pressure are also
required when setting up thermodynamic diagrams and pH scales for kinetic
studies involving hydrogen and hydroxyl ions.

Thermodynamic information, possibly derived by emf measurements, are
of particular interest in boiler corrosion and fuel cell studies. In order to
produce information in the study of corrosion of materials for use in nuclear
reactor systems, Indig and Vermilyea!® (USA) were required to measure and
control the potentials of electrodes in water at approximately 290°C. The
choice, by Mesmer et al.!! (USA), of boric acid/borate buffer mixtures for cell
electrolytes at elevated temperatures was made because they serve as pH
standards, occur in natural aqueous systems and in detergent solutions, and
are used as burnable nuclear poisons in the coolants of pressurized water
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nuclear reactors. Every and Banks'? (USA) have demonstrated in a patent on
a practical application of anodic protection at elevated temperatures that
precise emf measurements are required continuously. Finally, Staehle and
Cowan'? (USA), in the course of an electrode kinetic study, have shown
concern, and the need for reliable emf data, with respect to determination of
standard electrode potentials at elevated temperatures.

These few random examples do not attempt to be exhaustive, and others
could have been cited (e.g, hydrothermal synthesis, water pollution,
desalination). However, the author hopes that the examples chosen have
indicated the interdisciplinary role that this type of electrochemical
measurement possesses.

HISTORICAL BACKGROUND

A major part of early work was focused on practical problems revolv-
ing around fabrication of pressure vessels, cell container design, electrical
and pressure seals, and materials of construction. All problems have not been
solved. An indication of the interest that is still apparent is suggested by the
large number of papers devoted to such matters given at the NACE High
Temperature High Pressure Electrochemistry Conference (HTHPE), 1973,
Guildford, UK.

Detailed investigations with respect to stability, response, and
measurements of standard electrode potentials of reference electrodes, as well
as determinations of precise activity data and other thermodynamic quantities
of electrolytes, have been, and still are, main preoccupations.

Several useful reviews on emf measurements, some containing
bibliographies, have been published within the last decade, notably by
Lietzke!* (USA), Ives and Janz!® (UK), Hills and Ovenden!® (UK), de G.
Jones and Masterson'!” (UK ), and Hills® (UK). Particularly useful, but large,
tables contained in the review by de G. Jones and Masterson listed all the work
carried out between 1953 and 1966. The early work was discussed thoroughly
in these reviews, but to provide a condensed historical background for the
present chapter, the references, including some earlier studies not listed in the
de G. Jones tables, are now compiled using the following code. The first
symbol is the general classification of use: P represents pH studies; D, data; E,
standard electrode potential; Ac, activity data; K, dissociation constant data.
The range of pressure and temperature is then given. The third symbol given is
the type of electrodes and electrolytes: H, platinum hydrogen electrode; G,
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glass electrode; A, silver—silver halide; Hg, mercury halide; other types
named: C, chloride; B, bromide; I, iodide; SO,, sulfate; Bu, mixed buffers;
OH, hydroxide-bearing electrolyte. The final part of the code given is the year
and reference number (in parentheses) in the general listing at the end of this
chapter; for example, P2SOHAC56(00) corresponds to a study which derived
pH values up to 250°C using platinum hydrogen and silver—silver chloride
electrodes in chloride-bearing electrolyte, published in 1956 and given in
reference 00. These are: D250Ag,SO,Hg,S0,S0,53 (19); E9SHAC54 (20);
D263AHgC54 (21); D250HACSS,56 (22); Acl40PbO,/PbSO,Ag,S0,57
(23); E275HAC60 (24); D275SHAC60 (25); AcE200HAB60 (26),
Acl150HAB63 (27); D225 Deuterium AC64 (28); DI175HAC65 (29);
EAc200HAI65 (30); and Ac125HACSS (31).

All prefix (P) and temperature studies mainly at standard volume and
pressure (SVP): 150HACBu30 (32); 250HAC56 (33); 160GCBu54,56 (34);
140GTICIBu59 (35); 240H/NiHgOOHS9 (36); 250HHCBu60 (37);
150Pb/HgABuC60 (38); 275HAC60 (39); 150Pb/HgGABuC62 (40); and
150HGThCIBu66 (41).

All prefix (P) and pressure studies, maximum pressure in atm, around
room temperature: 143GHgC54 (42); K1607GACBu59 (43); 1071GABu59
(44); K1071GABu62 (45); Kw2142GACOH®63 (46); K1071GABu65 (47);
D1000HHgC24 (48); D1200Cd/Hg,S0,32 (49); D1500TIHgHg,S0,S0,23
(50); D1500CdCd/Hg,S0,420 (51); and D1500Zn/HgHg,S0,S0,20 (52).

COMMENTS ON CELL EMF, THERMODYNAMIC RELATIONSHIPS,
CELL DESIGN, MATERIALS, AND SOURCES OF ERROR

Cell EMF and Thermodynamic Relationships

It is highly probable that no electrochemical cell achieves and maintains
ideal thermodynamic equilibrium for substantial periods of time, particularly
at elevated temperatures. However, it is generally assumed for practical
purposes to have reached a thermodynamic equilibrium when thermal and
pressure conditions affecting solubility, density, vapor pressure, and so on, are
relatively constant. Moreover, if emf is being measured, the values observed
should have small variation over periods of 1 hr or so, the emf being taken over
this period of time to represent precisely the change in free energy of the
particular cell reaction which is involved. This is because an emf measurement
is only a measurement of potential difference and is not considered to disturb
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the direction of the reaction involved. It is assumed that the measurement of
emf is carried out by instruments which do not draw or pass current through
the cell. Large variations of emf with time are generally taken to indicate,
under constant temperature and pressure, that reactions other than those
expected from the cell reaction are occurring.

The detailed and algebraic formal treatments of cell emf and their ability
to produce precise thermodynamic data, and other quantities, are treated by

Table 1. Some Common Thermodynamic Relationships®

Temperature dependence Pressure dependence
at constant pressure at constant temperature
AG= —nFE= —RT InK —an—§=AV
dpP
dAH dAS
T AC, =1(T T _av
dT p=J(T) dP *
AH:AH°+IM,,dT P UL e T
oTl, v B
dAG/T _ AH ’ .
Tt T? ap = PvEn)
dE v, —
AS = —nF— — =
" ap - K
nF dE dE RTéInK — —
AH=—|-E+ T— — = = AV = .
( dT) P T T o V=xv
1 é(E — E°) lny, — —
By = E3s + n—F(AS‘SsAT "F,““*“L,: RT—2 =V, =V,
T T dT
- f AC,dT + Tf AC;-——)
298 v298 T
AH AC,—-As AC,
pK = —InK ="+ 220 ey
RT R R
diny, L,
dT ~ RT?

Liquid Junction Potential

RT (' _ g
E. =— Ll .
i=F ) ;z"a n (myy;

“All symbols have their usual significance.
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any standard textbook. Little may be gained, therefore, from a detailed
repetition of these well-known derivations, and only a few relevant comments
will be made here. The original premise in the treatment of cell emf data relies
on knowledge of a chemical reaction which may be represented by a
combination of two electrodes, each being sensitive or reversible to its own
particular ion, which is contained in the electrolyte of the cell. A number of the
basic relationships are given in Table 1. It is possible therefore, from cell emf
measurements (E), when made over ranges of temperature, pressure, and
concentration, to derive the standard electrode potential E°, AG, AH, AV, AS,
and AC, for a cell reaction; the ionization constant of water K,,; and the
dissociation constants, K, of weak and complex acids and bases. Other
quantities may be found, such as transport numbers, ¢, pH, Soret coefficients,
activity coefficients y., and the concentration of ionic species other than
hydrogen.

Cell Container Design

No comment will be made here on pressure vessel design, because this
aspect is dealt with completely in other papers given at the HTHPE. Some
comments will, however, be given on the cell containers which are housed
inside the pressure vessels.

A number of different cell container designs have been used since the last
half of the 1960s, each with its own particular advantages and disadvantages.
In Fig. 1'7° (pages 184 and 185) a number of interesting designs selected from
the literature are reproduced, which are subdivided into two main classes.
Two-phase cell systems are those which possess an aqueous vapor phase in
equilibrium with the liquid electrolyte in the cell. These systems are generally
operated at SVP, the pressure maintained by water contained in the pressure
vessel surrounding the cell container (see Fig. 1, Type 1 or 2) or within the cell
itself (Type 3). In the latter case calculated corrections are made to account for
electrolyte concentration changes because of evaporation. Single-phase cell
systems have the advantage that the pressure in the cell may be varied by oil or
other liquids surrounding the sealed cell container in the pressure vessel, via a
collapsible membrane (Type 8), bag (Type 6), piston (Type 9), or via dissimilar
liquid interphase (Type 4 or 5). It is out of place here to discuss the various
designs in detail, as all may be found in the papers quoted in the legend to
Fig. 1; however, a few comments on salient features may be made in passing.
Type 1 employs a long quartz capillary to reduce contamination of the bulk of
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the electrolyte with dissolved electrode materials. Types 2, 6 and 7, made
almost completely of polytetrafluoroethylene (PTFE), use sintered PTFE at
the entrances of electrode compartments to aid in the contamination problem.
Loose-fitting palladium sheets were also used in Type 2 to assist in preventing
hydrogen in solution from reaching the silver—silver chloride electrodes,
palladium being used because of its property to absorb considerable quantities
of hydrogen. Type S used a piece of nylon wrapped in the threads of a PTFE
plug to give electrical connection between the two main compartments of the
cell. Type 7 allows one, by a system of pistons and an electrically operated
valve, to change the electrolyte in the cell. Type 8 has been used for
nonisothermal studies>®; the silver chloride electrodes at either end of the cell
are maintained at known small differences in temperature.

Choice of Materials for Cell Containers

PTFE has become the generally used material for the construction of the
cell containers for temperatures up to 300° C, and in preference to silica. Other
materials, such as silicon hexaboride (Cerac, USA) and pure and doped
alumina or zirconia (Sintox, UK), have been used for temperatures in excess
of 300°C.

PTFE is easy to machine but has a tendency to “drill large,” and suffers
distortion if maintained at temperatures above 200°C and not supported.
Early reports!” of chemical attack on PTFE were due to the use of impure and
cheap grades; top-quality PTFE is highly recommended. Refractory materials
such as silicon hexaboride are not readily machinable and do suffer some slight
chemical attack.”®

Sources of Errors and Corrections

Two main sources of errors are those loosely described as uncontrolled
and controlled variables. In the controlled category are those associated with
cell design: calculated corrections, hydrogen pressure, for example; unwanted
thermal gradients; and spurious emf’s which are due to bad grounding or a
cell resistance that is too high for the class of measuring instrument. All of these
may be rectified by a subtle or a major variation in the system specifically or as
a whole.

Uncontrolled variables are those associated with, and inherent in, the
essential components of the system, particularly the electrodes: for example,
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Fig. 1. Cell designs selected from the literature: Types I and 2 from Indig and Vermilyea!® and
Dobson and Thirsk®?; Type 3 from Kryukov et al.*!; Type 4 from Whitfield®; Type 5 from
Kryukov et al.*!; Type 6 from Dobson et al.5*; Type 7 from Dobson et al.>”; Type 8 from Dobson
et al.**; Type 9 from Dobson.>>

abrupt changes in E° due to changes with temperature and hydration, as with
the antimony oxide electrode®3; solubility of electrode materials, causing
changes in activity and creation of liquid junction potentials®#; modifications
of structure due to temperature, for example with silver—silver iodide
electrodes®®; spontaneous composition changes as by loss of hydrogen in the
palladium hydride electrode®®; effects due to gases, for example oxygen and
hydrogen, on the silver—silver chloride electrode3?; and chemical effects and
changes due to attack of electrolyte on the electrode, for example the silver
oxide electrode.®! Generally, little can be done with these types of problems
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other than choosing a completely different electrode system, which may not
always be possible.

CELL EMF’'S, DEPENDENCE ON TIME, TEMPERATURE, ELECTROLYTE
CONCENTRATION, AND DERIVATION OF STANDARD ELECTRODE
POTENTIALS

Cell EMF—Time Dependence

This important characteristic of emf measurements is not often
commented on in the various published papers dealing with experimental
results. Usually, if referred to at all, statements are made to the effect that this
or that cell was constant either over the time measurements reported or at
some other temperature.

The manner in which a cell reaches its various equilibriums as a function
of time, whether they be thermal, chemical, or solubility equilibriums, are
decisive in understanding any anomalous behavior. Alternatively, a record,
even by graphical means, particularly before or after the period of interest, of
the emf as a function of time, is valid support for the various degrees of
significance which a particular type of measurement is subsequently
considered to have.

The importance of detailed observation of cell emf’s with time has been
shown from a study of some earlier work of Lietzke et al.>* in connection with
dissolution of cell container materials. A consideration of time and cell emf,
because of other effects, allowed Dobson and Thirsk®? to point out the
advantages of using cell containers of small electrolyte volume.

Workers in the Lietzke school?3~28 (USA) and Isaki and Arai®? (Japan)
did not detect any drift in emf with time (Fig. 2) when employing cells using
silver—silver chloride, and platinum—hydrogen electrodes, in cells with
relatively large volumes of electrolyte. In the work of Dobson and Thirsk®3
(UK) considerable drifts were noted (Fig. 3) from cells using the same
electrodes but electrolyte volumes probably at least 10 times smaller. Cells of
small electrolyte volume magnify any change (e.g. concentration) and should
be avoided unless there is a particular interest in these changes. For example,
the behavior of the emf-time curves shown in Fig. 3 may be correlated to
effects of hydrogen on the silver—silver chloride.??

The emf-time observations may be put to a different use. For example,
the constancy of emf with time graphs, used in the work of Dobson et al.34%3
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with cells (1) and (2), demonstrated stability and precision if their cells and
measurements.

Ag, AgCl|XCl,,y | Hg,Clo, Hg  Hg, Hg,SO,| X2SO4(m | AgaSOs, Ag
1) (2)

Shown in Fig. 4 are some plots of cell emf against time for both cells
at temperatures up to 200°C. The demonstration of high stability,
+0.05-0.1 mV, was necessary for the subsequent treatments of these precise
data later in their paper. Two final examples now follow of cell emf and time
relationships which may be used, but this time, employed as indicators of the
reliability or endurance that a particular system may have. Fournie et al.*°
(France), as early as 1960, attempted to improve the performance and extend
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120 - —
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1o -
0000000000
100 -
Z solaaaaanaarnasrasa
. ALADADLLDLDADLADDLOLLOLDLLN
o
5 eof —
3 ® 45 M CsCl, 50bar 200°C;
O 70l O 0.l MCsCl, 50bor 200°C;,
A Ol MHCI, 50bar 150°C;
60 A Ol MCsCl, 50bor 150°C;,
W 45 MHCI, 50bar 25°C;
50 —
SSEsmsEEsRERARES
a0 —
1 1 I} I 1 |
0 ] 2 3 4 5 6
T T T T T T T T
50 ] 'zokAAAAAAAA ]
40 A“A‘_,“““ 1iol {01 mot kg' -
30la 4.5mol kg~ HpSO,, O { HCI+0.1 mol kg
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> 20 - S0g0000 00
€
. ‘yesee 1 %01 (ormolkg’ ]
E O 03838888 | 0 4ic/~0.35mol kg
S _oleQ!mal kg' H,S0,, | 80 [K,50,,50bar 150°C ]
= 50 bar 100°C 7 . |
© -20 1~ _0.35mol kg' K50, ] . Sc* mol kd
_ bar 150° _ .S5mol kg
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L2 ST
ar 50 -
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B0 535 O35 3 % 5 Fig 4. Stability of cell emf with time.
Time, Hours (From Dobson et al.>*%3)
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the temperature range of glass electrodes. They chose a “Meci point noir”
glass and filled the inside of the bulb of the electrode with lead amalgam
instead of aqueous electrolyte. Figure 5 shows cell emf with time data using
these electrodes in cells up to 150°C. In Fig. 6 similar types of plots are shown
and were produced using a new type of pH/solid state electrode in an aqueous
electrolyte cell system up to 200°C created and measured recently by Dobson
and Firman.®#%% In both of these examples the gradual appearance of an
almost invariant cell emf with time demonstrates the aging processes, among

others, involved with the electrodes at these elevated temperatures.

Fig. 5. Stabilization of glass electrodes
with inner filling of lead amalgam at
150°C with time. (From Fournie et
al *%)

Fig. 6. Stability of cell emf with time at
50 bars between 60 and 206°C pH (solid
state) (0.01,, HCI/AgCl, Ag). @, electrode
2; A, electrode 3. (From Dobson and

Firman.546%)

S 7 950
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€ E
« -850 «
€ E
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190 J. V. Dobson

Cell EMF—Temperature

In the second half of the 1960s, Kértum and Hausserman3® (Germany)
measured the emf of cell (3):

Pt, H,|HI,, | Agl,Ag
3)

up to 200°C and derived standard electrode potential data for the silver—
silver iodide electrode and activity data on hydroiodic acid (HI). Isaki and
Arai,®? using the same cell as Lietzke,>*2% cell (4),

Pt,H,|HCl,, | AgCl, Ag
@

have also made measurements up to 200°C, but not as thoroughly as the
earlier work of Lietzke. There is also some confusion in the Isaki paper with
sign conventions, but he derives sensible E”’s for the silver—silver chloride
electrode.

Lepeintre et al.®® (France) have described in a patent what happens when
cell (5),

Ag,AgCl[HClg.1m | K2SO,4 | H3804(0.005m | PbSO4, Pb
(5)

is taken up to 250°C.

A number of cells involving oxides of platinum and other transitional
metals, calomel, and mercurous sulfate electrodes up to 140°C are reported in
a patent by Every and Banks!? (USA). There is, of course, considerable cell
emf and temperature data contained in the papers produced by Lietzke et al.
during 1965-1971 from cells such as cell (6),

(aq)

XCl
Pt,H
2 X Cly,

(6)

AgCl Ag

where X may be an alkali metal or earth or even metal chloride, involving the
production of activity data up to 275°C. These papers are referred to in

www.iran-mavad.com

Age Cpmodine 5 Gzl gy



EMF Measurements at Elevated Temperatures and Pressures 191

detail in a later section of this chapter. Finally, there is the cell-temperature
data produced in the papers of Dobson et al.33->4:¢3 and associated with cells
(7a) and (7b),

NaCl
PtLH AgCLA
2|Hal orNaOHI gLLAL
(Ta) ()

and cells (1) and (2) up to 200°C.

An interesting comparison may be seen in Fig. 7, where a selection of the
data produced by the workers mentioned in this section are plotted. Cell emf’s
taken at comparable ionic strengths of 0.1-0.2] are represented for clarity by
curves that best-fit the data. Applying Stockholm sign conventions to the
data, it is seen, with one exception, that the emf decreases with increasing
temperature, the exception being cell (1), which uses calomel and silver—silver
chloride electrodes, the variation being due to a less compensating or
complementary effect of standard electrode potential temperature coefficients.

400 : . .
300 _\ ]
a
200]- \ _
g
h
Z 100} .
Fig. 7. Emf of various cells between 25 and f
200°C: (a) Pt, H,/HClIAgCL Ag (Isaki and ~ E b
Arai®?); (b) Ag, AgCIHCIK,SO,H,SO, =
(0.05m)|PbSQy, Pb (Lepeintre et al.%); (c) © or
Pt, PtO,|NaOH|Hg,Cl,, Hg (Every and
Banks'?); (d) Pt, H,/HI|Agl, Ag (Kér-
tum and Hausserman3®); (e) Ag, ook |
AgClIXCl|Hg,Cl, (Dobson et al.**); (f)
Hg, Hg,S0,4|X,S0,|Ag,SO,, Ag (Dobson
and Firman®3); (g, h, i) Pt, H,[XCllAgC], o =0 T 55 00
Ag (Lietzke et al.}?%12%:127), Temperature, °C
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Cell EMF—Concentration and Nature of Electrolyte

A number of cells, for example cells (1) and (2), are, according to the
formal cell reaction, independent of concentration of the electrolyte and
nature of the cation. In recent papers Dobson et al.>#-¢® have demonstrated
that the observed emf of such cells depends considerably on concentration and
type of cation. It will be shown later that pronounced differences are also ob-
served for the effects of pressure on these cells, depending again on cation or
concentration, at any particular temperature. Some examples of the cell emf
dependence on concentration and cation are shown in Figs. 4, 8, and 9. Also
plotted on Fig. 9 are some data from Lietzke and Vaughen’s®! earlier work on
cell (1) and a calculated line derived from thermochemical data.6’

Shown in Fig. 10 are data for cell (2) that are also compared with Lietzke’s
data and a calculated line. Lietzke and Stoughton in their papers attributed
the deviations from the calculated line, for certain concentrations, to
hydrolysis of calomel. This idea is based mainly on very old chemical data®®
and a little additional experimental evidence. Apart from some comments
concerning mixed potentials, no clear reason was given to explain the
deviations. Moreover, Dobson et al. were not able to confirm some of Lietzke’s
original findings concerning concentration, for example, that the cell fails at
greater than 1 M KCl.

Undoubtedly, some hydrolysis of calomel may occur, particularly when
the complex equilibria for calomel in terms of disproportionation are
considered. A quantitative attempt is made to explain both concentration and
cation effects in Dobson and Firman’s paper,? in terms of enhanced solubility

103 T T T
101 -
EETS =
v ;/’_/OM N
>
€ o5 4
E
° o3k -
S gl B
89 E
Fig. 8. Dependence of pressure and type of a7l
electrolyte of cell emf at 150°C. Q, Cell B L_‘
with 4.5 M CsCl: A, cell with 4.5 M KCI. 85 05 0 s 20
(From Dobson et al.5*%3) Pressure, K bar
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130

1o

100

Cell emf, mv
(o] ~ @ [0
& ©o o o
T T T

o
(e}
T

Py
(o]
T
{

Fig. 9. Cell (1) emf as a function of
temperature: A, Lietzke and Vaughen,?! SVP 30 b 4
0.1 M HCl; B Lietzke and Vaughen,?! SVP
1.0 M HCI; O, Dobson et al.,’*%3 50 bar 0.1 M 20 - 1
HCl; ———, Kelly,*” calculated (thermochemi- 0 35 50 75 o0 s 20 155 200

cal data). Temperature, °C

Ceil emf, mv

Fig. 10. Comparison of emf’s of cell (2) as a
function of temperature: O, Dobson et al.,>*¢3
0.35molkg™! K,SO,, 50 bar; M, Dobson et
al,’*®3 450molkg™! H,SO,, 50 bar; O,
Dobson et al,**®3 0.10molkg™* H,80,, 50  ~'® ﬁ
bar; V¥, Lietzke and Stoughton,'®

0.20molkg™! H,SO,, S.V.P.; ——, Kelly,’ o % oo 50 200
calculated (thermodynamical data). Temperature, °C

50—

of calomel, for example, in concentrated solutions of the various alkaline metal
chlorides. This enhanced solubility is related in their paper to concentration
changes within the cell and a calculation of liquid junction potentials is made.
As can be seen from plots of observed—calculated cell emf in Fig. 11, the
apparent failure to account for the behavior of cells above 150°C is regarded by
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9 T T T
S A, HCI 7
A -
A
OA ----—=-- A ]
-3 iR O Q Q.
3B, Kl 1 ‘
_% TR AR o — l
|
of--—--- L_-_6_ _____ AT Qe
[e]
-6 C,CsCl e
7 3
o -l2b -
€
W -8 L L L Q
< 3 T T T
S — S———
A
9F D, H,S0, -
A
-8+ -
Fig. 11. Comparison of observed and calcu-
-27f 4 lated emf’s of cells (1) and (2) (AE), using HC],
‘ ' | 4 KCl, CsCl (4), and H,SO, between 25 and
BTN 100 50 200 200C. A, O.lmolkg™'; O, 45molkg™
Temperature, °C (From Dobson and Firman.®?)

the authors as being due to the lack of additional data and not to the original
premise used in the formula of the equation, the equations involved being

R T m// 4
E—E =E.—In Z(CIYiXCl
F Mmxc Y +xc

4 4 77 4
EAg(c) RT Mpgc) Mc1- YageyVct
— —In
/ ’ 4 /
2500 F Magiey Mc1- VageyVar

4 V4 V4 7”
_ EHE(C) E Myg(c) _@ VHg(eyYC1-

’ / 7 /’
2te) F Mg Mc1 VhgeyYar-

shortened to

” ” 772
E=F° = _RTE 1 My + Mcy Vi (xc1)
= =TT n————s
My« Mcy Y+ (xcn

The double and single primes refer to the right-hand and left-hand electrode
compartments, respectively.
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DETERMINATIONS OF STANDARD ELECTRODE POTENTIAL FROM
EMF MEASUREMENTS AS A FUNCTION OF TEMPERATURE

There has been some discussion in the past®®->3 as to the significance of
the values of E°. One reason for this doubt is the poor interagreement in E°
values at particular temperatures that have been found by various workers.

Recent evidence and controversy on hysteresis,’%’! phase change,3:*3
and chemical attack®!7> only support the earlier claims®® that an
experimental determination of the E° of an electrode (or one of a batch of
electrodes) that is to be used in a cell for a specific purpose is necessary. This
single determination is to be preferred to accepting and using E° values
compiled by other workers, who may have used different preparations of the
particular electrode. Single determinations of the E° may not, of course, be
practical, and the requirements of the precision must also be considered. While
precision of E° = +0.1mV is necessary for determination of a dissociation
constant of a weak acid by emf methods, for an electrode kinetic study
E° 4+ 10m YV would be sufficient in some cases. Moreover, the basis of the
method suggested in Ref. 69 for a single determination of E° relies on the
availability of precise activity data on the electrolyte containing the ion to
which the electrode is reversible.

The usual and detailed methods of the evaluation of E”’s from emf data
are given in standard thermodynamic textbooks. Basically and generally, the
method consists of measurement of cell emf over a range of concentrations of
electrolyte whose activities are known, or may be represented by a proven
empirical activity expression, and a short graphical extrapolation of equations
and data in ionic strength to infinite dilution to give the E° in the slope or
intercept.

No detailed discussion is given here of the various studies and methods
that have been made recently; however, a short compilation of E° data and
their sources is given in Table 2. Included are the experimental equilibrium or
rest potentials for a number of common metals taken from the recent work of
Wagramjam et al.”® (USSR) and Indig and Vermilyea®®.

EMF Studies at Elevated Pressures
Only a small number of extensive cell emf and pressure studies were

published in the last half of the 1960s. Disteche and Disteche’* (Belgium)
continued from 1965-1968 using cells involving glass electrodes to
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196 J. V. Dobson

Table 2. Recent Determinations of Standard Electrode Potentials and Equilibrium
Potentials (Volts) of Some Common Electrodes and Metals at Selected

Temperatures®
Temperature
°C) Source
Type of (reference number),
electrode 25 100 150 200 250 remarks

AgCl, Ag 0.2223 0.1600 0.1032 00348 0.054 24, 62
Agl, Ag —0.17195 —0.1926 —0.2375 —0.3094 - 30
Hg,Cl,, Hg 0.2680 0.2329  0.1959  0.1443 — 54
Hg,SO,, Hg 0.6125 05514 05106  0.4699 — 63
Ni —068 —0845 —0875 -085 — | 73
Co —0.805 —0.805 —0920 —-0.920 —- Measured
Fe -0945 -1.110 -1.1105 — — with respect to

> Hg,SO,, Hg

at same
temperature in
] MeSO,, pH 1.5
pH3, pH3.1, pH4, pHS5.7, pHIO0,
H,SO0, O01M H,SO, neutral NaOH
FeSO,

Pt + H, —023 —028 —044 —037 —068 |
Pt + O, +0.59 10
Inc + H, —0.445 Measured
Inc + O, +0.44 with respect to
Inc —0.30 \  standard
304 SS —-0.34 —0.31 +046 -0.70 hydrogen
Fe —-0.36 —0.50 electrode,
Au —041 all at
Zircaloy 2 -1.0 289°C

J

?Inc, Inconel 600; 304 SS, 304 stainless steel; Pt, platinum black; H, pressure, 1 atm at room temperature;
oxygen pressure, unspecified.

complement their work on dissociation constants of weak acids at room
temperature and several kilobars pressure. Ben Yaakov and Kaplan’® (USA)
reported the use of a glass electrode in combination with thermally coated
silver—silver chloride electrodes for studies on seawater pH’s at depths up to
280 m. Figure 12 shows a plot of emf data converted to pH as a function of
depth and temperature. The differences between measurements made
descending and those ascending are not due to the misbehavior of the
electrode systems but are associated with true differences in water bodies. In
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pH
77 78 79 80 8L 82 83 84 85
T T T T

N
Fig. 12. Temperature and pH versus depth as _
recorded at Station II above the San Pedro
Basin some 8.6km from shore off southern -
California. O, pH up; A, pH down; W
temperature up; ¢, temperature down. (From 20— 6520 35 30 35 40
Ben Yaakov and Kaplan.”$) Temperature, °C

1969, Kryukov et al.”® (USSR) produced a design for a high-pressure cell
containing glass electrodes and showed how the emf varied at 25°C with
pressure of cell (8), in cell type 5 of Fig. 1 and in

buffers
(a) () (©
8)

where (a)—(c) are buffers containing (a) 0.01 M sodium tetraborate, (b) 0.025 M
potassium dihydrogen and sodium phosphate, and (c) potassium hydrogen
phthalate.

Figure 13 shows a plot of the difference E, — E, against pressure,
where E, is the emf value (in mV) at 1 atm pressure and E,, is the emf value (in
mV) at the pressure p (in kg/cm?). Whitfield in 1969 and 1970°77 also used
glass electrodes (see Type 4, Fig. 1) in cells, but involving measurements of the
effects of membrane geometry on the performance at high pressures. Whitfield
found that when electrodes are aged under “symmetrical conditions,” flat
membranes give more stable and reproducible results than those based on

glass electrodes AgClLAg
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180 T T T | T T T r T T
160 |- .
140 |- .
120 -
>
% 100 |- -
Y sof .
w
60} 4
4o 1 Fig. 13. Effect of pressure on emf at 25°C. O,
20k 4 Sodium tetraborate (Borax), 0.01 molkg™!;
) | A, KH,PO, + Na,HPO,, equimolal,
03 Sy R Y- - N 0.025molkg™!; O, KHCgH,O, (phthalate),
Pressure , kg cm2 0.05molkg™!. (From Kryukov et al.”®)

conventional spherical geometry. Described in his paper is an electrode which
gives stable asymmetry potentials as low as 30 4V and is only slightly affected
by changes in environmental conditions such as pressure.

A plot of asymmetry potential as a function of pressure, taken from the
paper, is shown in Fig 14; the letters refer to the various shapes of glass
electrodes; group (1) refers to general shapes, based on bulb design; group (2)
is based on a flat membrane.

Von Heusler and Gaiser’® (Germany) studied cell (7a) as a function of
pressure for the first time at room temperature. From their emf measurements
at pressures up to 2.5kbars (see Fig. 15 for E; — E, plots), the partial molal

T T
Type Pressure (bar)
Standard I 1,000 2,000
Deviation © A 0.16 048 07l
v A8 038 050 033
Em v ¢ 0l7 030 087 B
®D 004 004 005
AE 002 004 004

mV

Groupl

log Easym U

Fig. 14. Asymmetry potentials of glass
5 T > 3 clectrodes as a function of pressure at 20°C
P, kb (mean values plotted). (From Whitfield.>"7)
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T T T T o
o
15 A
>
E
£ 2
510 |
E
3
g
= 5 —
S
Fig. 15. Emf of cell (7a) at 25°C as a function of
pressure. O, 02molkg™! HCI;, W
0.415molkg~! HCI; A, 0.80molkg™! HCL. %% o5 o 15 20 25
(From Von Heusler and Gaiser.”8) Pressure, K bar

volumes and compressibilities of hydrogen have been calculated. Using the
known partial molal volumes of hydrogen ions in the solution and of the
electrons in the metal, the reaction volumes of the hydrogen electrode were
estimated.”® Incorporating overpotential measurements, von Heusler and
Gaiser’® were able to show that the rates of hydrogen evolution on copper,
silver, and gold at constant overvoltage # > 0.2V increase with pressure.

Shown in Fig. 16 are plots of current density against pressure, for copper,
silver, and gold in various electrolytes, with transfer coefficients of « = 0.51,
0.63, and 0.45 for copper, silver, and gold, respectively. It was further found
that in acid solutions, activation volumes at high pressure were independent of
pressure, pH, ionic strength, and electrode material. The increase in rate of
hydrogen evolution with pressure at constant potential difference between the
electrode and the solution is due to the more negative partial molal volume of
the adsorbed, solvated proton in the transition state compared with the
solvated proton in the interior of the solution.

Recent work by Dobson et al.>*®3 has shown the effects of pressure and
time on cells (1) and (2); see Type 6, Fig. 1.

Shown in Fig. 17 are typical time transients in cell emf after changes in
pressure. This type of behavior has been recently observed on other cells®® and
is due to the localized heating effects due to sudden pressure changes. The little
temperature hysteresis that cells (1) and (2) possess is demonstrated in further
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Fig. 16. Pressure dependence of the stationary
rate of evolution of hydrogen at a constant
overvoltage on copper, silver, and gold. @,
1 molkg™! perchloric acid and 1molkg™!
sodium perchiorate; [J, 001 molkg™! per-
chloric acid and 1.99molkg™! sodium per-
chlorate. (From Von Heusler and Gaiser.”®)

Fig. 17. Effect on cell (1) emf with change in
pressure as a function of time. (From Dobson
et al.>4%3)

Fig. 18. (Top) Cell (1): Effect of temperature hysteresis on
4.5 M KCl cell. O, Before temperature excursion to 90°C,
measurements 25°C; A, after temperature excursion to
90°C, measurements, 25°C. (Bottom) Cell (2): Effect of
temperature hysteresis on emf. O, 4.5molkg™* H,SO,
‘ before temperature excursion; A, 45molkg™! H,SO,
1.‘0 2.0 3.0 after temperature excursion to 200°C (3 days later).

Pressure, kbar (From Dobson et al.?%)
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plots of pressure given in Fig. 18 before and after temperature excursions. The
difference in sign for dE/d P and very little temperature dependence is shown by

+50 T T T T

45 Cell 1,4 5mol kq' HCI, 25°C

+40

Cell 2, 45mol kg' H,S0,, 25°C

+35 I 1 ! I
+80 T T T T

mV

Cell emf
hg
o

+70 I i I I
+10 T T T T

Cell 2,01 mol kg H,S0,,100°C

+5 —
Fig. 19. Comparison of emf’s of cells (1) and (2) ' 1 . ‘
as a function of pressure at 25° and 100°C. o5 05 10 10 20 25
(From Dobson et al.®%) Pressure, K bar

E 4ymV

: 1071 005

1 L 1 1 1 1 1

50 100 150 2000 50 100 150 200
Temperature, °C

Fig. 20. Variation of apparent liquid junction
potential with temperature and pressure.
@, 005kbar; A, 1.00kbar; O, 1.90kbar. 56100 150 200
(From Dobson et al.8%) Temperature, °C
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202 J. V. Dobson

the plots for cells (1) and (2) in Fig. 19. Finally shown are the odd, and perhaps
the not too convincingly demonstrated, plots of the variation of apparent
liquid junction potentials that these cells possess when different cell
electrolytes at 4.5 m are compared. In Fig. 20, note the change in slope of lines
for CsCl solutions.

Temperature and Pressure Coefficients of Cell EMF

Two papers published in the last decade which were concerned with the
temperature coefficients of cell emf’s and standard electrode potentials are
those of de Bethune and Salvi®! (USA) and Lietzke et al.,2*:243! the former
from a purely theoretical basis, the latter from experimental measurements.
Considerable amounts of dE/d T, AH, and AC, can be made readily available
from a scrutiny of the many later papers that have been reviewed in this
chapter. The more scarce dE/dP data and their availability, however, are now
considered in some detail. In the mid-1960s Hills and Kinnibrugh’® (UK)
devoted their attention to the pressure coefficient of the hydrogen electrode
reaction. In the course of their measurements, which were principally
concerned with measurements of hydrogen overpotential on mercury surface,
the equilibrium emf’s of cell (9).

H,,Pt|0.1 M HCI|| M KCl|Hg,Cl,, Hg
®)

as a function of pressure at 25°C were determined and found to be equal to
8.0 x 107° V/atm up to 1.5k bars. The negative volume AVof — 3.4 cm?*/mole
was not in accord with either of the two mechanisms usually proposed for the
hydrogen evolution reaction.®? They suggested that the rate-determining step
was the emission and hydration of metallic electrons egen = €(g-

Other recent workers concerned with pressure coefficients have been
Churagulov et al®3 (USSR), who made measurements on cell (10)

Cd| CdClyo.5 s | Hg,Cl,, Hg
(10)

This cell was studied over the pressure range of 1.5-10 kbars at 20°C, and they
found that the increase (AE)in emf was a linear function of the square root of
the pressure to within +£0.1 mV. At a pressure of 10kbars, AE = 51.65mV,
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which was 6.75% of the emf at atmospheric pressure, or a dE/dP of
+5.16 x 107 ¢ V/atm. In further papers,®* the same authors measured a
similar cell at 25°C,

CdSO,m

Hg,SO,, H
H,0 g20U,,Ng

o

m

again up to 10 kbars and were able to show that at about 6.4 kbars the AVwas
—5.7 cm3/mole if the cell reaction was considered to involve CdSO, - (§)H,O.
Pogorelova®® (USSR) has recently studied the saturated Clark cell,

Znso4(sat)
solid ZnSO,

(12)

n Hg,SO,,Hg

at 25 and 50°C up to 10kbars pressure. Again the effect of pressure is to
increase the emf. Breaks in pressure isotherms were correlated to hydration
transformation ZnSO, - 7TH,0 — ZnSO, - 6H,0. The experimental findings
were ultimately used to determine the solubility of ZnSO, in water at high
pressures. A listing of a number of these and other cells giving dE/dP and AV’s
when available for the various reactions involved and their sources is given in
Table 3. It isinteresting to note the almost complete absence of dE/dP dataas a
function of temperature. Generally, it is assumed, because of this deficiency,
that this coefficient is temperature-independent. This premise, because of
Table 3, must only be a poor approximation, and in general the other
coefficients, dE/dT, are not temperature-independent®® when large ranges in
temperature, >100°C, are considered. The approximation is generally
acceptable when used as a correction factor to, say, experimental cell emf data,
because of the small value of dE/dP when compared with the magnitude of the
cell emf. It is not acceptable, however, to apply the assumed nonvariability of
dE/dP with temperature to calculations of AV as is sometimes the case,
because of the profound effect small variations of d E/d P have on the calculated
values of AV.

Dissociation Constants and Effects of Pressure and Temperature
The Disteches,”* continuing their earlier pressure work, reported in 1967
a study on carbonic acid using cells involving glass (Corning 015) electrodes.

Some of their results, incidentally, have been subsequently confirmed
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by Whitfield>-?” as a function of pressure at 25°C. In view of the interest in
precise knowledge of the effect of pressure on the dissociation of carbonic
acid, for oceanographic work, Disteche’s paper dealt with the determination,
between 1 and 1000atm, of the dissociation constants K and K, and
the ionization functions kg, k), and kg, = [H*][HCO; }/[CO,];
ko) = [H*][CO3~ J/[HCOj ]. The electrolyte of the cell also contained
NaCl or K], over a wide ionic strength range of 0 to 0.8 at buffer ratios in the
pH range 5.1-9.6. The effect of Ca®*, Mg?*, SO2~ ions, and boric acid was
also studied in order to interpret the data in terms of natural seawater.
The emf of the Disteche cell [cell (13)]

reference compartment|  glass x compartment
Ag,AgCl AgCLA
Boe HClo.01yMCli, - 0.01, |membrane| HR,, MR,y MCl,, g g
(13)

(where M = Na or K and HR = carbonic acid) at pressure P, with reference to
the value at 1 atm, is given by

(E, — Ep)F KP Ya )’ffélo ! YHC1X1
————=log + 2log— + 2lo - — 2log—— (1)
23RT K"‘ g Vap & PG gVHcDCP
when
my + my

my

2logy, = logyH TR

VPHR

Correction methods for asymmetry potential shifts with pressure were
also considered in the paper and relied on earlier studies.*3***#7 Shown in Fig.
21 (top) are the observed emf shifts produced by pressure as a function of ionic
strength in NaCl and KCl, in the presence of Mg?*, Ca2*, and SO2Z~, and in
seawater. In Fig. 21 (bottom) the ionization function of the carbonic acid as
a function of ionic strength at atmospheric pressure and at 1kbar in similar
solutions is shown. While this type of study is directly applicable to
oceanographic study, its overall significance as a contribution to
electrochemically derived thermodynamic data is limited because of the
complex nature of the solutions. It would have been very instructive if the
results were compared with data derived from solutions of a little less complex
nature. The increase in emf of Whitfield’s similar cell [cell (3)],

glass

Ag,AgCl ’ HCl,,,,,)KCl,n,, KCliyyK2CO 2 yKHCO3,,, | AgClL Ag

membrane
(14)
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NaHCO3 0.05 NaCl 0.5/nCO, 1% MgSO, 0.04n=1
ref. HC1 0.0l NaCl 0.5/n-0.01+MgS04 0.04
0 id. MgS04 0.030 MgClz 0.026n=|
4 id. MgS040.030/n MgClz 0026/n CaClz 0.0I/n n=1,2,5
@ id. CO,sat.MgSO4 0.030/n MgCly 0.026/n n=1,2
@ Sea Water ref. HC| 0.0l NaCl 0.49
& Sea Water COpsat.ref. HCI 0.0l NaCl 0.49

S ~— & Sea Water id.+ MgS0O4 0.04
Sea Water x1/n+ NaHCO3 0.05C05 1% n=1,2,5,10
= ref. HCI 0.0l NaCl 0.5/n-00I
= 0 K HCO3 0.02 KCI 0.5/n CO, sat
P20 e id. 00l id.
E @ NaHCO5 0.02 NaCl  id.
¥ K HCO3 0.02 KCI 0.5/n CO, 1%
@ id 005 d.
15+ 5, ' 010 id. -
HCI 0.001 NaCl 05/n-0.00! n=50
NGHCO5 0.05 NaCl  id.
ok ref. HCI 0.01 KCI 0.5/n-0.01 n=0.625, 1,1.39,2,5,10
5 Il 1 1 | ! 1
0 0.2 04 06 08 1.0 1.2
1.2
KHCO3 008/n NaHCOz 0.08/n
1o K,CO3 0.01/n  NazHCO3 0.01/n
n=1,2,5,10
1081 KCI 001 @(0I5) NaCl
(M) 0.1 o(0I5) (M) OI O (015)
106 - 025 ©(0I5) 0.25 @ (015)
05 ®(015) 05 B (0I5)
104 | 05 &(I18331) 05 ® (1833I)
© 08 ©(0I5) 08 B (18331)
g 102 ref. HCI 0.0l OIS Corning Electr.
KCl 1 00i!833L ElL Electr
100 . NaCl 7 ' 504 S0% effect of
log d, d,=0.017 0.030 MgS0O4
0.026 MgCl
o8 pk'S +log dpd” 2
P LA}
96 R
so*
94
NaCl{18331)
92 ! ) 1 L < f L I I 1
) 0.2 04 06 08 1.0
v

Fig. 21. (Top) Glass electrode emf shifts at 22°C produced by pressure (1000kg cm™?), in
bicarbonate buffers, at different buffer ratios, as a function of 2'/? in NaCl and KCl in the presence
of Mg?*, Ca®*, and SO}~ ions, and in seawater. (Bottom) Second ionization function (pk’) of
carbonic acid as a function of x'/? at atm pressure and 100kg cm~2 in NaCl and KCl at 22°C.
Sulfate effect of 0.030 MgSO, + 0.026 MgCl,. (From Disteche and Disteche.”*)

as a function of pressure, is shown in Fig. 22 and is in keeping with the findings
of Disteche. A seeming hysteresis exhibited by cell (3) was traced according to
Whitfield, although no detail was given to the “poor” performance of the

www.iran-mavad.com

Age Cpmodine 5 Gzl gy



EMF Measurements at Elevated Temperatures and Pressures 207

a0}

Decompression
Step

z
w
< 20k e
Cell Glass Mernbrcme7
AgAgCl HCI(m,), KCI(mz)”’
KCH(my), K,CO5(m,), KHCO,(m,) [AgClAg
10 -]
Fig. 22. Reproducibility of measurements
on a carbonate/bicarbonate buffer. O, Cell
I, A, cell II; [J, cell III. m; =0.01 M;
my = 0.76 M; m3 =0.77TM; m, = 0.01 M; % ] 5 3
T = 20°C. (From Whitfield.>-7") P (Kb)

silver—silver chloride electrode. Cells I and II used calomel instead of
silver—silver chloride electrodes.

Determinations of the acidity constants for sulfur dioxide and hydrogen
sulfate ion in water solutions at different ionic strengths and at elevated
temperatures have recently been carried out by Schéén and Wannholt!
(Sweden). In this investigation the protolysis equilibria of sulfur dioxide and
hydrogen sulfate ion were studied by emf measurements up to 150°C at ionic
strengths between 0.25 and 3 M. Their cell comprised glass electrodes, type
E1L GBQ28 or GHQ28, and a calomel electrode situated on the end of the salt
bridge and mounted outside the pressure vessel. The calomel electrode, kept at
23°C, was maintained by a pressure balance system. They unwisely
assumed>*-%3-8 that the liquid junction potential and thermal effects between
the salt bridge and the equilibrium solution contained in the autoclave were
negligible. Sch6dn and Wannholt also somewhat haphazardly assumed that
the activity coefficient for hydrogen ion is independent of low hydrogen
concentration even at very high ionic strengths of 3 M. They justified this
assumption by quoting some not wholly relevant work of Biedermann and
Sillen.®” The estimation, let alone determination, of dissociation constants of
weak acids requires extremely precise and careful handling. It has been shown
by a number of authors®*#® how sensitive and how prone to error dissociation

www.iran-mavad.com

Age Cpmodine 5 Gzl gy



208 J. V. Dobson

Temperature,°C

150 100 50 25
T T
1=3.00 M
1ok I=1.50 M B
I=100M
1=050 M
1=025 M
15+ g
e 1=0M (according
's .
2,01 to Lietzke et ol) |
x
=
2
25+ E
30| _
Fig. 23. The stoichiometric acidity constant for
hydrogen sulfate ion at different ionic
1 1 . .
25 30 35 strengths. Ionic medium: 1 M NaCl. (From
10% T°K Schoon and Wannholt'.)

constants can be. Schddon and Wannholt also did not do justice to their
apparently considerable amount of data, by not recording any experimental
points or even smoothed data. Only smoothed lines of the final pK’s are given,
and then without line-fitting equations. If for one reason or another
experimental data tables are not given, at least graphical representation of the
raw data plus precise methods on how the data were smoothed should be
given. Fundamental effects have been overlooked in the past®® because of their
negligence. The plot of —log Kyso, against the reciprocal of temperature
shown in the Sch66n and Wannholt paper and reproduced in Fig. 23 is in
good agreement with a line produced by Lietzke and Vaughen?® from
solubility measurements.

A little less crude emf work was published in 1970 by a Polish worker,
Letowski,®® who was concerned with an investigation of nickel ammine
equilibria up to 180°C. Following some earlier work®! he was able to
determine the successive stability constants

_ [Ni(NH,3*]
[Ni(NH,)2%, 1 [NH]

K,
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using a Ag/Ag(NH;)7, NH; electrode in the cell.
(1 2
Ag/Ag(NH;);,NH; | Ni**,NH;, Ag(NH;); |Ag in 2m NH,NO;
(15)

The emf of this cell is

E = (2RT/F)In([NH;],/[NH3],) 2)
when nickel ions are absent but changes to

E = (2RT/F)InCyny, — In [NH;]

when nickel nitrate solutions are added to the cell. Cny, is the total ammonia
concentration in the two half-cells and [NH;] the concentration of the free
ammonia in the amminonickel equilibrium and is derived as a result of the emf
measurement. The mean number of ligands (#) of ammonia, NH;, bound to a
nickel ion is also given as i = Cyy, — [NH3]/Cy;- Shown in Table 4 and Fig.
24 are the values of successive stability constants and curves of formation and
dependence of 1 on —log [NH;] up to 200°C of the nickel ammoniates.
These results demonstrate that the value of —log K decreases with increasing
temperature and that the most stable ion complexes between 100 and 200°C
are Ni(NH;)3* ions.

Finally, in this section are reviewed the most recent of a number of acidity
measurements carried out by Mesmer et al.!! at Oak Ridge (USA) and are
concerned with boric acid and borate equilibria. Their interest in this system
stems from a desire to extend the temperature range of pH buffered mixtures
and in estimating the pH and other properties of nuclear reactor coolants.
They indicate in their paper that results from concentrated borate solutions
would also establish more firmly the identity of the polyborate species which
are formed in aqueous solutions.

Table 4. Stability Constants of Nickel Ammoniates between
25 and 200°C

t(°C) log K, logK, logK3 log K4
25 2.61 2.15 2.03 1.56
50 2.31 1.98 1.57 0.56
100 1.67 1.64 (1.08) —
150 0.97 1.29 - —
200 (0.24) (0.93) — —

“Values in parentheses are extrapolated.
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36
32
28
24

20 Fig. 24. Curves of formation of the nickel

ammoniates in 2 moles/kg between 30 and
180°C: @, 30°C; @, 40°C; ©, 60°C;
0, 80°C; I, 100°C; 1, 120°C; [, 140°C;
A, 160°C; A, 180°C. Plotted as the
mean number of ligands bound to nickel
ion as function of concentration of NH,.
-log [NH,] (From Letowski.?®)

16

1.2

08

04

The emf measurements which Mesmer et al. carried out were on the
concentration cell [cell (16)]
a, KCl Reference
H,,Pt | ~0.02q,B(OH);| |a,KCl PtH,
~0.01a, KOH 0.02a,, KOH

(16)

over the temperature range 50-290°C. The equilibria in dilute boric acid
solution

B(OH), + OH~ = B(OH), 3)

was studied as a function of KCl concentration, by allowing a to vary from 0.13
to 1 m. The emf of this cell is given by

E = (RT/F)In([OH" J/TOH" J;er) — Dou([OH™ J,er — [OH™])
= 2 Di([ileer — [i1) )

where [OH™ ] and [i] denote, respectively, the concentration of hydroxide
ion and of each other’s ionic species in solution. The liquid junction potential
is given by the terms Doy and D;, which were calculated from the Henderson
equation.®? The applicability of the Henderson equation, which is a somewhat
restricted representation of effects at liquid junctions, especially at high
temperatures, is debatable. No indication of the values calculated and
attributed to liquid junction potentials are given in Mesmer’s paper,
unfortunately. Criticism, similar to that given to the Schd6n and Wannholt
paper concerning data documentation, may also be applied to the work now
under discussion, but perhaps not so vigorously.
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Mesmer’s paper is very long and has an in-depth discussion which is much
too involved for detailed consideration in this chapter. However, the
arguments and treatments are generally made with clarity. Figure 25 shows
log Q,, against ionic strength at various temperatures, and is defined as

logQ,; = log (%)

n
(1 —n)[OH™]
where

[H"] + moy — [OH™]

mg

ﬁ:

moy and myg being stoichiometric concentrations of base and boron in solution.
The evaluation of the [OH™] term is derived from emf measurements by
iteration solution of Eq. (3)and H* from the “dissociation” quotient for water
from earlier work of Mesmer et al.”® The graph in Fig. 25 shows that the
equilibrium quotient for Eq. (3) has a small dependence on ionic strength (cf.
emf cells determining K, using K and Na salts as electrolytes), which decreases
as the temperature increases. As for the polyborate species, resulting from their

182 i 1 L 1 1
204 T T

198 1 I I 1 1
235 T T T T

Fig. 25. LogQ,, as a function of ionic 0 02 04 06 08 10 12
strength. (From Mesmer et al.!!) 1
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212 J. V. Dobson

analysis of data carried out in concentrated solutions, the various equilibrium
quotients Q,, for

xB(OH); + y(OH) = B,(OH)3., (6)

furnish the distribution of various species in solution shown in Fig. 26. Mesmer
et al. point out that existence for these species is clearly evident from Fig. 27
because of the dependence of 71 on log [OH™ ] above about 0.03m at each
of the three temperatures shown. They also cite the work of Ingri et al.”* to
support their statements. A minor criticism may be made, however, of the use
of relatively simple empirical equations to relate Q with temperature.

Determination of lonization Constant of Water from EMF
Measurements

Interest in the ionization constant of water (K,,) under varying conditions
continues to be maintained, presumably because of its involvement in many
biological and chemical processes. A number of non-emf studies, mainly as a
result of conductivity work, reviews, and recalculations of earlier studies, have
appeared in the last decade, notably Hamann et al.’> (Australia), Franck and
Holzapfel®® (Germany), Quist®” (USA), Bignold et al.®® (UK), Fisher °°
(USA), Ahluwolia and Cobble!°® (USA), Clever!®! (USA)and Perkovets and
Kryukov!?? (USSR), published K,, data, late in 1969, between 25 and 150°C

100 —r— =TT T T T T
80 4 F B
1,0
N 1.0 0l
80F 500 1 [s0° B
005m 06m \3!
40 |- Boron - }Boron B
20 4L 42
Mo
3,1 2,1

100

Boron (%)

80

60 - 200° .
o6m

40 | Boron B
2,1 Fig. 26. Distribution of species calculated for
20 r 3. -  solutions containing 0.05 and 0.60 m boron at
4.2 50 and 200°C. The species are represented by
0 | g5t =" the notation (x,v) for the formula B (OH)

-log [OH"] 3xtv®”. (From Mesmer et al.'')
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Fig. 27. The effect of boron concentration and
temperature on the hydrolysis of boric acid in
IMKCL B 0.6m; @ 04m; A, 02m; O,
0.1m; O, 0.3m. (From Mesmer et al.'!)

using the Harned-type cell,

Pt,H, | NaOH NaCl|AgCl,Ag
(7b)

and the E”s for AgCl, Ag of Lietzke. Dobson and Thirsk>? (UK ) submitted a
paper in September of 1969 (but not published until 1971) on K,, to 200°C,
using cells (7a) and (7b), discussed in another section of the present chapter
(see also Type 2, Fig. 1):

Pt,H, |HCINaCl|AgClL Ag
(Ta)

The work of Dobson et al.’? removed the objection of using additional
standard electrode potential data, because cells (7a) and (7b) were measured
simultaneously. Moreover, for the same reason, no correction for partial
pressures of hydrogen were necessary, but they were necessary for the work of
Perkovets and Kryukov>®-192; both studies were at SVP. The emf for either
cell is

. RT
E= EAgCl,Ag - Tln aycy (7)

For cell (7b) the equation may be expanded to

RT Mcy RT
'=E+—In—< = [E°—~~InK
E + 7 anH ( F n w)

_ _R_Z Yafu,0

8
F  yon ®
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214 J. V. Dobson

Perkovets used a one-term Debye—~Hiickel activity expression and used E’
ionic strength plots to find pK,,. For cells (7a) and (7b) combined, Dobson et
al., on the other hand, gave

FAE Ina’m ot
——=—InK,, +Inay,o + + lnym)om a
RT m-—a Yor

©)
where the primes on activity coefficients refer to alkaline and acid cells,
respectively; a is the molality of either hydroxide or acid and m is the ionic
strength. More “correct”, Guggenheim!?®1%4 activity expressions were
employed; thus,

3

logK,. = FAE log a’m N 2Am”f (10)
23RT m—a (1+m?
and also equals
—logK, = —logK,, + 0.016 m + a(Byc; — Bnacr)
+ m(Buci + Braon) (11)

The —log K, versus ionic strength plots gave straight lines with intercepts of
log K,, + a(Buc — Bnaci) and a slope of 0.016 + By, + Bnaon- The value of
a(Byc; — Bnaci) Was put for various reasons®® to equal about 0.003.

Values of pK,, at selected temperatures for Perkovets and Dobson’s work,
including values from other sources, are shown in Fig. 28. The paper by

-45 T T T T T T T
a
a
v
]
50 |- v _
87 AT ,
v A
sy
- f * ¢ 0
A
b vz * 4
=z
b4
= )
o
-60 1; -
s*
(e}
@
_65.._ ° -
Fig. 28. RInK, versus temperature. A,
o Dobson et al.’3; ¥V, Dobson et al8; O,
Harned et al.?°; 01, Noyes'32: @, Perkovets
-70 L L . L L L L 102. 105.
250 300 350 400 450 500 550 600 and Kryukov'®?; W Mesmer et al'®;
Temperature,°K and ¢, Bignold et al.®®
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Dobson and Thirsk®® goes into depth on the subsequent fitting of K, data to
empirical, or other, expressions in temperature. The problems of extrapolating
data to the K,, ., temperature range, around 230-250°C, by any empirical
equation in temperature were studied closely. One of the quantitative
conclusions of the paper was that the most reliable or statistically correct type
of equation was one which furnished the observed K,, .., temperature. At that
time, because reliable and precise experimental data available did not cover a
sufficiently high range in temperature, no further progress was made. It is
therefore interesting now to compare the values of K, .., temperatures that
are produced when the raw data referred to in Refs. 98 and 99 are analyzed.
Simple plotting of data would not be sufficiently accurate®? because of scatter
in the data. Therefore, the data are best analyzed by fitting to the most reliable
empirical equations in T, those of Clarke and Glew.8® This was achieved by a
least-squares computer program and evaluation of coefficients in the Clarke
and Glew equation, whose first four terms are

Agy 1 1 c) T
Rin K“. = —6+AH@ (6—?) +ACP(.) (?— 1 -Hn@)
® [dAC,o\ [T © T
bl L3 [ R § Pl (RO 12
+2(dT )@,(@ T n®)+ (12)

and subsequent terms include functions of (d>AC,/dT?)e, (d*AC,/dT?)e. ® is
a chosen reference temperature, which is usually 298°K. The other terms have
the usual significance and represent thermodynamic changes during the
ionization of water.

In Table 5 are given the values of K, .., temperature produced by fitting
two different sets of data, those of Fisher®® and Bignold et al.,®® successively to

Table 5. Predicted K, .. Temperature in °C

Number of constants

Data set Parameter 2 3 4 5

Fisher Variance 6% for R In K, (observed) 13.8 1.47 3.1 x107! 29 x 107!
K, ma« temperature a 223 244 280

Bignold  Variance &2 for R In K, (observed) 4.75 1.1 x 107! 7.7 x 1072 1.7 x 1072
K,.max temperature a 245 237 228

“No max given between 100 and 350°C.
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216 J. V. Dobson

Clarke and Glew equations with two, three, four, and five constants. The
dissimilarity between the two sets of results as a whole show that the problem
of deciding what is the correct value of K, .., temperature is still unfortunately
unanswered. The relatively lower variance’3-34 §2 for the fits for the Bignold
data when compared with the work of Fisher, perhaps,®® although not
necessarily, indicates that the former data are more precise. However, if this is
so, which value does one choose—245, 237, or 228°C?

Mesmer et al.}?3 (Oak Ridge, USA) submitted a paper in October of 1969
(published April 1970) concerned with the “apparent” dissociation quotient of
water (Q.,,). These workers made emf measurements on the concentration cell
(17) up to 292°C,

2

H
K OH(0.008245 m), KCI(1.0 m)
(17)

1

Pt,H, :
HCI(0.00917 m), KCI(1.0m)

2, Pt

whose cell emf is

_ RT —mymopy,

E= F o0 0. Y Di(m;, — m;,) (13)
0., is related to K,, by
K, = g, e (14)
an,0
or
, F
ln Qw = (El — Ez)k"f + ln WlH‘”lOH2 (15)

The D; terms are liquid junction potentials derived from the Henderson
equation and conductivity data. Although the validity of use of the Henderson
equation is in some doubt,'®® the low concentration of ions make any
contributions or errors negligible. The values of Q),, however, will vary on the
ionic strength. Dobson et al.®® have recently made some measurements on cell
(18) as a function of temperature and pressure, up to 250°C and 1.8 kbars:

Pd-H (« + )| NaOH,NaCl,,, | AgCl,Ag

(18)

This cell is identical to cell (7b), but here the E° expression also includes the E°
for Pd—H (o + B), derived from another paper given at the HTHPE:
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E” = Ejgci,ag — Epa_nw+p)- Thus, if the values of 0.01 m NaOH and 0.0l m
NadCl are used, the relationship given in Ref. 80 rearranges to

—InK;, = 2.303pK;, ~ 2.303pK,, (16)
F(E—E'), mq

= " Ip—-= 17

RT anH 17

so it would be expected that pK;, will also vary with ionic strength. However,
it is known that the value of pK, varies only slightly with ionic strength both
for sodium- or potassium-salt-bearing electrolyte cells.!°3-1°4 For example, at
25°C, values of pK, for sodium salts are 14.000 and 13.999 at 0.01 m and 0.1 m,
respectively; the corresponding values for potassium salts are 14.001 and
14.05.

Similar concentrations of chloride and hydroxide were used in the cell of
Mesmer et al. but not, of course, with respect to proton concentration or total
ionic strength. In compartment (1) of Mesmer’s cell, my = mg; a similar
equation occurs in the cell of Dobson. Thus, if the two sets of data are
consistent with one another, plots of —RInQ; and —RInKj, with
temperature should have similar characteristics. Thus, in Fig. 28 the similarity
is shown to be remarkable. This agreement also substantiates the values of
ER4_n@+p Which have been recently derived.®®

Finally, in this section it is interesting to look at the effects of pressure on
K,, from the recent measurements of Whitfield.> Whitfield employed the cell

glass

membrane NaOH,,,, NaCl,,, | AgCl,Ag

(m2)

Ag,AgCl J HCl,,,,NaCl

(19)
whose emf and relationship to K, is

FE / /
—=—InK, + Inyy,o +InM + ln@}fl

(18)
RT YuVa

where the primes indicate NaCl/HCI mixtures.

In yy,0 = In oHH and InH = lnmﬂln—oﬂr—nf1
an,0 Mc
Whitfield only made measurements at 0.07 and 0.007 1.
Shown on Fig. 29 are values of pK,, derived from the data taken at 0.07
and compared with values produced by Hamann®3 at 25°C as a function of
pressure of similar ionic strength and the data of Kearns!°” and Millero et
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Fig. 29. Effect of pressure on pkK,. O,
94 it Whitfield>77; A, Kearns'®”; ¥V, Millero et
Pressure, K bar al.'°®; and @, Dobson et al.®°
al.'°® at infinite dilution. It is apparent that the effects of pressure on K,, are

identical over the pressure range, because of the parallel nature of the curves,
and for dissimilar ionic strengths at least from infinite dilution to about 0.1 m
ionic strength at the lower temperatures. Moreover, if one now considers the
data produced by Dobson et al.®° at 250°C, plotted on a lower scale in Fig. 29,
the same may be said for the effect of pressure at much higher temperatures.

Measurement of pH from EMF Studies

It is inappropriate in this paper to discuss the pros and cons of the
effectiveness or desirability of a pH scale, operational or otherwise. On the
practical scale it is usually defined as pH = —logay: = —logmy+yy- =
—logmy+y.. Thus, if the proton concentration and the mean activity
coefficients of the particular solution are known or estimated, the pH may be
calculated. When activity coefficient data are not known experimentally,
Debye—Hiickel extended or Guggenheim empirical relationships are used.
The temperature characteristics of the empirical parameters used in these
activity expressions are required for each type of electrolyte; unfortunately,
only a very few electrolytes have been studied thoroughly. A later section,
concerned with activity coefficients, discusses this aspect in more detail.
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For wide pH ranges the use of common electrolytes (HCI, NaOH, etc.) are
not possible because of their sensitivity to dilution, trace gases, and attack on
the components of the system. Buffer solutions are considered not to have
these disadvantages and to have wide application to elevated-temperature
work. Although a number of well-known buffers have been studied at elevated
temperatures, many have yet to have their characteristics documented. Thus,
the study of cells employing pH-sensitive electrodes, generally glass electrodes,
in order to calibrate these buffers, are the major preoccupation of this aspect of
the use of emf measurements. A short list is given in Table 6 at selected pH
values of some buffers at various temperatures that are of particular interest.

The problem of chemical attack is not as severe for pressure studies as for
temperature in excess of 100°C; however, most of the well-known buffers are
very complicated from the composition aspect. Thus, while providing a
solution of constant pH, the effects of the various ions on the solvent/solute

Table 6. pH of Reference Solutions between 25 and 200°C

Temperature (°C)

Reference Solutions
number (moles/kg H,0) 25 100 125 150 175 200 225 250
37 HCl10.1 1.8* 112 1.13 L.14 115 117 119 1.21
37 HC10.01 2.04¢ 205 205 206 206 207 208 2.09
41 K,C3H,Oq4 357 369 379 392

(saturated at 25°C) — e — —
110b (Tartrate) 356 368 379 390
41 KHCgH,0O, 0.05 401 424 437 450 — — — -—
110b (Phthalate) — 425 437 451 —
41 KC;H;50, 0.01 419 432 443 454

C,H¢0O, 0.01 — — — —
110a (Benzoate) — 430 443 453
37 NaCH,;COO 503 515 535 556 580
41 CH;COOH 0.01 4.72 492 501 513
110a (Acetate) — 492 501 513
37 KH,PO, 0.025 6.86 6.88 692 704 7.15 730 745 7.60
41 Na,HPO, 0.025 686 696 696 7.08
110a (Phosphate) 686 691 702 714
37 Na,B,0, 0.01 9.22¢ 822 875 865 860 856 858 8.50
41 (Borax) 9.16 881 873 8.66
102 NaOH 0.01 11.95 1024 9.86 9.60
102 NaOH 0.1 12.89 11.17 10.79 10.52

“At 20°C.
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relationships as a whole or specifically are still generally unknown. Only a few
attempts have been made to study these effects since Disteche and Disteche’*
looked at the effect of pressure on pH, and dissociation constants on buffered
and unbuffered glass electrode cells. The early 1960s saw the emf-pH
calibration work of Lietzke et al,?372° Fornie et al.,*° and Hamann.®> A
trivial paper by Ciaccio!® was published in 1966, who used silver—silver
chloride and quinhydrone electrodes to measure the change in pH of KCI
solution at 25°C, under pressures up to 68 atm of nitrogen, oxygen, nitrous
oxide, and carbon dioxide. The only major work of the later 1960s was carried
out by the Russian workers Kryukov, Storastina, Perkovets, and Smolya-
kov.#1-110 The first paper from these workers was devoted to pH calibration of
tetraoxalate, phthalate, phosphate, and borax buffers, up to 150°C, using a
concentration cell [cell (20)] with transport and platinum or glass electrodes:

t HCl
PLH; or buffer {H,, Pt
glass electrodes |0.1 M
(20)

Comparisons were made in the paper with the earlier work of Bates and
Bower?® and LePeintre** where possible. Kryukov and co-workers also
looked at the pK’s of acetic, benzoic, sulfanillic, salicylic, and tartaric acids
over the same temperature range.

In 1970'!° these Russian workers found the pH values of the buffers, but
from cells which did not involve liquid junctions. For example, in cell (21) [cf.
cells (7a) and (7b)]

buffer solution
Pt,H AgCLA
s 112 NaCl gC , g
(21)
the emf is
E = E° — klog (mg-yu-mg-7c1-) (19)

where k =2303RT/F. Using a p,H term after Guggenheim and
Hitchcock, 193194 we get

{e}

R

p.H = —log(my+yg-ya-) = log mc,- (20)
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At Mc - = O,
p.H® = —log (my+yn+ya-)° (21)
or

pH = pwauff. soln. = pr_Io + lOg V?:r

Values of logyg,- were estimated in their paper by a Debye—Hiickel
expression.

The agreement in results, when compared (see Table 6) with earlier work
from cells with transport, appeared to be very good. It is to be noted that no
mention of time effects are given in any of the Russian papers mentioned so far.
Their latest paper, however, is concerned with the construction of pH-glass
electrodes using No. 121 SKBAP glass, with either thallium or silver chloride
electrodes as inner reference. Apart from constructional details some tests and
comparisons are also made up to 150°C. The results of emf measurements
using the same glass electrode over a period of months is given as well as a
correlation of phthalate, acetate, benzoate, sulfonate, and salicylate buffers
between 100 and 150°C.

Very little has appeared in the literature in recent years on attempts to
substantially alter the performance of the glass electrode or even to extend its
temperature range. The glass electrodes used in the Russian work referred to
above still use aqueous electrolyte inner fillings, and have relatively low
maximum temperatures for operation. Neither has any work been published
on attempts to create a high-temperature pH-ion selective electrode following
along the lines of the semi-solid-state electrode that, say, Orion produces. In
recent years, Dobson at Newcastle has been interested in these problems
and has now created a high-temperature pH electrode which is totally
solid state and relatively chemically inert. The constructional details are the
subject of a pending patent and cannot be discussed in this paper. However,
shown in Fig. 6 are some temperature plots of cell emf stability with time
using this new disk electrode at temperatures up to 200°C. They may be
compared with some early work of LePeintre** (see Fig. 5), who employed
conventional glass electrodes with mercury amalgam inner fillings. The disk
electrode’s ideal pH responseis also indicated in a selected pH range at 25°Cin
Figs. 30 and 31. In Fig. 30 the electrode was used to determine K ,, the second
ionization constant of sulfuric acid, and gives a favorable comparison with
other cell data using platinum hydrogen electrodes.!'* Further details of this
new concept in electrode design and behavior will be published as soon as
possible.®
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Fig. 31. The pH response of pH electrode

derived from pH/solid state/HCl,,/AgCl,

% o5 - Ag with changes in concentration at 25°C.
Log aH *(m)/a,+ (001} (From Covington et al.''*)

Activity Coefficients Data from EMF Measurements

Determinations of activity coefficients from emf measurements are the
most precise’!! and have a greater range of applicability, with respect to
concentration and temperature, than, say, isopiestic or vapor pressure studies.
Unfortunately, a number of the most common electrolytes (HCI, H,SO,,
NaCl, etc.) have not been studied, by any other method, completely over all
ranges of interest in concentration at the elevated temperatures.

Attempts have been made,!'? with varying degrees of success, to
extrapolate existing experimental data or use empirical expressions for the

www.iran-mavad.com

Age Cpmodine 5 Gzl gy



EMF Measurements at Elevated Temperatures and Pressures 223

activity coefficients. Unfortunately, a serious difficulty is the lack of informa-
tion on the dependence or nondependence on concentration and temperature
of the parameters contained in these equations. As examples to demonstrate
the effectiveness of indirect or mathematical attempts to extend activity co-
efficient data, pure HCI and KCI can be taken.

The Lietzke school has studied directly by emf measurements HCl up to
1m and 275°C. However, if . y¢ at say 2m at 150°C were required, or even
K CI at the same concentration but at lower temperatures (say, 70°C), existing
published data derived from experimental studies would not be available.
Thus, if one takes an activity expression similar to those proposed by
Guggenheim,!°3-1%4 for example

1 22 AIY? 32

o i —

g7+ T oI + Bl + CI (22)
where p = 1.0, and B and C can be assumed to be collectively related to the
specific interaction coefficients of ion—ion and ion—solvent, respectively. It is
easy to show that values of B and C may be derived at around 25°C and up to
the region of interest in concentration, by rearranging Eq. (22) to

ZAII/Z
1087+ o + ]Z‘;—fﬁz' = BI + CI*? 23)

and using experimental activity coefficient values in a least-squares computer
program.

However, in order to carry out the calculation at the more elevated
temperatures if experimental data are not available, the temperature
dependence of 4, B, and C must be known beforehand. Values of 4 at various
temperatures are readily found from o = (2aNp)¥?(e?/DeokT)?? if
A = aln;,>*113 and a short list of values is given in Table 7.

Evidence®®33:114 guggests that B and C do depend on temperature. If the
Y+ na data up to 1m of pure HCl (Lietzke) are analyzed at various
temperatures, say up to 150°C, using Eq. (23), the values of B and C are found
to vary as shown in Table 8.1 It is also seen from Table 8 that there is an
effect of concentration, in addition, at any particular temperature. Assuming
(although it is perhaps not justified) a linear dependence in temperature for B
and C, values of dB/dT and dC/dT may be calculated, for the dependence on
molality of HCI. Some values are plotted in Fig. 32. Some justification for the
linear dependence in temperature of B and C may be found, because smooth
lines may be drawn through the points. The points were derived from the
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Table 7. Calculated Values of 4 as a Function of Temperature

Temperature (°K) A (kg mole~1)1/2
283.16 0.4990
293.16 0.5061
298.16 0.5107
303.16 0.5145
313.16 0.5240
323.16 0.5345
333.16 0.5460
363.16 0.5858
398.16 0.6422
423.16 0.6897
448.16 0.7449
473.16 0.8098

Lietzke data between 25 and 150°C and high concentration data between 10
and 50°C produced by Harned and Ehlers®® and Akerlof and Teare.!!3

It also appears that a little above 1 mole/kg, both dB/dT and dC/dT
become invariant with concentration. This observation means that values of B

Table 8. Calculated Values of B and C for HCl between 0.001 and 1.01,
and between 25 and 150°C

Temperature B C Range of ionic

(°C) (kgmole™ ') [(kgmole™1)32] strength ()

25 +0.343581 —0.387667

60 +0.389839 —0.565814

90 +0.495956 —0.928533 0.001-0.1
125 +0.552921 —0.938463
150 +0.644849 —1.318020

25 +0.261940 —0.119669

60 —0.266403 —0.127476

90 —0.273728 —0.154137 0.001-0.5
125 +0.327959 —-0.233738
150 +0.319922 —0.232432

25 +0.233778 —0.072720

60 +0.243211 —0.088813

90 +0.235540 —0.090475 0.001-1.0
125 +0.235540 —0.032963
150 +0.0260452 —0.038294
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and C at the high concentrations >1mole/kg, but derived at lower
temperatures, would allow an estimation of B and C at the higher
temperatures provided that B and C were assumed to be linear with
temperature, or even some known function of temperature. Dobson and
Firman,!!% by the same type of analysis discussed above, have produced
expressions which may be used to calculate the activity coefficient up to at least
5m and 150°C for HCl, KCl, CuCl, and so on. For example,

Arz*I'? _3
(logys wor)r = — a7z + (0232448 — 0.2172T x 107°)1
+ (0.40129 — 0.16861T x 1073)1°/2 (24)
z4'['2211/2

(log Yi,KCl)T = _—lTj‘i/—z + (“0134964 + 0.599323 X 10—3 X T)I

+ (0.052002 — 0.20659 x 10~ 3T)I32 (25)
Apz?IY? _
1087+ csc1 = _TTTiW + (—0.377567 + 1.19272 x 1073T)I
+ (0.11843 — 0.35995 x 107 3T)[32 (26)
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and shown in Fig. 33 as a comparison of the experimental and calculated
values of 10g y 4 nc; at 25, 50, and 150°C up to 5 m. Estimations®*® of possible
errors of these equations can be shown to be at, say, 2m and 150°C for HCI of
about 5%.

Activity Coefficient Data in Mixed Electrolytes from EMF
Measurements

Over a period of the last 10 years or so, Lietzke and co-workers at Oak
Ridge, Tennessee, have used Harned-type cells [cell (22)]

HCl,y MCly,,|AgClLAg
Pt,H,(p =1)|or or or
HBr HBr AgBr,Ag
22)

over a wide range of temperature, concentration, and variation in metal (M)
chlorides as electrolytes.

From these direct experimental measurements, considerable information
has been derived about activity coefficient data and behavior in mixturesin the
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papers that were published. Their early work of the last decade was concerned
with pure HCL,'!7 HBr,!!® and later with HBr/KBr,!!® HCI/DCL,'2° and
HCI/NaCl'2! mixtures. One of their preoccupations was establishing that the
extended Debye~Hiickel equation [Eq. (27)] for activity coefficients could be
used to express the data, between 25 and 270°C, and at least up to unit
molality:

s(pol 12)

—T;—Z(—I‘l/‘zp—o)-i'EXt-i-BI-f-"' (27)

logy, =

where s is the Debye—Hiickel limiting slope, po the density of water, I the
ionic strength, 4 = 50.29(DT)~Y/2a°, a° the ion size parameter, D the dielectric
constant, Ext the extended Gronwell et al.'?? terms, and B the linear
coefficient term. The expression being used in cell (22) is the general emf
equation

RT 2RT
E = E°Ag AgX — —F-(ln my)(my + m3) — —F—lnyt (28)

The linear B parameters, as well as other higher coefficients, were determined
from least-squares treatments of the data using Eqgs. (27) and (28).

From this work it was concluded that in general the expression was
satisfactory to describe the various solutions studied. A number of interesting
observations and conclusions were made as a result of their emf
measurements. For example, at constant temperature and ionic strength
log 7y usr in HBr/KBr mixtures varies linearly with the molality of KBr;
moreover, the y., kg, varies less with changing ionic strength and temperature
than does y. g, in the same mixtures. The same may be said of the HCl/NaCl
mixtures. The first observation is demonstrated in Fig. 34 by plots oflog ¥ + g
and HCI against moles of NaBr and NaCl, respectively. A clear comparison
can be made between pure HCl and DCL. Figure 35 shows first that the y; p¢
in D,O is lower than that of y. yo in H,O at all temperatures and
concentrations. Second, the difference between the two activity coefficients is
greater at 25 and 200°C than at 90°C. Third, the lower the minimum value of
the activity coefficient on any curve, the higher the value of m at the minimum.
They pointed out that because at 25 and 90° C the DCI curves lie below HCI,
such behavior is consistent with a lower dielectric constant for D,O than for
H,O at each temperature. They also suggested that around 100°C the
dielectric constants of D,O and H,O should be close together, to be consistent
with their data.!3°
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More recent emf work by the Lietzke school has exploited cell (22) further
and has been concerned with HCIl/BaCl,,!?3 HCl/LaCls,'2* HCl/GdCl,,'?3
and the most recent with HCI/K Cl, RbCl, CsCl, HgCl, CaCl,, SrCl,, AICl,,126
and HCI/LiCI'?” mixtures. As before, they found that at constant temperature
and ionic strength, log y 4 g, in mixtures varies linearly with the ionic strength
fraction of the salt and in conformity with Harned’s rule'?® [see Fig. 36 (left)].

In contrast to the activity coefficients of BaCl, and LaCl; [see Fig. 36
(right, top and bottom) ], which show a decrease with increase in ionic strength
fraction of HCI, GdCl; shows an increase at comparable ionic strengths. Plots
of logy+ GdCl; against Xy, at 25° C resemble quite closely those of NaCl in
HCl in that in both systems the activity coefficient of the salt increases more
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Fig. 36. (Left) log yuc versus Xg4ci, in HCl/GdCl; mixtures.
(From Lietzke and Stoughton'?.) (Right, top and bottom)

plots of logy,,;, versus ionic strength fraction of HCI at
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rapidly in the mixtures at high total ionic strength. These later points are
demonstrated in Fig. 37 (left and right). Although emf measurements were
generally made up to 175°C in the more recent work by the Lietzke
school,!?5-127 only derived activity coefficient data at 25°C are discussed in
any great detail.

Other workers outside the Lietzke school, for example Kortum and
Hausserman in their paper in 1965,3° have studied activity coefficients by emf
measurements. These workers produced activity coefficient data on HI from
room temperature up to 200°C.

Transport Numbers from EMF Measurements

Very little has been carried out at all concerning the determination of
transport numbers from emf measurements on concentration cells at elevated
temperatures and pressures, primarily, it is claimed, because of the difficulties
in maintaining liquid junction boundaries. Hills et al.!*® (UK) in 1965 pub-
lished a paper on proton migration in aqueous solution in which they
measured the cell

Pt,H, H,,Pt (23a)
HCl,,,
AgAgCl AgClAg (23b)
and were able to produce transport data for the hydrogen ion at 25°C and
45°C over the pressure range 1-2000 atm. They compared their work with

I
| HCln,
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Wall and Gill'3! (USA), who used the autogenic moving-boundary method.
Shown in Fig. 38 are isobar plots of transport numbers and concentrations of
HCI at 25°C. The author would now like to present some emf measurements
made recently at Newcastle on the concentration cell (23b) and Type 4, Fig. 1.
A complete presentation of the transport data, including the cations of other
chlorides in addition to HCI, will be given elsewhere.’” However, it is
interesting to note here the relatively high precision obtainable in the present
series of emf measurements for these cells. In Fig. 38 is shown a typical set of
emf data for the 0.01/0.05m ratio of HCl in the cell as a function of
temperature. A best straight line is drawn through the data giving a mean
deviation of approximately +0.5 mV. This type of precision says much about
the highly satisfactory nature of the cell design and measuring techniques.
Taking the particular composition ratio that is shown in the emf temperature
curve on Fig. 39 and assuming that this ratio,
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remains approximately the same for the range of temperatures studied, the
“apparent” mean transport number of the proton in HCI may be calculated
from

E = — -iH* ln — (29)

giving
E 8 1
T 2946 x 103

Ty = (30)
Computed values of f,;+ are also shown on Fig. 39. The values range from 0.83
at 25°C t0 0.59 at 300°C. Shown also on the same figure as a dashed line is the
range of value obtained by taking the best crude approximation
() r(ta)r(An/An+ + A2)r because of lack of data for comparison.

The interesting discrepancies may be due to the nonconsistency of the
activity terms in the equation, but it is more likely to be due to the crude
approximations necessary in the calculation of the dashed line.

SOME EXAMPLES OF AREAS OF NECESSARY FUTURE WORK

In spite of advances in technology, many problems of a practical nature
remain to be solved. While the use of PTFE, for example, has eased problems
associated with cell container construction, there is still no proven and
generally available material that can be used in excess of 300°C. In this respect,
perhaps some of the high-temperature refractory polymers, such as the
phosphonitrilic chlorides, or the metallic phosphinates, which have been
developed for space research, could be used.

Alternatively, the introduction of the miniature operational amplifier and
the solid-state data logging system have certainly aided the acquisition and
precision of cell emf data; however, problems still remain specifically
connected with the electrodes and electrolytes, the items which furnish the emf
of any cell. So, while the environmental biochemist may be concerned about
the measurements of sudden detectable changes in concentration of lead or
mercury in some river estuary, a control worker in a nuclear plant may need to
know continuously the pH of a coolant fluid. In both of these particular cases,
as in many others, emf measurements, provided that suitable electrodes are
available, can be used to great effect. Unfortunately, there are too few
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electrodes that are specific for H*, O,, alkali metal ions, and metal ions, if wide
ranges of temperature and pressure are required.

Further development of old, and the creation of new; electrodes which are
also more specific in their reversibility to particular ions are therefore required
urgently. This urgency is promulgated by the incipient practical measures,
concerning pollution of various sorts, taken by important bodies at
government and industrial levels. The practical requirements of general
industrial processing plant, anticorrosion, and monitoring facilities are also
rapidly increasing and thus generate additional needs. Here also are included
the specific needs of, say, those involved in the production of textiles,
pharmaceuticals, cosmetics, detergents, printing, and so on. Thus, even a
greater exploitation of electrode technology and emf measurements as a whole
may be expected within the next decade or so.

Other areas of future use of emf measurements may be indicated. The
oceanographer, and those concerned with desalinization, as well as the battery
specialist and those involved with energy conversion, continually need more
information on the little-known effects of moderate ranges in temperature
(0-100°C) and pressure (I-10kbar) on activities, dissociation constants of
weak acids and bases, and other thermodynamic quantities. This type of
information is generally recognized as being best found by emf study. Finally, a
well-proven range of pH buffers suitable between 20 and 300°C is still not
available, and detailed emf calibrations would be very useful for even a few of
the standard buffers.
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NUCLEATION MECHANISM IN OXIDE
FORMATION DURING ANODIC
OXIDATION OF ALUMINUM

Paul Csokan

Chemistry and Corrosion Division
General Design Institute for the Engineering Industry
Budapest, Hungary

INTRODUCTION

Numerous research workers have studied the phenomena of oxide
formation occurring on the surface of aluminum in various media under the
influence of external reaction factors. The physicochemical, mechanical, and
structural properties of both the thin oxide membranes and the heavier oxide
layers have also been studied. The main variants of the process of oxide
formation can be classified according to the character of the influencing
factors. These factors are:

1. In atmospheric oxidation an aluminum oxide film of the thickness of
several molecular layers is formed extremely rapidly on the clean metallic
surface of aluminum under the influence of atmospheric oxygen and
atmospheric moisture. Oxidation does not cease after the primary coherent
oxide membrane is established; it continues at a decreasing rate and the final
thickness of the oxide coating of 0.010-0.015 um is reached only after a
prolonged time (Fig. 1, curve A). According to Herrmann! the natural oxide
layer with the composition Al,O; (formed under atmospheric influence)
always contains a certain amount of aluminum oxihydrate (AIO-OH) and
water bonded physically or by chemisorption.

2. In thermal oxidation the process is accelerated in the high-
temperature atmosphere with its natural or enriched oxygen content; and
independently of temperature, the thickness of the oxide layer increases to
0.06-0.08 ym within 12 hr. Subsequently, the process becomes slower and the
final thickness of 0.2 um is achieved within several days (Fig. 1, Curve B).
According to Cabrera and Mott,> Wyon et al,® Paganelli* and other
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Fig. 1. Change of the rate of oxidation with time. (A) Atmospheric oxidation: (a) Al, 99.6 Al;
(b) A, 99.98 Al (B) Thermal oxidation: (a) 650°C; (b) 500°C; (c) 300°C; (d) 250°C. (C)
Chemical oxidation by the MBV process:a: AlCuMgalloy; b: AlMgSialloy;c: AlMnalloy;
d: AlMg alloy; e: 99.5 AL

authors,>® the thermal oxidation of aluminum involves the initial formation of
a barrier oxide film several monolayers thick. If the oxidation temperature
does not surpass 500°C, an n-Al,O5 layer is formed which is for the most part
amorphous; however, at temperatures above 500°C, the layer has
predominantly a spinel-type crystal lattice.

In an oxygen-rich atmosphere at 600-650C, the first few minutes of the
thermal treatment produce oxidation nuclei on the surface; these follow the
grain boundaries of the crystallites and exhibit an orientation that indicates
epitaxy. After prolonged thermal treatment the oxide layer consists of
extremely fine and densely arranged grains; under the microscope an

Fig. 2. Oxidation of aluminum at 635°C after 3 hr (200 x ).
(Reproduced at 659,.)
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aggregate of rosette-shaped oxide nuclei with microdimensions is observed;
the nuclei appear to have grown together with some deformation (Fig. 2).

3. Chemical oxidation is carried out in hot water, in superheated steam,
or in solutions containing oxidizing chemicals. According to the modified
Bauer-Vogel process (MBV process) chemical oxidation in an alkaline
solution of sodium chromate at 90-100°C causes an oxide to form at the
metal-electrolyte interface in several phases during which morphologically
different formations appear on the metal surface. These formations start with
the appearance of oxide nuclei at discrete points; their distribution and size
depend on the experimental conditions, while their anisotropic lateral growth
and mutual adherence form the heavy oxide coating (Fig. 3). The maximum
layer thickness is 1-6 um, depending on the equilibrium of the oxide formation
processes and chemical dissolution of the oxide (Fig. 1, curve C).

4. In electrochemical (anodic) oxidation, the process of oxide formation
occurs in an oxidizing solution when an anodic current is applied. Many
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variants of anodic oxidation are known in industrial practice. Oxide coatings
can be produced with a variety of properties and thicknesses (anywhere from
1-2 ym to 15-250 um) on aluminum and its alloys by judicious adjustment of
the operating current and solution composition. However, because of the
international significance of anodic oxidation for the aluminum processing
industries, its technological role, and the importance of the theoretical and
practical problems connected with the development of anodizing processes, we
shall limit this chapter to the study of anodic oxidation.

We shall describe the results of our research in Hungary on the
mechanism of anodic oxide formation and on the structural composition of
the oxide layers. In order to promote the evaluation of our conclusions we
shall first briefly summarize the conventional theories referring to the
explanation of anodic oxide formation processes.

THEORIES EXPLAINING THE PROCESSES OF ANODIC OXIDE
FORMATION

The Mechanism of Oxide Formation According to the Model of
Keller—Hunter—Robinson

Formerly accepted, but now-obsolete, explanations such as the colloidal
theory,” which has been popular for a long time, or the theory of
“dehydration™® will not be considered. Our starting point will be the theory of
Keller-Hunter—Robinson,'! which is based on the assumptions of Setoh and
Miyata® and Rummel.!°

Many studies'?~23 in the international literature discuss the
Keller-Hunter-Robinson model (KHR model). First among these would be
the paper entitled “Anodic Oxidation of Aluminum,”** in Advances in
Corrosion Science and Technology, Vol. 1, in which Sakae Tajima has clearly
elucidated the technologies of anodizing from both the theoretical and
practical points of view, Since the explanation of the mechanism of oxide
formation according to the KHR model is included in the work of Tajima, we
shall only stress the main points of the KHR model which are useful for an
evaluation of our own research results.

The Processes of Oxide Formation According to the KHR Model

The first stage of anodic oxidation involves the homogeneous formation
of a dense and coherent (10-100 A thick) oxide film throughout the aluminum

surface.
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The KHR model furnishes no information on the mode of formation, the
initial density of the oxide nuclei, or on the fashion in which they form a
coherent sealing layer.

The oxide film has a dielectrical nature, and current passes through it only
as long as metal ions emerge from the base metal because of the electrical force
field between the electrodes, and are able to diffuse into the oxide/electrode
boundary. Upon further oxidation, the morphological and structural
characteristics of the oxide layer depend on the reactivity of the primary oxide
film with the electrolyte and mainly on the chemical solubility of the oxide.

If anodic oxidation is carried out in an electrolyte which is able to
chemically dissolve the aluminum oxide produced by the current (i.e., sulfuric
acid, oxalic acid, chromic acid, etc.), the oxide will be loosened at the metal
surface or at the defect sites, which always occur in oxide films; the current will
break down and produce pores in the oxide layer. Aluminum oxide is then re-
formed at the bottom of the pores. This process continues until the layer is
porous everywhere but practically a uniform structure. It is then covered by an
oxide layer whose thickness depends on the length of time the treatment
continues. The fundamental part of the aluminum oxide layer which has a
structure amorphous under X-ray radiation—the so-called “barrier layer”
below the porous covering layer—is usually continuous, coherent, and
electrically insulating. According to the KHR model, the formation of pores
which are disrupted by the current breakdown and support the continuous
conduction of current is a fundamental condition for the formation and
thickening of the anodic oxide layer. With the growth of the oxide layer the
simple pore openings are extended to pore channels oriented perpendicularly
to the base metal.

The pores are surrounded by “oxide cells™ which are closely arranged in
the shape of hexagonal prisms (Fig. 4). The diameter, volume, mutual distance
of the oxide cells and pores, density of distribution, and other geometrical
characteristics of the pores depend on the chemistry of the electrolyte, on its
concentration and temperature, and on the parameters of the oxidizing
current. It must be stressed that according to the KHR model, the closely
arranged system of hexagonal oxide cells is not produced by crystallographic
laws but exclusively by geometrical (steric) factors.

The stationary equilibrium of the processes of oxide formation and oxide
dissolution, which proceed in opposite directions, defines the actual thickness
of the double-layer oxide coating. Oxide coatings of a maximum thickness of
30-60 um can be produced with traditional anodizing processes, and coatings
of 100-500 um with special methods. The former coatings can be dyed
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excellently, and pore-sealing post-treatment results in high corrosion
resistance. Therefore, these coatings are used for surface decoration and
protection, and because of their special properties, such as high hardness, wear
resistance, and electrical insulation, they are also used for special technical
purposes.

In electrolytes which dissolve the primarily formed aluminum oxide film
very little or not at all (i.e., boric acid, alkali borates, citric acid, tartaric acid,
etc.), a dense oxide layer of 0.1-1 um maximum thickness, with excellent
dielectric properties—the barrier-layer type of oxide coating—is formed. To
prepare such an oxide layer, a “forming” cell voltage of 100-1000 V is required.
To provide a constant current density, the voltage should be adjusted by
continuous regulation to the upper voltage value specified. Electrical spark
breakdown occurs beyond the maximum specified voltage, usually
accompanied by luminous phenomena. We shall return later to the main
characteristics of this process (pages 310—311). The thickness of barrier layer-
type oxide coatings, which depends on the employed cell voltage, is usually
given as 14A/V.

In electrolytes which extensively dissolve alummum oxide (i.e.,
phosphoric acid, a mixture of sulfuric acid and phosphoric acid, hydrochloric
acid, etc.) the oxide formed on the aluminum surface during the anodic
treatment immediately redissolves almost completely into the oxidizing bath.
In solutions of this type an anodic treatment carried out at constant current
density causes the cell voltage to increase, and after achieving a maximum, it
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decreases again. In spite of the redissolution anodizing in such solutions (e.g.,
in electrolytic polishing), a double oxide layer is produced. It consists of a
barrier layer 3040 A thick, and a transparent covering layer of less coherent
structure, with a thickness of 0.06-0.25 ym.

In addition to the traditional anodizing techniques, oxidative methods
have been developed which are carried out in nonaqueous media. Tajima et
al.%-2% have prepared very hard, colored oxide coatings in a bath of boric acid
dissolved in formamide at 60°C. Methods which specify anodic oxidation in
salt melts at high temperatures are of special interest. According to German
authors,?”-28 an amorphous aluminum oxide layer of about 100 um thickness
is formed in a melt containing alkali nitrate plus alkali nitrite, at 100-160°C,
with a cell voltage of 50-150 V; according to Tajima, such a layer is produced
in a melt containing alkali or ammonium hydrosulfite. Because of the high
temperature of the medium, this layer is immediately transformed by
recrystallization and an extraordinarily hard and wear-resistant layer of o-
Al,O4 (Carborundum) is obtained.

As Tajima mentioned in Advances in Corrosion Science and Technology,
Vol. 1, the mechanism of formation of such oxide coatings is essentially similar
to the layer formation in aqueous solutions; the difference lies only in the
secondary structural transformation provoked by the electrothermal effect.

Further details of the KHR model can be obtained from the literature;
only the highlights have been presented here. Next, a few recently discovered
examples of the deficiencies of the model will be presented.

Some Deficiencies of the KHR Mode/

An analysis of the literature reveals a fact that has been disregarded: that
most of the theoretical and practical explanations for the mechanism of
formation and structure of the sealing and covering layers in anodic oxide
coatings depend mainly on conclusions drawn after post anodizing treatment
(e.g., rinsing, drying, coloring, pore sealing). These theories involve the
morphological parameters and mechanical characteristics of the oxide layer,
and to a lesser extent the variation of the cell voltage—current density ratio
during anodizing. Surprisingly, very little reference is found in the literature to
morphological or other phenomenological investigations carried out during
the oxidation processes, especially in the initial stage of anodizing.

In studying the operational specifications of the traditional anodizing
processes, it is also apparent that the technological parameters are given
within very narrow limits. Probably the morphological and structural
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properties of oxide coatings prepared by these methods served as a basis for
creating the KHR model. It seems logical, therefore, that the model so created
refers principally to the working area specified by these parameters, and
cannot be generally applied to all variants of anodic oxidation of aluminum,
which may include some extreme experimental conditions. Although the
explanations of the KHR theory have a general validity, its major defect is that
it is unable to supply acceptable explanations for phenomena of anodic
oxidation recently discovered.

The following examples show the deficiencies of the KHR model
According to the KHR model, the layer formed in the first stage of anodic
oxidation and the barrier layers (e.g., the oxide layer obtained in solutions of
boric acid or borates) exhibit a practically homogeneous, pore-free dense
structure. It has been shown by a special dissolution test that this type of layer
is composed of heterogeneous oxide elements with differing solubilities. In
addition, Franklin®® has proved that a small number of scattered pores
sometimes form.

The classical theory assumes that the electrolyte solution at the bottom of
the pore channels in oxide cells which form the covering layer may be heated
by Joule heat to 100-150°C, thus increasing the internal pressure in the pores.
At high temperatures and increased pressures, dilated areas should form at the
bottom of the pore layer, because of the increased chemical dissolution.
Actually, such a phenomenon does not occur, and the pore diameter is always
largest at the upper throat, which opens toward the surface. Kaden3° has
already shown the improbability of this superheating of the electrolyte at the
bottom of the pore channel by a theoretical calculation of the
energy—-temperature balance.

According to the KHR model, the structure of the surface at the
metal/oxide interface is definitely determined by the current applied at the
beginning of the oxidation; later changes of current during the course of
anodization have essentialy no influence on the basic structure. Actually, the
opposite is the case; the basic structure depends decisively on the current
conditions in the final stage of anodic oxidation. Kaden3® proved the truth of
this conclusion by anodizing samples in sulfuric acid and subsequently in
oxalic acid. Microscopic observation of polished cross sections of these
samples showed that the oxide structure immediately adjacent to the substrate
was that characteristic of oxidation in oxalic acid.

It is also impossible to substantiate the assumption of the KHR model
that chemical dissolution only acts in pore formation coincidentally with the
electrical lines of force (i.e., perpendicularly to the metal base).
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According to the geometrical model of KHR the oxide layer is composed
of hexagonal column-shaped cells. Electron micrographs of oxides have
shown formations which are perpendicular or sloping with respect to the base
metal. Straight formations as well as strongly curved or deformed fibers or
tubes have also been observed. But so far there is no evidence for the existence
of the hexagonal oxide prisms assumed by the KHR model. According to the
KHR model, the density of the pores, which are a condition for the formation
of the covering layer, depends on the anodizing conditions; they appear in
a uniform distribution on the surface. However, many cases have been
encountered—both in literature and in our own experiments—where a
varying number of pore openings appear in a heavy covering layer, in a
completely irregular arrangement, and in varying numbers on different parts
of the surface.

According to the KHR theory, the covering layer is electrically insulating,
and ionic conduction of the current as well as material transport can only
occur via the electolyte solution enclosed within the pore channels. If this
assumption is accepted, however, there is no realistic explanation for the
increasing thickness of the side walls of the “oxide cells,” which also lengthens
during anodizing. Kaden has proved by measurements that the insulating
ability of the covering layer is negligible and has hardly any influence on the
current transport.

According to the KHR theory, the homogeneous or at least quasi-
homogeneous base and covering layers are formed continuously. This is true,
but only in cases where the oxide coatings are obtained from traditional
anodic oxidizing processes. Under other conditions the processes indubitably
occur periodically in time and the oxide formations are spatially
discontinuous. This is decisively proven by our own experimental results,
which will be described later.

Other weak points of the model exist but are too numerous to mention at
this point. Only the more glaring deficiencies have been discussed. Our
attention now turns to new theories which have been proposed to explain the
formation and structure of anodic oxide layers.

Further Theories for Interpreting the Mechanism of Oxide Formation

Murphy and Michelson®!-3? have published a novel theory. We shall
omit the details and only mention the salient points of their theory.

These authors propose that after the formation of a dense, barrier Al,O5
layer, part of the oxide is transformed into hydroxide and hydrate compounds
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by the chemical bonding of water, while the parallel formation of a sealing
layer progresses toward the substrate. Thus, a covering oxide layer of
increasing thickness obtained. It consists of a gel-like matrix formed by the
chemical bonding or adsorption of anions and water molecules with the
hydroxide and hydrate compounds. Embedded in this gel are finely divided
submicrocrystallites of aluminum oxide. Oxidation itself occurs in the
interface between the barrier layer and the covering layer; the transformation
of aluminum oxide by hydration or peptization continues through the layers
in the outward direction. This reaction mechanism produces an oxide coating
of individual layers; each layer can have a different chemical composition.
Figure 5 shows the Murphy—Michelson model.

Murphy and Michelson assume that pore formation is not a condition of
oxide formation; in their view local differences in solubility or electrical
breakdown at defect sites play a role in the formation of pores and extended
pore channels found in heavier oxide layers. The pores are oriented
perpendicularly or at an angle to the surface; under some conditions they
produce a fibrous or columnar oxide structure.

The oxide layer formed as described above is permeable to the aluminum
ions and to the oxygen-carrying ions. Continuous conduction of current is also
promoted by the hydrogen-bridge bonds that form among the aluminum
oxide, hydroxide, oxyhydrate particles, the anions, and H,O molecules. In this
polynuclear system of complex composition, the migration of protons and the
continuous change of place of hydrogen-bridge bonds (protomery) also
promotes current transport.

Ginsberg et al.>3~3° have assumed an intermediate position between the
classical theory of KHR and the Murphy-Michelson model. Ginsberg and
co-workers did not reject the role of the physical and geometrical factors, but

Fig. 5. Anodic oxide formation: Murphy and
Michelson model.*!
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instead of a closely spaced oxide cell structure they propose a special fibrous
structure. The fibers of the oxide layer are tube-shaped formations; the
external part of their wall consists for the most part of amorphous aluminum
oxide while the internal part consists of a gel containing hydroxide and
bonded anions. The internal cavity of the pore channel is filled with the
electrolyte solution. The aluminum hydroxide can also be assumed in the
external part of the fibers and in the boundary phase separating the fibers.
Since the fibers consist of water-free aluminum oxide which is insoluble in
dilute bases, they can be freed by dissolving the material between the fibers in
0.1% sodium hydroxide solution. Ginsberg and co-workers present the
convincing results of differential thermoanalysis, IR spectroscopy, electron
microscopy, and optical microscopy to prove their assertion.

The results of research carried out by Bogojavlenski and co-workers
with electrochemical and optical methods are very significant. They have also
stated the fact that anodic oxide formation does not occur on the aluminum
surface with complete homogeneity; it starts with the appearance of discrete
oxide islands, called “monon bodies,” which continue to grow, thus producing
the oxide layer.

The theory of Akahori is very interesting®; he proposes that after the
formation of the barrier oxide layer and pores, the electrolyte is vaporized by
Joule heat at the bottom of the pores, and simultaneously aluminum metal
melts at the base of the pores. The interaction between the molten metal and
the elecirolyte solution produces a superheated gas film consisting of vapors
and oxygen produced by the current; the thickness of this film may attain an
order of 500A if the oxidation voltage is 50 V. Oxygen ions pass from the gas
film through the sealing oxide layer toward the liquid aluminum base, and on
encountering the aluminum ions, molecules of aluminum oxide are formed.
Akahori does not present concrete proof for his mainly speculative
explanations, and therefore his conclusions should be accepted only
tentatively.

In addition to the recent explanations discussed above we should like to
mention the excellent study of Diggle et al,*° which not only systematizes the
former theses but supplies additional data to explain the mechanism of anodic
oxide formation.

The foregoing survey shows that the proven fundamental theses of the
classical theories may be accepted; however, further data and investigations
are required to explain the formal and structural creation of the oxide layer
more realistically and to furnish explanations which can be applied even to
extreme technological variants.

3638
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In the study of electrolytic oxidation processes, we can also utilize to a
certain extent the recent studies of Benard,** Rhodin et al.,****3 Darras and
Dominget,** Mykura,*> Doherty,*¢ Fischmeister,*’ Paidassi,*® Franck,*°
and other well-known authors,®°=>> which discuss the kinetics of
heterogeneous reactions, mainly in solid/gas systems.

The preceding literature review has presented several explanations for the
phenomenon of metal oxidation due to atmospheric, thermal, chemical, or
electrochemical factors. The data presented in the literature, together with the
aid of a common formal language, can be used to describe oxide formation.

On the following pages we shall summarize our investigations over
several years, which have yielded novel results; in our opinion these results
may resolve the contradictions of traditional explanations and serve to
provide a better understanding of the mechanism of anodic oxide formation.

THE STUDY OF THE ANODIC OXIDATION OF ALUMINUM WITH THE
SPECIAL METHODS OF REACTION KINETICS—EXPERIMENTAL
PROCEDURE

We have studied the mechanism of anodic oxidation in various
electrolytes using conventional methods which have been developed to
investigate the electrokinetic processes occurring on the metal surface. The
qualitative and quantitative data, the temperature of the oxidizing medium, as
well as the electrochemical relations among the current parameters (cell
voltage, current density plots, etc.) have been determined by well-established
measuring methods.

However, we developed a special method for reaction kinetic testing
which has yielded very convincing proofs for our explanations of the
mechanism of anodic oxidation; this method consists of taking continuous
photographs under the Elypovist microscope from the beginning of anodic
oxidation to its end (i.e., during the whole reaction). By preparing such a series
of kinematographic moving pictures, or documentation film, we were able to
record precisely the morphological and structural characteristics of oxide
formation. The theoretical and practical conclusions drawn from these studies
are presented in the section on the mechanism of anodic oxide formation.

For a comparative evaluation and for the sake of completeness, the usual
physical, mechanical, microscopic, electron optical, and chemical characteris-
tics of the properties of anodix oxide layers are summarized on pages 332-349.
The experimental equipment and details developed in our laboratory will be
presented in this section.
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The photomicrographic films were obtained with the aid of a movie
camera Pentaflex 16 (VEB Kamera- und Kinowerke, Dresden) which was
mounted on an Elypovist microscope (VEB C. Zeiss, Jena). My co-workers, M.
Ried]l and R. Karacsonyi, have been of great help in constructing this
equipment.®®

The Elypovist microscope (Fig. 6b) is a combination of an optical
microscope and an electrolyzing cell; with its aid one can study continuously
the morphological and structural changes which occur electrochemically at
the surface of the test metal electrode from the beginning to the end of
electrolysis. The process can be projected in suitable magnification onto a
fixed or moving film. The optical microscope can be fitted out with a 15 x /0.30
Apochromat, a 5.5 x /0.10 Triplet or a K15 x-Okular optical system; this
combination gives a 200 x magnification. Figure 7 shows the sketch of the
arrangement.

The electrolyte tank (1a) is suitably filled with the solution selected for the
test (about 140 ml), and the pump insert (1b) s fitted between the sealing locks.
The electrolyte tank and all other parts of the equipment which contact the
electrolyte are made of chemically resistant, high-strength plastic.

Pipes leading out of and back to the electrolyte tank in the lateral
direction permit a continuous circulation of the solution. The flow rate of the
solution can be regulated by adjusting the pump motor. To avoid any damage
to the pump and the electrolyzing cell, the maximum temperature of the
electrolyte solution cannot exceed 50°C.

A specimen is prepared from the metal to be tested (aluminum or
aluminum alloy); this has a circular and perfectly flat surface about 6 mm in
diameter which can be fixed to the diaphragm aperture (2) of the electrolyte

Fig. 6. Elypovist microscope equip-
ment: (a) switching and current-
regulating equipment; (b) microscope.
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Fig.7. Sketch of the arrangement of the Elypovist-
Pentaflex microcinematographical testing equip-
ment: electrolyte tank with lateral pipe (la) for
passing the oxidizing solution and pump (1b);
metal sample pressed against the diaphragm
aperture (2); counterelectrode (3); quartz glass
window in the tube wall (4); microscope: objective
(5a); lens barrel (5b); eyepiece system (5c);
Pentaflex film camera (6); adapter (7); tripod (8);
auxiliary motor (9); film cassette (10).

pipe with a special clamp. After suitable degreasing and pickling, the metal
specimen can be connected to either pole of the current source.

For anodic oxidation or electrolytic polishing, the metal specimen is
connected to the anode, and for plating of metal or for the evolution of
hydrogen it is connected to the cathode.

The counterelectrode is represented by a cup-shaped element made of
chemically resistant stainless steel (3). A window covered by quartz glass is
arranged at the bottom of the cup; through this window a suitably lighted
electrode surface can be visually inspected or photographed once the
photographic equipment is mounted.

The current to the electrolyzing cell is supplied by a switching and
regulating apparatus (Fig. 6a) which is connected to a 220-V ac mainline.
The transformer and rectifier incorporated in the equipment conduct the
current through three connected cables to the electrolyte solution pump, to the
illuminating lamp system of the microscope, and to the electrode poles of the
electrolyzing cell.

The regulating instruments inserted in this latter cable permit regulation
and control of the cell voltage and the current density on a voltmeter and an
ammeter, respectively. The DC voltage is variable—from 0 to 15V or from 0 to
100 V. The current varies from 0 to 10 mA and from 0 to 500 mA. The polarity of
the specimen can be changed at will with the aid of a mains-changeover
instrument. Recently, a further changeover switch has been included to permit
the application of ac current for electrochemical surface treatment.
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The Elypovist microscope and the microcinematographic testing method
can be used to study not only electrochemical but also purely chemical surface
processes. In this latter case the electrolyzing circuit is not applied, but the rest
of the equipment is operated as mentioned above.

The arrangement, operation, and maintenance of the microscope are
described in the technical publication Elypovist Elektrolytisches Poliergerdt by
the C. Zeiss firm.

For the cinematographic investigations, the Pentaflex movie camera was
mounted on the Elypovist microscope with the aid of an adapter made of a
metal tube and a bellows which excluded the light. The adapter (7) is joined to
the microscope after removing the eyepiece from the microscope; it projects
the image of the electrode in the electrolyzing cell directly onto the
cinematographic film. The photographic apparatus is mounted on a fixed
tripod (8) to eliminate vibrations from the equipment. The sharpness of the
image is adjusted directly in the searching mirror of the photographic camera.
The image appearing on the 16-mm cinematographic film has a 50-200 times
magnification which can be increased when projecting the completed film.

The film speed can be adjusted so that the usual projection rate of the film
(24 pictures/sec) gives a good representation of the consecutive changes on the
metal surface during electrolysis. This can be generated with the Pentaflex
camera because the shooting rate can be varied from 3 to 96 pictures/sec by
incorporating an auxiliary motor.

The illuminating equipment of the Elypovist microscope is generally
sufficient to illuminate the field of vision. When shooting at high speeds or
taking color pictures, however, a Tungsram incandescent lamp and paraboloid
mirror can be employed to advantage. In such cases a heat screening sheet
should be inserted to provide insulation against the thermal effect of the
incandescent lamp.

Optimal conditions for filming (i.e., the film speed), the exposure time, and
lighting were generally found by trial and error.

Commercial film with a sensitivity of 17DIN(=40ASA)-
27DIN(=400ASA) and 16 mm (e.g., Forte, Orwo, Agfa, Kodak) proved
suitable; the color pictures were taken with commercial color films (e.g.,
Orwocolor, Agfacolor, Kodacolor). The developing and fixing of the
negatives, the preparation of positive film copies, and the synchronization of the
documentary sound film were carried out according to the usual method of
cinematographic technique.

Finally, we should like to mention that a documentary film has been
prepared (time of projection: 25min) with our microcinematographical
equipment, Elypovist-Pentaflex, described above, entitled “The Mechanism of
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Nucleation and Electrochemical Transport Processes in Oxide Formation
during Anodic Oxidation of Aluminium.” It has been shown in the past years
at technical and scientific conferences and other events in Budapest, London,
Stockholm, Moscow, Hannover, and Tokyo and has received excellent
reviews.®’

We should like to remark that further practical technological details of
our research results which have been omitted here can be found in the relevant
publications.>®

To support the explanation which we propose for anodic oxide
formation, we shall present a characteristic series of images taken from our
moving picture. These pictures, together with our optical and electron
photomicrographs and with our results from the physical mechanical and
electrochemical investigations, will be used to characterize the process of oxide
nucleation and the mechanism of anodic oxidation.

CHARACTERISTICS OF THE MECHANISM OF ANODIC OXIDE
FORMATION—NUCLEATION MODEL

The Role of the Technological Factors of Anodic Oxidation in the
Morphological and Structural Development of the Oxide Layer

We have studied the effect of the experimental conditions of anodic
oxidation on the morphological and structural progress of oxide formation in
various technological conditions.

The characteristics of the various stages of anodic oxide formation are
determined by the type of electrolyte, its concentration, the temperature, and
the time of anodization. The reaction kinetics and equilibrium between the
processes of oxide formation and oxide dissolution, as well as the cell voltage
and anodizing current density, also play a role in determining oxide
characteristics. The composition, microstructure, and surface quality of the
base metal contribute to these processes and to the development of the
physicochemical and structural properties of the oxide layer.

To obtain a better insight into the relationships among the phenomena of
oxide formation, we took films of the experiments in various electrolytes at
constant temperature; we varied only the concentration of the electrolyte and
the cell voltage of the anodizing current.

In industrial practice the oxide coatings are usually prepared in
moderately concentrated oxidizing baths with low or medium cell voltage;
only in special cases are high cell voltages used. The parameters used in our
experiments are summarized in Table 1.
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Table 1. Experimental Values of Oxide Coatings

Concentration  Temperature Voltage Current density Efficiency

Solution (%) C) \2 (A/dm?) (%)
Sulfuric acid 10-30 18-20 12-20 0.5--2.5 64-78
Oxalic acid 5-5 18-20 25-60 0.5-1.5 50-70
Chromic acid 1-5 20 5-50 0.3-35 46- 55

In new processes (e.g., in the so-called autocoloring anodizing process,
which has attained worldwide popularity), anodizing is carried out in organic
or inorganic electrolyte baths with stepwise regulation of the cell voltage. The
oxide coatings obtained with the traditional processes are discussed in the
literature. In anodic oxidation carried out in conditions dissimilar to those of
the classical processes, the phenomena of oxide formation which cannot be
interpreted on the basis of the KHR model appear more pronounced in certain
ranges of electrolyte concentrations and cell voltage. To demonstrate this
statement, we shall describe the characteristic phenomena of the following
series of experiments.

Investigation of the Phenomena of Oxide Formation in Moderately Oxide-
Dissolving Environments during Anodizing with DC Current

Specimens for the following tests were prepared from sheet material
rolled from 99.9 and 99.5 aluminum and from an AIMgSi alloy. The surface of
the sample plates was degreased before anodizing by rinsing in an organic
solvent and pickled in a solution containing HNO + HF + H,O.

The oxidizing baths were prepared from reagent-grade solutions of
sulfuric acid, oxalic acid, and chromic acid of various concentrations.

The films of oxide formation on the surface of the sample plate anodes in
the electrolyzing cell of the Elypovist microscope were taken with a Pentaflex
camera at 100—150 x magnification.

Visual observation and the films taken during the anodizing process show
that anodic oxide formation does not begin homogeneously at all points of the
metal surface—as expected from the statements of the KHR model. Rather, it
begins as tiny oxide nuclei dispersed on discrete sites of the metal surface. The
number, size, and distribution of the primary oxide nuclei depend on the
experimental parameters, especially on the type and concentration of the
electrolyte and on the cell voltage of the oxidizing current.

Anodizing in a 20—10% Solution of Sulfuric Acid. The photomicrographs in
Fig. 8 show that the first oxide nuclei that appear, at a cell voltage of 12-18 V
(GS process, alumilite process), are at definitely discrete sites and
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heterogeneously distributed. Eventually, the nuclei align themselves along the
rolling direction of the metal (micrographs a and b). Their number increases
rapidly; in a fraction of a second after switching on the current they cover the
whole surface (micrographs ¢ and d). They have a nonuniform distribution
with various sizes and shapes. It takes 5-10 sec for the nuclei-to impinge; and
when this occurs, a porous oxide layer is formed. Its porosity is due to selective
oxide dissolution. Such oxide coatings appear frequently in technical
publications (Fig. 8e).

Similar phenomena are encountered when anodization is carried out in
sulfuric acid of lower concentration, such as 15%, or 10Y%,, which is still within
the limits of traditional specifications. Upon dilution of the bath, the oxidizing
voltage is increased to 15-20V for a 159 solution and to 20~25V in a 109,
solution.

Anodization in a 5%, Sulfuric Acid Solution. When anodization is started at
a cell voltage below 22 V, a light-grayish tint appears on the aluminum surface
within the first second. This indicates the formation of the basic oxide
membrane; subsequently, a great number of small oxide nuclei rapidly appear
on the membrane. After the coalescence of this rough, granular layer, pore
formation rapidly occurs as a result of the dissolution of the oxide. Finally, the
covering oxide layer is formed (Fig. 9).

When anodizing is started with a cell voltage of 26-28 V, the metal surface
will darken for a moment-—similar to the phenomenon described above-—and
an intense nucleus formation immediately begins. The first oxidation nuclei
grow in three dimensions in a geometrically irregular shape (Fig. 10 a—c). The
growth of some nuclei stops at the beginning of the process with their size and
shape unchanged while other nuclei appear and grow (micrographs d—f). After
attaining an upper size limit which characterizes the experimental conditions,
the growth of these deformed and calotte-shaped oxide formations is suddenly
interrupted; and at the edge of some of these primary oxide nuclei, oxides of a
different character—called secondary zones of oxidation—appear and spread
laterally with anisotropic growth (Fig. 10g). The layer thickness of the
secondary oxide zone is always less than the top part of the calotte of the
primary oxide nucleus. While this layer is mostly dark and nontransparent, the
secondary oxide is of a much lighter color and often glossy and translucent.

The apparently unoriented, sometimes concentric, but mostly irregular
lateral growth of the secondary oxide obeys a certain periodicity. At the
reaction front a new oxide product appears in the shape of a narrow band. The
boundary between the bands after some time appears in a fine design of lines
(Fig. 10h). These periodically repeated reaction waves are the reason why the
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secondary oxidation form a “terraced” structure in a lobed or rosette-like
shape. The lateral extension of the oxidation zones continues until either they
touch each other or a primary oxide nucleus which carries no secondary oxide
formation at its edge. The fields of secondary oxidation surround primary
nuclei but are separated from them temporarily by a depressed area
resembling a ditch.

After the total coverage of the metal surface, the processes of formation of
primary and secondary oxide nuclei are replaced by another mechanism. The
current and material transport continues through the structurally
heterogeneous, thickening, oxide layer which separates the metal from the
electrolyte. As a consequence of the dissolution of the oxide and of pore
formation, the differences in structure and depth between the primary nuclei
and the secondary zones of oxidation are slowly obliterated. A prolonged
anodization in 5% sulfuric acid yields an oxide coating of more-or-less
uniform thickness and pores of various sizes. The oxide elements observed in
the early stages of the reaction seldom appear, but when they do, they are
observed as pale stains on the surface (Fig. 10i—k).

When anodic oxidation is carried out with a cell voltage double the
previous value (i.e., 36—-38 V), the primary nuclei appear in the first half-second
after switching on the current. These nuclei are similar to the primary nuclei
observed in the previous example, but they are less in number (Fig. 11a and b).
They grow rapidly and are larger than the previous nuclei. We have actually
measured the nuclei size on photomicrographs taken at various times with the
Elypovist microscope, and have found that their size distribution can be
represented by an asymmetrical Gaussian curve. Since the nuclei continue to
grow erratically and new nuclei appear, the oxide islands coalesce. Secondary
oxidation zones appear on the sides of the primary nuclei that do not touch
other nuclei (Fig. 11h—k). This oxide formation is similar to that previously
described (i.e., the propagation is characterized by wave-like surges). Their
propagation direction is probably directed by random energy or
concentration fluctuations and not by the structural elements of the base
metal. Each reaction wave produces an oxide field of significant thickness, as
can be seen by the shadows on the micrographs; the edges of the zones descend
to the level of the first oxide membrane at various angles (Fig. 12).

The reaction waves occur periodically. Each new wave generally starts at
irregular intervals and proceeds very quickly, much as in an avalanche. The
oxide is formed quite suddenly within these periods in a band parallel with the
wave front. The unusually long periods gradually slow down; sometimes they
even stop for a moment, only to start again like an avalanche. The fine lines
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following the wave front are not always visible in the longer periods because of
the limited resolution of the Elypovist microscope; when using a microscope
with high magnification, however, the lines are definitely visible (Fig. 13). This
type of oxide mechanism is caused by local energy fluctuations.

Interestingly, the oxide exhibits a smooth surface, free of pores, in the
newly formed bands which are closest to the reaction front. Then a variety of
pore openings appear randomly distributed, and the bandlike structure
created by the reaction waves is gradually obliterated by the subsequent oxide
dissolution.

After the metal surface has been totally covered by primary and
secondary oxide elements, and intense pore formation starts by a chemical re-
solution quite similar to the process above. After the gradual obliteration of
the differences between the oxide elements, the usual picture of an oxide
coating is observed (Fig.111-p).

Anodizing in 1%, Sulfuric Acid Solution. The nucleation phenomena, which
were previously unknown, appear conspicuously when oxidation is carried
out in a 19 sulfuric acid solution. It is especially interesting to observe the
significant role that the cell voltage plays in forming oxides with different
structures.

When oxidation is carried out at a cell voltage of about 50 V, the number
of primary oxide nuclei is less than during anodization in a more concentrated
solution. These nuclei grow to an average size and are approximately spherical
(Fig. 14a—f). Growth stops at some primary oxide nuclei and a laterally
spreading zone of secondary oxidation starts at the edges of these nuclei (Fig.
14g—j). This process continues in a fashion similar to that described for
oxidation in a 5% sulfuric acid solution (Fig. 14k—n).

These phenomena are even more conspicuous when the cell voltage is
reduced. At 36-40V, only a few oxide nuclei appear initially (Fig. 15a—c).
These are then irregularly surrounded by zones of secondary oxidation which
may take on a rosette or lobed terrace structure. These formations grow
anisotropically until they coalesce and completely cover the metal surface
[Fig. 15h—o; this stage is succeeded by the thickening of the layer (Fig.
15p)].

Upon further voltage reduction, another type of oxide formation occurs.
When oxidation is started at 32-34V, a few primary oxide nuclei appear at
active sites of the metal surface [i.e., at rolling traces (Fig. 16a—c)], but their
growth is rather restricted. Secondary zones of oxidation rapidly form around
the primary nuclei (Fig. 16d—i), and after their coalescence, chemical and
electrochemical processes induce the formation of a uniform covering layer
(Fig. 16j—m).
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Anodizing in 0.1%, and 0.01% Sulfuric Acid Solutions. In these unusually
dilute solutions, aluminum oxide formation occurs in the same fashion as was
described above; however, the characteristics of the partial reactions and the
morphological and dimensional data of the oxide formations differ from these
of the classical models.

When anodizing is carried out in 0.1%; sulfuric acid at 55-60 V, primary
nucleation is rare; the oxide nuclei which do appear grow to almost twice the
size of those on samples anodized in more concentrated oxidizing baths (Fig.
17a~d). The oxide layer which forms by the coalescence of the secondary
oxides between the well-developed primary nuclei has a coarser structure than
that formed on the earlier samples (Fig. 17e-1).

At 45-50V the number of primary nuclei is much less when current is
switched on (Fig. 18a~c). Their growth soon slows down and is followed by a
vigorous formation of secondary oxide zones (Fig. 18d—1). After the surface is
covered, the process of layer thickening leads to the formation of a heavy oxide
layer with an equilibrium-type structure (Fig. 18k and I).

A further reduction of the cell voltage almost completely prevents the
formation of primary oxide nuclei. With a cell voltage of 35 V only a few nuclei
are visible (Fig. 19a—c). After some time the metal surface appears gray, which
indicates the formation of a thin and coherent oxide membrane; under this
membrane the secondary zones begin to form and to propagate laterally witha
lobe-shaped structure (Fig. 19d and e). After suitable thickening the coating
exhibits the conventional porous surface.

In a 0.019 sulfuric acid solution, anodic oxidation starts only at a
relatively high cell voltage of 60—65 V. Few primary oxide nuclei appear, and
these rapidly attain large, coarse proportions (Fig. 20). However, the three-
dimensional propagation of the nuclei quickly slows down, and finally it stops
completely. Surprisingly, the secondary oxidation zones fail to appear after a
long time has elapsed and when the cell voltage is increased to 70-75V.
Microscopic investigation at high magnifications of this surface has shown
that a thin oxide film forms at the aluminum surface around the primary
nuclei; its density and insulating properties prevent the processes of secondary
oxidation. When anodization is started and carried at a cell voltage less than
50V, no nucleation is observed; only a high-density barrier layer with
dielectric properties is formed. This is similar to the dielectric layer formed
when anodizing in a boric acid solution.

Anodization in 5%, and 1%, Oxalic Acid Solutions. This type of anodization
is similar to the GX process and the chrome-alume process.

Anodic oxidation was studied on aluminum plates immersed in a 5%
oxalic acid solution with 45V applied. As was expected from previous
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Fig. 12. Formation of primary oxide
nuclei and secondary zone of oxi-
dation after 15 sec in 1-5% sulfuric
acid with 30-40V at +1°C (200 x ).
(Reproduced at 70%,.)

experience with oxide coatings obtained in oxalic acid, the initial oxide
membrane was composed of extremely fine grained oxide nuclei. Observable
oxide nuclei appear only on large defect sites on the aluminum plate (Fig. 21a).
Only the nuclei that appeared on the rolling marks could be seen. If nuclei
appeared on other types of microheterogeneities, they could not be resolved by
the microscope. Oxide re-solution then induces pore formation, and a thick
covering oxide layer with a uniform pore distribution is obtained (Fig. 21b
and c).

Fig. 13. Coalescence of primary and secondary oxide
formations to form a coherent oxide layer after 120sec in
1--5 9 sulfuric acid at 45V at £ 1°C (200 x ). (Reproduced at
70%.)
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When the concentration of oxalic acid is reduced to 174, an anodizing
current of 60 V produces an oriented continuous nucleation similar to anodic
oxide formation in 5-10% sulfuric acid. After the first oxide forms (Fig. 22a—c)
nucleation occurs haphazardly, leaving bands of bare material (Fig. 22d and e).
Subsequently, these bands are populated by finely structured nuclei (Fig. 22f).
Prolonged anodixing produces a smooth, uniform coating over the entire
surface (Fig. 22g).

It was necessary to investigate the source of the nonuniform bands, so a
new set of samples were prepared and a careful microscopic investigation was
carried out throughout the anodization treatment. Thus, it was found that the
surface condition due to rolling has a greater effect on the initiation of the
oxide formation when anodizing in oxalic acid than it does when anodizing in
sulfuric acid.

Anaodizing in a Mixture of Oxalic Acid and Sulfuric Acid. We mentioned in the
introduction to this section that the morphological characteristics of anodic
oxide formation depend substantially on the quality of the oxidizing
electrolyte. This thesis has been proved by the differences in the superficial
oxide formations on samples anodized in sulfuric acid and oxalic acid
solutions.

The reaction mechanisms for oxide formation have been found to depend
on the type electrolyte, its concentration, and the cell voltage. The interaction
among these operating parameters influences the mechanism of oxide
formation. We have studied the relationships in many experimental variants,
and the following examples are presented to illustrate the results.

A pure aluminum plate was anodized in a mixed oxidizing bath
composed of 109 oxalic acid and 1Y% sulfuric acid at 45 V. The dominant role
on coating formation in this case is played by oxalic acid, which is present in a
concentration corresponding to the conventional specifications. Results
similar to those obtained in a pure 5-10%; oxalic acid solution were obtained
(as in the previous subsection). An oxide layer is obtained at the end of the
process with a uniform density of very small nuclei (Fig. 23).

When the oxidizing treatment is carried out in the same bath with a cell
voltage of 25V (almost half of the former value), partial processes similar to
anodizing in dilute sulfuric acid solutions of 1-0.1%, with 32-34 V appear
instead of the characteristics of anodizing in oxalic acid. After the appearance
of a few very small primary nuclei, secondary oxide phases are formed at active
sites on the metal surface and spread laterally (Fig. 24a—j), as shown in Figs. 16
and 19 for anodizing in pure sulfuric acid solutions. In the final stage of the
process, the structure becomes similar to that obtained when anodizing in
oxalie acid at higher voltages (Fig. 24k and 1).
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Fig. 17. Anodic oxidation in 0.1 %, sulfuric acid with 55-60 V at £ 1°C: (a)~(h) after 70sec ; (i) after
2 min.
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Anodization in Solutions of Chromic Acid. Anodic oxidation in chromic
acid followed the Bengough—Stuart process: 5 % chromic acid at 40°C, with a
cell voltage of 10 — 40 — 50V regulated periodically by a specific time pro-
gram. The first oxide membrane on the surface of anodized aluminum plate
(99.5%, Al) was composed of extremely fine oxide nuclei. At first these nuclei
only appear along the rolling marks—but after about 10 sec the whole surface
is populated by fine grains (Fig. 25a—e). Oxide re-solution is responsible for the
final slightly nonuniform structure. This leaves nuclei of varying size arranged
regularly, on a microporous structure (Fig. 25f—h). The total thickness of the
oxide layer is no more than a few micrometers, its color is gray, and it is
slightly opaque.

Anodization in a Mixture of Organic Acids. For comparison, anodization
was also carried out in multicomponent solutions of organic acids (a mixture
of sulfosalicyclic acid and formic acid with a total concentration of several
percent) with a voltage of 40—-80 V. In the present example the cell voltage was
40 V. The appearance, multiplication, and characteristic band-like arrange-
ment of primary nuclei were similar to the phenomenon of anodic oxidation in
dilute oxalic acid (Fig. 26a—f). The final oxide coating is fine-grained and
dense, but the bandlike structure is visible (Fig. 26g—i). The latter property is
probably connected with the epitaxy effect of the base metal.

Investigation of the Phenomena of Oxide Formation in Slightly Oxide-Dissolving
Environments with DC Current

In electrolytes with a slight oxide-dissolving ability (solutions of boric
acid, borax, tartaric acid, citric acid, etc.) it is known that extremely thin, but
dense oxide membranes can be prepared on aluminum; practically no
micropores are present in these films.

The highly insulating ability of these membranes requires that the cell
voltage be raised stepwise—from the usual starting value of 50V to several
hundred volts to provide the current needed to continue the oxidation process.

In the course of our Elypovist tests we anodized 99.5-grade aluminum
plate samples in a 109, boric acid solution at 60-70°C, with cell voltage
increased from 50V to 200V. A temporary external current source was
connected to the electrolyzing cell to assure the higher oxidizing voltage. The
increased temperature of the solution was obtained by connecting an electrical
heating ring to the liquid circulating pipe of the cell (Fig. 7, 1a). Other parts of
the equipment were protected against overheating by a cold-air fan.
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Fig. 19. Anodic oxidation in 0.1 %, sulfuric acid with 3540V at +1°C: (a)—(d) after 150sec; (e)
after 10min (100 x ). (Reproduced at 659%,.)

Anodization tests were carried out for 5—10 min. In the first second of the
experiment, rows of very small oxide nuclei formed on the surface of the plate
sample on the sites of the rolling scratches (Fig. 27a); subsequently, a very fine
grained oxide coating formed and was accompanied by a slight darkening
(Fig. 27b and c). Thickness measurements of the oxide coating gave a depth of
the order of 0.1 um.

The Reaction Periods of Anodic Oxide Formation on the Aluminum
Surface

The anodic oxidation of aluminum consists of several consecutive or
simultaneous partial processes. This finding is supported by explanations
found in the literature for the oxidation of metal surfaces which are in contact
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with oxygen gas or oxidizing liquids under thermal, chemical, or
electrochemical conditions, by our results obtained with physicochemical,
electrochemical, microscopic, and electron microscopic methods, and by the
reaction kinetic analysis obtained by the films taken with the Elypovist
microscope. By taking into account the morphological and structural
characteristics and chemical and electrochemical traits of the oxidation
process, the partial processes of the reaction mechanism can be grouped in the
following order:

1. Initial stage (induced period). Oxygen atoms or oxygen carrying
particles (anions with oxidizing effect) are bonded to the metal surface by
physical adsorption or chemisorption. In the sorption layer, aggregates of
molecules are formed on active sites of the metal surface by diffusion
movements. After the state of critical supersaturation is achieved, an oxide
membrane (y-Al,0;) of monomolecular or oligomolecular thickness is
formed. It starts from the aggregations of molecules on the active sites as
reaction nuclei; after a fixed interval this covers the whole metal surface.

2. Formation Stage (formation of the barrier oxide layer). In electrolytes
which do not chemically dissolve aluminum oxide, the thickness of the oxide
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layer increases to a limit defined by the current conduction and the so-called
barrier layer is formed. It is a dense oxide coating with dielectric properties.
The composition and structure of the oxide membrane are generally uniform;
however, microinhomogeneities are always present.

3. Layer formation by processes of nucleation. In electrolytes which
chemically dissolve aluminum oxide, the oxide membrane appearing at the
end of the initial period does not change into a dense barrier oxide layer with a
specific thickness. Its chemical and structural composition change only when
repeated reactions occur, such as a series of chemical dissolution, hydration,
peptization, or incorporation of foreign ions. The thickness then increases
continuously; at the same time, further barrier oxide membranes are always
formed at the metal/oxide boundary.

Primary nuclei appear on the active sites with sufficient current
conductivity to form a heterogeneous structure with a thickness of several
molecular layers. The number, distribution, size, and morphological
characteristics of these nuclei are determined by the properties of the base
metal and by the experimental parameters (the qualitative and quantitative
composition of the electrolyte solution, its temperature, and the oxidizing
current).

Starting from the edge of the nuclei, the so-called secondary zones of
oxidation appear and cover the free surface between the nuclei by lateral
growth; this interval is defined by the experimental parameters.
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4. Forming period of the covering oxide layer. After the surface has been
completely covered, the reactions continue in various directions on the oxide
layer. In the covering layer, pores of various sizes are formed, depending on the
experimental parameters and the local differences in the reactivity of the oxide
product (chemical solubility, state of energy as a consequence of structural
deformations, etc.). Because of energy differences between discrete points of
the metal/oxide boundary phase, continuous or periodically repeated reaction
waves progress vertically in the oxide layer. In this way a fine laminar oxide
structure forms (tertiary oxide layers). The thickness of the covering oxide
layer and its final stationary structure depend on the equilibrium between the
processes of oxide formation and chemical dissolution. The microstructure of
the oxide layer and in some cases also its macrostructure contain geometrical
inhomogeneities and inequalities (pore size, pore distribution, pore wall
thickness, layer thickness, etc.).

The Processes in the Initial Period

The study of the short-term changes occurring in the initial period of the
oxidation of aluminum is extremely difficult because the initial phenomena
can barely be observed on the metal surface. Further, during anodization the
interface is inaccessible to the usual physicochemical or optical test methods.
The reactions in the initial period of anodic oxidation can be interpreted with
the aid of reaction kinetics of interface processes in solid/gas systems and with
the morphological changes observed through the Elypovist microscope
during further stages of anodization.

The Formation of an Oxygen Film by Adsorption or Chemisorption. As has
been stated in the KHR theory, the oxygen produced by the anodic current in
the first moments of anodic oxidation is adsorbed on the aluminum surface.
Some authors speak of the adsorption of elementary oxygen, others (e.g.,
Glayman®®) of the adsorption of hydroxyl radicals or other oxygen carriers; for
the sake of simplicity we shall employ the expression “oxygen adsorption.”

Opinions diverge concerning the nature of the adsorption. The earlier
explanations only assumed a physical adsorption due to van der Waals forces;
Baumann®® and other authors assumed chemical bonding (i.e., chemi-
sorption). According to Bénard,*' there is no sense in aggravating the
discussion concerning adsorption or chemisorption, since evidently in the
initial stage of oxidative processes (depending on temperature, gas pressure,
affinity between the adsorbent and oxygen, etc.) a van der Waals bond or
chemical bonding accompanied by an exchange of electrons can occur with
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Fig. 25. Anodic oxidation in 5 % chromic acid with the cell voltage regulated continuously from 10
to 40 to 50V at 10-15°C: (a)-(d) after 2min; (e)-(g) after 6min; (h) after 8 min (100 x ).
(Reproduced at 659%,.)
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Fig. 26. Anodic oxidation in a mixture of 5 %, sulfosalicylic acid and 3 %, formic acid at 40V at
18-20°C: (a)—(e) after 90sec; (f)-(i) after 2min (100 x ). (Reproduced at 659,.)
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Fig. 27. Anodic oxidation in 10 % boric acid with the cell voltage regulated continuously from 50
to 200V at 60-70°C after 10min (100 x ). (Reproduced at 65%.)

equal probability. Seith®! suggests that there is no sharp distinction between
the two types of adsorption, because in a given system physical adsorption
bonding can be transformed to chemisorption bonding in the course of the
chemical processes, as indicated by a change of experimental conditions
during the reaction.

The surface concentration of adsorbed particles (I') in the solid/gas
system obeys the Langmuir isotherm and depends on temperature and
pressure. In the solid/liquid system it follows the Helmholtz theorem and
depends on the solution concentration:

A _ P :
I'= RT Ub + 0 (solid/gas system) (1)

A ¢ S
(solid/liquid system) 2)

r=|-— -
RT 1/(B + ¢)

where A4, B, and b are material constants; p the gas pressure; and ¢ the
concentration of the solution.

The sorption layer is usually monomolecular, but in certain conditions an
oligomolecular layer thickness may be expected. In the case of chemisorption,
first a metal/oxygen phase with monovalent bonding is formed which tends to
completion as an oxide compound bonded with full valency. The tendency to
chemisorption is sometimes so strong that diatomic oxygen molecules split
into atoms which are strongly bonded to the metal after the establishment of
joint electron paths; their separation from the metal (ie., their desorption) is
possible only at high temperatures with a high energy of activation.
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Data are found in literature which state that particles can adhere to the
“compound film” formed by chemisorption through physical adsorption if the
gas pressure or concentration of the solution is sufficiently high. The bonding
strength of these particles decreases rapidly with increasing distance from the
metal surface.

We know from the literature on the Langmuir isotherms that the
adsorption layer is not always closely adherent to the metal surface, even when
the concentration approaches the saturation level. Rhodin et al.** conclude
that adsorption does not occur continuously; rather, it occurs at the high-
energy sites of the surface. Active sites are usually produced by orientation
characteristics of the crystal structure of the base metal or by a defective metal
surface (deformed microstructure, foreign inclusions, heterogeneities caused
by local enrichment of alloying elements, etc.). At the defect sites of the
microstructurally inhomogeneous metal surface (“imperfection structure”
according to Rhodin), the energy levels are usually dissimilar and the
adsorption of oxygen occurs first at surface sites with greater activity and
subsequently on sites with medium activity; sites with low activity are filled
only when saturation has been achieved. As a result of this mechanism, the
material adsorbed on the metal surface occupies periodic positions, and the
adsorption can be geometrically heterogeneous.

We now refer to the interesting experiments of Vlasakova®? to study the
oxygen and oxide films bonded by physical and chemical sorption on
aluminum. Vlasakova directed polarized light at the metal surface and found
from the elliptical change of the index of reflection that the effective thickness
of an adsorbed oxygen layer on a mirrorlike surface changes in the saturated
state from 30 to 35A.

Exoelectron emission studies were conducted by Vlasakova on these
samples and on aluminum surfaces oxidized by the MBV process in an
aqueous alkaline solution. These tests have shown that the points of adhesion
of the sorbed oxygen film are at the sites which have a high surface activity.
Vlasakova postulates that van der Waals forces are mainly responsible for the
bonding, but there is an equal chance for a chemisorbed oxygen film. Its
composition can be expressed by the formula

o) o)
/4 V4
Al—0—AI=0-Al—0—Al  <AI=0---0—Al «
Ke) Ne)
—0—Al—0—Al=0
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which depends on the concentration of the environment and on the
experimental conditions. The oxygen film contains covalent bonds and has an
amorphous structure.

Diffusion Processes in the Metal Surface Phase. It was shown above that the
supersaturation concentration of adsorbed or chemisorbed species is different
(it depends on the momentary energy state) at different sites on the metal
surface. Haruyama®* has proved experimentally that the energy of sorption
can vary from point to point, depending on the quality of the surface and on
the experimental conditions; in the area around zones of high activity, a
concentration gradient appears corresponding to the energy conditions.

The activities at different points of uniform high-purity metals are only
slightly different, and on such surfaces no substantial concentration differences
occur in the sorption film. However, the surface of technical-grade metals is
always strongly heterogeneous, and more significant differences in reactivity
and concentration gradients are possible.

According to Rhodin et al.*? the oxygen atoms colliding with the surface
in the active zones and “caught” in it can migrate along a concentration
gradient (which corresponds to differences in surface energy) by surface
diffusion or migration; at active sites they produce aggregates of molecules or
“clusters.” At the nodes, the aggregates are more-or-less oriented and possess
significant stability.

Seith®! has also shown by radioactive isotope tests that foreign particles
colliding with the surface and adsorbing on it (“ad-atoms”) can diffuse on the
solid metal in all energetically permitted directions; they aggregate at points
and form large agglomerations. Their final distribution is dependent on the
experimental parameters.

This process continues until a certain supersaturation is achieved, and
then at discrete points the covalent bonds are replaced by ionic bonds; this
results in the irreversible formation of aluminum oxide.®® The electron
micrograph in Fig. 28 shows the oriented oxide formations appearing on
subgrain surfaces of a polycrystalline base metal.

After achieving critical supersaturation, if the energetic conditions are
favorable, y-Al,O5 in stoichiometric composition can form. It starts from a
molecule (or an aggregate which is one to three molecular layers thick) and
spreads to cover the entire metal surface.

Mykura*® postulates that lateral surface diffusion can occur not only in
the monomolecular sorption film but also in the oligomolecular oxide layers,
and at the same time aluminum ions or oxygen ions can also diffuse
perpendicularly to the substrate outward or inward through the oxide layer.
The perpendicular to the surface determines whether oxide formation serves to
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Fig. 28. Formation of oxide agglomerations at the surface of active
subgrains during the first few seconds of anodic oxidation in 1 9 sulfuric
acid at & 1°C with 50 V. Electron micrograph (20,000 x ). (Reproduced at

809%.)

increase the thickness of the first barrier oxide film, or whether further oxygen
agglomerations or nuclei appear on the active sites (i.e., whether nucleation
processes appear).

The Elypovist films made in polarized light show the changes in the
processes of adsorption, diffusion, and formation of oxygen or oxide
membranes, all of which depend on the reaction time of the initial period. The
pictures from one film sequence (Fig. 29) show a change from light to dark on
areas which are high and low in surface energy; these areas are determined by
the crystallographic or microstructural conditions of the base metal. These
areas indicate the local development of oxygen and oxide membranes
representing phase boundaries.

Processes in the Nucleation Period

Formation of Barrier Oxide Layers. It was mentioned earlier (in the section
on the processes of oxide formation according to the KHR model) that very
densely arranged and relatively small oxide nuclei appear on the
oxygen—oxide membrane initially formed when a suitably oxidizing
electrolyte and high cell voltage is employed. This combination only slightly
dissolves aluminum oxide, if at all.

These nuclei form a very dense layer. The oxidizing voltage (“forming”
voltage) is adjusted within 100 to 500 or even 1000V to obtain the constant
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current density required for oxide formation. These barrier oxide layers are
usually thin, not more than 0.1-1 um thick.

However, the microscopic study of the barrier oxide layers in polarized
light shows the fine-grained, dense structure of the oxide, although the surface
of these oxide layers is smooth translucent or slightly clouded (see Fig. 27). In
such coatings the gaps formed by current breakdown are closed by the
progressive oxidation; porosity is practically negligible in the final oxide layer.

Layer Formation by the Growth of Primary Oxide Nuclei and Secondary Zones
of Oxidation. In electrolytes which chemically dissolve aluminum oxide and
oxidation is continued after the initial period, primary oxide nuclei appear at
the energetically active sites of the base oxide membrane which possess
sufficient current conductivity. The number, size, morphological characteris-
tics, and distribution density of the primary oxide nuclei are determined by the
parameters of oxidation, but the properties of the base metal also play an
important part.

The growth of the oxide nuclei generally proceeds in three dimensions:
longitudinally and transversally in the plane parallel to the metal surface and
perpendicularly to the surface.

The perpendicular growth direction is favored over the other two
directions since growth can occur both outward and inward toward the metal
surface since metallic aluminum can be transformed to aluminum oxide. This
growth observed by Keller—Hunter—Robinson and other authors is shown in
Fig. 30, which presents the micrograph of the polished section of oxide nuclei
formed in the first stage of anodization.

Oxidation studies with various experimental conditions showed how the
number of primary oxide nuclei depends on the experimental parameters. By

Fig. 30. Three-dimensional growth of oxide nuclei on the surface of the
base metal (300 x ). (Reproduced at 80%,.)
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Fig. 31. Distribution of the number (N) of oxide nuclei of various dimensions
(D)during thermal and anodicoxidation: (a) Thermal oxidation in high-pressure

gas; (b) anodic oxidation in 20 %, sulfuricacid at 15-18 V; (c)anodic oxidation in

19, sulfuric at 50'V.

comparing the size (D) and number (N) of nuclei formed in a 209, 5%, 1%,
0.19; and 0.01%; sulfuric acid solution, a definite dependence of the maximum
values and curve symmetry (represented in the D—N distribution diagram
proposed by Fischmeister*’) was found (Fig. 31). The width, height, and
summetry of the maximum band depend on the electrolyte concentration and
on the cell voltage.

The main factors in nuclei growth can then be summarized as follows:

L.

The lateral surface diffusion from the edge of a nuclei conserves the
critical oxygen supersaturation indefinitely. Accordingly, the lateral
propagation decreases rapidly. Thus, the process becomes more and
more anisotropic.

Energetically distinguishable sites (microstructural or crystallo-
graphic defects) are the points where primary nuclei exclusively
appear when oxidation occurs at low temperatures with a low cell
voltage. At defect-free sites, the oxidation starts and progresses more
slowly.

When oxidation is started at a higher temperature with higher cell
voltage, the number of nuclei is greater and their distribution is more
uniform than the formations appearing at low energy levels. They
appear not only on crystallographic or microstructural defects but
also randomly.
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Processes in the Formation of a Covering Layer

Chemical and Electrochemical Aspects of Oxide Formation. In the initial
stages of anodizing, a large number of very small primary nuclei cover the base
metal in a fraction of a second; this event occurs in moderately concentrated
electrolytes where a moderately high cell voltage is applied. The surface of the
final oxide coating appears uniform and fine grained when magnified (Fig. 32).

Anodizing in more dilute solutions with a low to medium cell voltage
causes secondary oxides to appear between the smaller number of growing
primary nuclei. The secondary oxides cover the base metal by lateral extension
with a coherent oxide layer which carries on its surface the traces of the
nucleation structure. The final oxide layer is heterogeneous (Fig. 33a and b),
but during further oxidation the thickening process smooths out the layer and
the final heavy oxide develops a surface similar to the former picture and easily
recognized in traditional anodizing literature (Fig. 33c).

The heavy covering layer is formed by material transport through ion and
electron diffusion across the first coherent oxide layer and across the
thickening layer. This statement is supported not only by the chemical
reactions by Murphy and Michelson but also by the conclusions of Ginsberg
and co-workers about the current conductivity of the oxide layer.

Accordingly,3! 3% the actual processes of oxidation proceed in the
intermediate portion (transition region) of the oxide layer instead of on the
metal/oxide or oxide/electrolyte interfaces; the oxide product is always in

Fig. 32. Surface of oxide layer prepared by the GS method in 209,
sulfuric acid with 15V after 15min (250 x ). (Reproduced at 75 %.)
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Fig. 33. Oxide layer prepared in 5 % sulfuric acid with 30 V: (a) after
5Smin; (b) after 10min; (c) after 30 min (250 x ). (Reproduced at
70%.)
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laminar form. Therefore, the conclusion that current breakdown across the
layer opens pores, as stated by the KHR model, cannot be regarded as a
condition of anodic oxide formation. Instead, pore formation depends
decisively on the dissolving power of the oxidizing electrolyte, and on the
anodizing parameters, while current breakdown is a phenomenon which
accompanies pore formation.

In the forming stage other chemical transformations occur concurrently
with the solution of the oxide. Some of the first oxide products are transformed
by hydration or peptization to hydroxide or hydrate compounds in chainlike
coupling, forming a dispersed (colloidal) system with the unchanged
aluminum oxide particles.®! This layer possesses a permeability for material
and current transport which further supports oxidation.

Dorsey®® models the structure of the oxide layer due to chemical
transformations as follows:
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Pore Formation by Chemical Re-solution of the Oxide. In addition to
thickening and smoothing of the oxide layer, pore formation is important to
the forming stage of the final covering layer. It is the porosity of the final coating
that influences the physicochemical, mechanical, and corrosion properties of
the oxide layer.

Chemical re-solution is more intense at energetically favored sites of the
layer; naturally this depends on the operational parameters, especially on the
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concentration and temperature of the anodizing solution. Therefore, pore
formation starts by a selective dissolution. Data can be found in the literature
on the number, size, surface distribution, density, and other properties of
various types of oxide coatings used in industrial practice. Oxide layers
obtained with traditional anodizing processes are supposedly homogeneously
porous, but, in opposition to the regular hexagonal geometric pattern
assumed by the KHR model, they are actually heterogenous, as can be shown
by the electron micrographs shown in Fig. 34 and 35. At higher magnification
the significant differences between the geometry, size, the distance between
pores, and the fibrous structure of pore channels formed in heavier oxide layers
are even more apparent (Fig. 36).

In oxides prepared in more extreme experimental condition, the pore
formation depends on the morphological and structural characteristics of the
nucleation. In oxide films prepared in 1% and 0.1%; sulfuric acid solutions
with high and medium applied voltage, the pores are irregular in size and
distribution. An oxide formed at a high cell voltage (Fig. 37) in 19, sulfuric acid
shows pores arranged irregularly around a primary nucleus. In the moderate
applied voltage range (Fig. 38) the pores are arranged in rows in a
concentrically propagating zone of secondary oxidation around a primary
oxide nucleus. The pattern of rows following the reaction waves of the
secondary zones of oxidation is readily apparent in the pore pattern (Fig. 39).
At higher magnification the differences in shape and size of the pores are visible
(Fig. 40).

Fig. 34. Porosity of an oxide layer prepared in 20 % sulfuric
acid with 12V at 18°C for 2min. Electron micrograph
(64,000 x ). (Reproduced at 659%.)
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Fig. 35. Porosity of oxide layer prepared in 1%, sulfuric acid
with 40 V at + 1°C for 5 min. Electron micrograph (62,000 x ).
(Reproduced at 659%;.)

The electron micrograph of a fractured oxide shows the fibrous structure
of closely coalesced pore channels (Fig. 41). The arrangement of the oxide
fibers in irregularly bent or otherwise deformed rows can be connected with
mechanical effects which accompany the irregular lateral extension of the
oxidation. Figure 42 (right-hand side) shows the surface of an oxide coating
prepared in 1% sulfuric acid with pore openings arranged in rows; at the left a
fractured oxide layer is shown with pore channel fibers arranged in irregularly

Fig. 36. Porosity of oxide layer prepared in 5 %, sulfuric acid
with 35V at +1°C for 10min. Electron micrograph
(67,000 x ). (Reproduced at 659%.)
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Fig. 37. Irregular pore distribution in an oxide layer prepared
in 1% sulfuric acid at 50V at +1°C at around the primary
oxide nuclei. Electron micrograph (13,500 x ). (Reproduced
at 65%.)

deformed bundles. The oxide fibers, which carry traces of nucleation processes,
the blocks of nuclei wedged together, and the differentiation into layers in
parallel with the base surface are not particularly apparent in ordinary light,
but they are easily visible in polarized light (Fig. 43). The pore channels do not
penetrate directly to the metal, and the barrier layer (the boundary zone
between the metal and the covering oxide layer) can be regarded as an actual

Fig. 38. Concentric arrangement of pores around the primary
oxide nucleus in an oxide layer prepared in 1%, sulfuric acid
with 35V at +1°C. Electron micrograph (10,000 x ).
(Reproduced at 65 %.)
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Fig. 39. Rows of pores along the reaction waves of the
secondary zones of oxidation in an oxide layer prepared in
19 sulfuric acid at 35V. Electron micrograph (10,000 x ).
(Reproduced at 659.)

part of the oxide coating. The results of the extensive studies of Domony et
al.®%-°7 and the data from Tajima2* show that the oxide sealing layer attains a
depth which depends on the composition and temperature of the electrolyte
and on the voltage applied.

Some details of oxide coatings in natural or in artificial environments by
chemical or electrochemical methods are given in Table 2; they permit a

Fig. 40. Pore structure with irregular rows, various sizes,
and occasional deformed pores. Electron micrograph
(147,000 x ). (Reproduced at 65 %,.)
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Fig. 41. Fibrous structure of pore channels on the
fracture of a heavy oxide layer prepared in 19,
sulfuric acid at 50V. Electron micrograph
(31,000 x ). (Reproduced at 65 %.)

comparison of the structural characteristics which can be expressed
numerically.

Since the density or porosity of the oxide coatings influence the
application of anodized aluminum, the data mentioned above should be
considered when choosing an anodizing treatment.

Kinetic Characteristics of Material Transport and Current Conduction
Occurring in the Metal/Oxygen/Electrolyte and Metal/Oxide/Electrolyte
Systems. Thestart of processes of oxide formation depends on several reaction
kinetic conditions:

1. The concentration of the reacting components should attain or
exceed a definite critical limit of saturation.
2. Chemical or electrochemical energy of activation should be available

for the migration of the reacting components toward each other and
for the production of collisions.

3. The chemical process leading to a stable new phase between
components in metastable concentration of supersaturation should
be irreversible.

The rate of oxide formation (v) depends mainly on those physical
processes occurring in the metal/electrolyte boundary phase or the
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Fig. 42. Oriented arrangement of pore apertures
on the surface of a heavy hard oxide layer (right)
prepared in 1% sulfuric acid at 45V and curved
deformation of the pore channel bundles on the
lateral fracture (left). Electron micrograph
(20,000 x ). (Reproduced at 65 %.)

Fig. 43. Micrograph of the heavy hard oxide layer prepared in
19 sulfuric acid at 50V, in polarized light. (150x).
(Reproduced at 65%,.)
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Table 2. Total Oxide Thickness and Pore Distribution Produced under Various

Conditions
Tempera- Barrier Total
Medium ture thickness thickness
(technology) O (um) (um)

Dry air atmosphere 20 0.001-0.002  0.001-0.002
Dry oxygen atmosphere 20 0.001-0.002 0.001-0.002
Dry air atmosphere 500 0.002-0.004  0.040-0.060
Dry oxygen atmosphere 500 0.010-0.016 0.030-0.050
Humid atmosphere 20 0.0004—-0.001  0.050-0.100
Humid atmosphere 300 0.0008-0.001 0.100-0.200
Boiling water 100 0.0002-0.0015  0.500-2.00
High-temperature

and -pressure water 150 ca. 0.001 0.10-5.00
Chemical oxidation

(conversion) 70-100  0.0002-0.0008 1.00-5.00
Chemical polishing 50-100 ca. 0.0005 0.01-0.10
Electropolishing 50-60 0.0050-0.0100  0.10-0.20

Anodic oxidation Pore
Electrolyte Voltage Diameter Number
(g/liter) V) D(A)  (N/pm?)

200 H,SO, 10-12 18-20 0.010-0.015 5.0-35.0 130 1190
150 H,SO, 10-12 10-15 0.010-0.013 5.0-35.0 120 1140
150 H,SO, 10 15 0.015-0.018 5.0-40.0 120 772
10 H,SO, 5060 +1to—1 0.015-0.320 100-250 90-250 100

(hard anodizing) (300)
30 CrO, 40 42 0.010-0.013 3.0-25.0 430 48
30 CrO, 40 33-38 0.010-0.013 3.0-20.0 240 12
56 HyPO, 30 25 0.010-0.012 2.5-20.0 400 70
400 H;PO, 20 25 0.010-0.012 2.5-22.0 330 188
40 H;PO, 120 20 0.010-0.011 2.0-15.0 330 90
50 H3;BO; 50-500 50-100 0.005-0.010 1.0-1.2 110 85

metal/oxide/electrolyte phase system, which bring the reacting components
close together to produce a collision. Thus, the momentary concentration of
the aluminum and oxygen ions (ca, and cg) at a given time and place are

established:

v = kCAlCO

3)

where k is the rate constant of the formation of aluminum oxide.
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Material Transport in the Boundary Phases in the Oxide Layer

From reaction kinetics, diffusion in anodic processes can be separated
into two different groups:

1. diffusion in the solution layer immediately adjacent to the solid body;
2. diffusion of ions in or through the metal oxide electrolyte system.

As has been mentioned already, aggregates of molecules are formed by
diffusion in the adsorbed or chemisorbed oxygen layer at the metal surface at
discrete sites depending on the surface energy distribution. This distribution
can be traced through subsequent stages of oxidation. Sites which are more
reactive than their surroundings are found both in the barrier oxide layer
(composed of several molecular layers) and in the layers formed over the
barrier oxide.

Material Transport in the Boundary Phases. The adsorption and/or
chemisorption of oxygen and the formation of a stoichiometric oxide
membrane in the sorption layer occur as a consequence of the immediate
collision between oxygen and metal ions. After the appearance of the oxide
membrane, the reacting species meet during nucleation periods.

Nucleation induced by thermal, chemical, or electrochemical effects at the
metal surface are interpreted by the model proposed by Franck,*® shown in
Fig. 44. Isolated oxide nuclei develop from the first oxide formations
appearing at discrete surface sites; these grow independently and
anisotropically either parallel or perpendicular to the metal surface. Point C in
the figure is where the oxide nucleus has first appeared and growth has started;
this is the nucleus center. The oxide nucleus grows spherically, resembling a
calotte, but only to a certain size; then lateral growth predominates. The
higher propagation rate in a direction parallel to the metal surface is explained

. // a C s // /4/ Al

. 2 g

LSS // : /// // v
Fig. 44. Model of the growth of oxide nuclei: C, center of the nucleus; x, y, z,
directions of metal ion and electron conduction; O, direction of oxygen
diffusion on the metal surface. (From Franck.*®)
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by the favorable situation at the edge of the nucleus for the transport of
reaction components for the passage of current (point x in the figure). Here the
metal ions leaving the metal and the anions of the electrolyte encounter the
least resistance and the reaction proceeds with the greatest speed. In addition
to the favorable transport conditions, the presence of the precipitated solid
material at this point promotes the adhesion of further reaction products onto
the nucleus.

At other points on the nucleus where the distance from the metal surface is
too great (points y and z in the figure), the reaction is slowed substantially
because it is difficult for the transport process to occur. The anisotropy of the
growth causes the nucleus to resemble a flattened half-sphere.

If the new oxide formation possesses ionic conductivity, diffusion is
always more favorable (naturally this depends on the degree of conductivity)
perpendicular to the metal surface. Accordingly, oxide is also formed at the
nucleus cap, but the reaction there is much slower than the reaction rate at the
sides of the sphere. The height of the nucleus calotte then depends on
conductivity of the nucleus and the diffusion rate.

The fact that concentrations at the edge of the nucleus differ from those at
the top of nucleus can be explained by a disturbance of the equilibrium
concentration due to the exhaustion of the reacting components. Additional
oxygen and metal ions are transported by diffusion from more distant parts of
the metal surface to supplement the reserves of reacting components. The rate
of surface diffusion naturally depends on the chemical and electrochemical
parameters of the system.

Surface diffusion causes the local concentration to retain the critical
supersaturation limit; then the oxide formation starts again and proceeds
further. The concentration gradient which then develops in the electrolyte
adjacent to the nucleus depends on the amount of current passing through the
system. The concentration of the saturation limit has been characterized by
Franck with the aid of the diagram shown in Fig. 45. At high current densities
saturation is achieved rapidly in the boundary zone, but it decreases rapidly at
greater distances from the edge of the nucleus. At low current densities the
saturation in the boundary zone is slower to develop and the maximum
appears at lower concentrations. However, at these lower current densities, the
concentration gradient decreases more slowly with increasing distance from
the edge than in oxidation at high current densities. Since the rate of oxide
formation basically depends on the concentration, lateral growth increases
more or less rapidly at the edge. These variances cause the nuclei to appear in a
variety of shapes with a range of boundary angles. The coalescence of nuclei
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C

Fig. 45. Concentration profile for the limit of
saturation in the edge zone of the oxide nuclei:
a and b, concentration profiles at high and low
current densities; ¢, concentration of super-
Width of Edge Zone —> X saturation. (From Franck.*?)

Concentration of Supersaturation

and the formation of a coherent oxide layer occurs with different speeds.

Since surface diffusion depends on the reaction time and on the supply of
the reactants, the extension of the edge depends on the experimental
conditions. Therefore, the “reaction waves” start after material supply has
occurred. During the reaction wave the material available at the edge is
consumed by the oxide formation; and when the concentration falls below the
critical limit, the reaction stops again. After the completion of a further process
of material delivery, it starts again when the upper limit of the critical point is
attained. This periodicity is indicated in the tests with the Elypovist
microscope by the wave or rosette shape of the oxide formations.

At low cell voltages or current densities, oxides form slowly; the material
supply by diffusion is also slower due to the low oxygen concentration. The
oxidation front then proceeds more slowly laterally from the edge zone of the
nucleus. Under the Elypovist microscope the periodicity of the reaction and
the terrace-like oxide form is readily visible (Fig. 13).

At the moment when the nucleation period is completed and the oxide
layer is coherent, the layer morphology is rather nonuniform. At higher
magnifications the heterogeneous structure, containing secondary zones of
oxidation and depressions (similar to cracks or deformed channels through the
coalesced oxide formations), can be seen with great clarity (Fig. 46). This
irregularity is gradually obliterated in the next period of an anodization, with
the aid of transport processes occurring laterally and through the oxide layer
(Figs. 47 and 48).

Material Transport through the Oxide Layer. After the formation of the
barrier layer, the material and current transport for the processes which form
the covering oxide layer are supplied by bulk diffusion through the oxide
membrane (lattice or interstitial diffusion). Material to complement oxide
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Fig. 46. Coalescence of primary and
secondary oxides in 19 sulfuric
acid with 45V at +1°C after 100 sec
(250 x ). (Reproduced at 659%.)

Fig. 47. Same as Fig. 46. Gradual
coalescence of primary and secon-
dary oxides formation period of the
covering oxide layer after Smin
(250 x ). (Reproduced at 659%,.)

Fig. 48. Same as Fig. 46. Surface of
the oxide coating due to chemical
re-solution and pore formation after
30min (250x). (Reproduced at
65%.)
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formation in the lateral direction is supplied by surface diffusion parallel to the
metal surface and induced by differences in the chemical or electrochemical
potential between the high sites of the metal surface (concentration or
potential gradients). Therefore, the diffusion of ions and electrons plays an
important part in defining the reaction rate.

From the electrochemical measurements carried out by Murphy and
Michelson®!+32 as well as those reported by other workers,3338:58:63 jt jg
possible to conclude that apart from current transport by proton migration,
the current can also be carried by other ions (metal ions and oxygen-
containing anions) within the highly dispersed aluminum oxide, aluminum
oxyhydrate, or aluminum hydroxide lattice. This conclusion is in agreement
with the earlier results obtained by Rayola and Davidson®®; they showed that
not only AI** ions but also Al** and Al™ ions are formed during anodizing
and the trivalent dissociation product which has the smallest ion diameter can
move with much greater velocity than either the bi- or monovalent aluminum
ions.

The metal cations diffuse outward toward the oxide/electrolyte
boundary, while the oxygen anions migrate inward toward the metal/oxide
interface. The oxidation process occurs in the oxide region adjacent to the
substrate.

The diffusion of material in the oxide layer is summarized and evaluated
by Tajima.?* Therefore, we shall omit detailed literature references.

Current Transport in the Boundary Phases and in the Oxide Layer

Current Conduction in the Boundary Phases. In electrochemical oxidation
the concentration of oxygen-carrying ions is rapidly reduced to a minimum in
the liquid layer adjacent to the anode (the Helmholtz double layer with a
thickness of 10~ #~10~2cm) when the current passes. If the same number of
ions as were precipitated on the anode are transported by diffusion into the
boundary layer fom the solution to supplement the loss of material due to loss
of charge, then the intensity of the current passing through the boundary layer
is determined by the stationary diffusion rate; this is similar to Fick’s®?+*2! first
law. The diffusion current (i,) in the liquid boundary layer can be expressed®®
as

iy = zFD (dc/dx) 4)

where z is the valence, D the diffusion constant, F Faraday’s constant, and
dc/dx the concentration gradient in the distance x.
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In the initial stage of anodic oxidation the concentration gradient in the
liquid layer varies from point to point and from moment to moment; therefore,
diffusion is non-steady-state. It is because of this continuous variation of
current and concentration that the diffusion current cannot be measured. In
later phases of anodizing, as in the forming period of the covering layer, the
local changes of concentration at the oxide/electrolyte phase boundary
parallel with the surface can be regarded as being approximately uniform;
however, perpendicular to the metal surface, nonstationary processes should
be encountered. By neglecting these latter processes, the diffusion current®®
can be expressed by

. zFD'Y?
lg = W (co — &) &)

where co and ¢, express the concentration in the solution and in the superficial
liquid boundary layer, respectively; t is anodizing time; and the other symbols
have the previously defined values. However, practice has shown that this
expression has its shortcomings.

Current Conduction in the Oxide Layer. The details of current conduction in
the oxide layer depend on the quality of the base metal and on the anodization
conditions. The variants of current conduction in different electrolytes can be
represented by the changes in oxidizing cell voltage (U) as a function of the
time (t) at a constant current density (Fig. 49).

Current Conduction on the Barrier Oxide Layers: Electroluminescence.
According to Giinterschultze and Betz’® and Ulrich,”! the structure of sealing
layers produced in electrolytes which do not dissolve aluminum oxide is not
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Fig. 49. Dependence of the forming cell i
voltage on anodization time with a E
constant current density: I, ideal valve 5
anode; II, transition anode; III, porous v m
oxide forming anode; A, spark voltage; B,
maximal cell voltage; a, luminescent zone;
b, spark discharge zone; c, zone of
maximum spark voltage. Forming Time, Minutes
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entirely uniform. Excess aluminum is present in the area adjacent to the base
metal: in the area near the electrolyte the ratio of aluminum to oxygen
corresponds to the stoichiometric Al,O, composition. Two Schottky cation
vacancy sites are present in the elementary lattice of the face-centered-cubic y-
Al,Oj;, as demonstrated by Ulrich,”* Verwey,’? and Kordes.”® Therefore, the
possibility of ionic diffusion and current conduction in the barrier layer can be
interpreted partly by the excess of aluminum and partly by the presence of
vacancy sites in the external zone.

The fact that a certain amount of anions or water molecules can be
incorporated in the barrier film from the anodizing electrolyte argues against
the total insulating capacity of the barrier layer. These water molecules are
present either as hydrate water’#7% (Al,05 - H,O, Al,O5 - 3H,0), bonded in
the compound (amorphous Al(OH),, AlO - OH), or bonded by chemisorp-
tion.”® These components can introduce a certain amount of conductivity to
the dense barrier layer.

Kaden and Ginsberg’” state that the current density due to ionic
conduction in the layer (i) depends primarily on the applied cell voltage (U):

i = aexp <B7U> 6)

where d is the layer thickness, a ~ 10722A/cm?, and f ~ 4 x 107®V. The
value of the force field (F) is found by the expression

F=U/d (7

As can be seen from diagram I in Fig. 49, for an ideal barrier layer, the
increase in cell voltage is initially proportional to the time of anodization. At
the limiting value A (ie., at the boundary of the so-called “spark voltage”)
spark discharges occur at the surface of the anode accompanied by
luminescence. After passing A, the forming voltage continues to increase; on
attaining the turning point B, sparking is increased to such an extent that
constant luminescence at certain surface sites results.

Although several aspects of sparking are still under discussion, Ulrich”!
has satisfactorily explained some aspects of the phenomenon. His results are
based on tests conducted in boric acid and borax solutions, which gave a time-
dependent change of the forming voltage [i.e., U = f(¢)].

At the onset of anodizing (Fig. 49, 1, a), ionic conduction through the
oxide layer dominates because of the outward diffusion of aluminum ions. At
this stage electronic current conduction is negligible. The first inflection point
(A)ofthecurve, U = f(t),is aresult of the electric force field, which increases as
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the layer thickens to a depth which exceeds the energy level of the Helmholtz
double layer formed at the electrolyte/oxide interface. It causes a sudden metal
ionization and a loss of electrons by the anions. After the “electron avalanche” a
high charge density appears at certain sites of the metal boundary; this current
pulse results in local superheating and in spark discharges acompanied by
luminescence.

When sparking occurs, the electronic current represents a substantial
portion of the current, and the ionic conduction is negligible (Fig. 49, I, b).

An express condition of sparking is that the anions of the electrolyte
should be able to simultaneously emit a great number of electrons when a
suitable voltage is applied. Our own experiments in dilute, low-temperature
chromic acid solutions have supported this conclusion.

Aluminum plates (99.5 and 99.9%; Al) were anodized in a 359 chromic
acid solution at temperatures between +1° to —1°C. This solution has an
artificially reduced oxide dissolving ability. The applied voltage was gradually
increased from 10 to 100 V. Between 60 and 70 V, a very small current density
was detected. At 65V the measurable current density was still only 0.5 A/dm?
(Fig. 50). At 73-75V a slight luminescence is observed at the edges of the
anode (Fig. S1a). When the voltage is increased further, the degree and
intensity of the luminous phenomena rapidly increase (Fig. 51band c);at 85V
the current density increases to 5 A/dm? (Fig. 50). When this voltage is held for

Current Density, Azdm®

n w »H w o ~

T T T T T T
|

| | ! I
10 20 30 40 50 60 70 80 90 100

0 1 I { ! I 1

Forming Voltage, V
Fig. 50. Relationship between current density and cell voltage for
aluminum anodes with different compositions: 1, 99.5Al; 2,
AlMg5; 3, AlSi5. A, luminescence; B, spark breakdown ; C, anode
dissolution.
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Fig. 51. Phenomena of lumines-
cence and spark discharge on a
99.5A1 anode in 3-5 % chromic acid
at +1°C: (a) 75V; (b) 80V; (c)
85V; (d) 90-100V (image dimen-
sion ratio 1:1).

a time, the current density eventually decreases. After 30 min it drops to
2 A/dm? and continues to gradually decrease.

At 90V or more the anode starts to glow from the bright sparks that are
then produced (Fig. 51d). Some of the sparks zigzag across the anode surface
and disappear, only to be replaced by new sparks. As the oxide layer thickens,
the number and intensity of the luminous points decrease. The final result isa
slight luminescence of a larger area of the anode surface. The anodic film
obtained in this manner is iridescent, with bright interference colors; the
zigzag motion of the sparks is also traced out on the anodized surface as in

Fig. 52.
Increasing the cell voltage to 100 V results in localized erosion at areas
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Fig. 52. Surface of the 99.5A] anode plate shown in Fig. 51
after anodizing 10 min.

where the sparks formed on the metal surface shown in Fig. 53. Sometimes a
green precipitate of solid crystalline trivalent chromium oxide is found in these
eroded spots, indicating that the localized electron loss of the anions of the
electrolyte occurred at a very high rate, due to the high cell voltage, by the
reaction

2Cr0¢2;_ - CI'203 -+ %02 + 43_

The increase in the local force field which causes sparking resulting in
luminescence depends on the quality of the electrolyte, the current, and also to
a substantial degree on the quality of the anode surface (ie., on the
composition of the base metal, its microstructural irregularities, its
geometrical roughness, on edge and corner effects, etc.). Compositional effects
can be demonstrated by the fact that spark discharges on AIMgs samples
appear earlier than on pure aluminum, while in AlSis samples no sparks form,
even when the voltage is increased. However, in this latter case, low voltages
(20-30V) causes pitting, which results in a rapid increase in the current
density.

Conduction in the Covering Oxide Layer. No sparking is observed in
electrolytes which readily dissolve aluminum oxide; the anodizing voltage in
these solutions is lower than that required for sparking (Fig. 49, III).

In these solutions the oxide at the external surface of the barrier layer is
completely dissolved during anodization. The remaining portion is
transformed, incorporating water as hydroxides and hydrates; the area close
to the base metal has a continuous barrier layer. A chemical aggregate is

Fig. 53. Surface of the 99.5Al anode plate
shown in Fig. 51 after anodizing 40 min.

www.iran-mavad.com

Age Cpmodine 5 Gzl gy



316 Paul Csokan

formed on the continually thickening covering oxide layer. In this structure the
unchanged submicrocrystallites of aluminum oxide are colloidally embedded
in the gel-like hydroxide and hydrate compounds.

Aluminum ions and oxygen carriers (OH ions, H,O molecules) diffuse
through the oxide layer; thus, this layer supports a current. In addition to the
diffusion processes, Murphy and Michelson3'-3? also assumed that in the
covering oxide layer, H,O molecules are joined by “hydrogen bridge” bonds
to the aluminum oxide molecules and to the occluded anions. In this
polynuclear system the covalent bonds and “hydrogen bridge” bonds are able
to change places, or move in a certain direction (protomery). The changing of
bonds and the simultaneous exchange of eléctrical charges between particles
occur along adjacent atom groups very rapidly in the direction of the electrical
force lines. This rapid migration of charges continuously supports the current
transport due to ionic and electronic diffusion. Eigen’® states that the bond-
changing frequency can be as high as 10**-10!4/sec. If this is the case, then the
current transport is lower than electronic conduction in pure metals by only
one or two orders of magnitude. However, only oxyanions can form hydrogen
bonds and conduct a high ionic current.

Ionic and electronic conduction proceeds through the oxide normal to
the substrate. Interpreting this phenomenon, particularly the lateral growth of
the interlaminar oxide, parallel to the substrate, involves an assumption that
the electrical force field within the oxide coating is not uniform throughout but
that potential differences arise (probably due to epitaxial influence). This
allows conduction and material transport parallel to the surface until the
potential differences are eliminated. References to ionic conduction in the
metal/oxide/electrolyte system can be found in the work of Ginsberg et
al >33 Diggle et al.,*° Dorsey,®® Charlesby,”® Hoar and Yahalom,?® Winkel
et al.®* Brace,®? Neufeld and Ali,®* and other authors.

Hoar and Yahalom®° give the current density (i) by the equation

i= Aexp (BEg,) (8)

in which A and B are system constants and Eg,represents the potential
difference (forming voltage, in volts) between the metal and the electrolyte and
y (cm) is the film thickness. The exponential ratio is due to the nature of theion
transport process and regulates the total current density of current. This
relation results from the nature of the ionic transport process and regulates the
total current density through the system regardless of whether it signified
transport at the metal/oxide boundary, within the oxide, or at the
oxide/electrolyte interface.
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Different values of the constants 4 and B can be found in the literature,
but these differences have no influence on the theoretical considerations. The
problem is that i may vary at irregular rates and in irregular directions during
nucleation. The oxide layer with ionic conduction has a higher electrical
resistance than the electrolyte; and therefore during nucleation when the
coverage of the metal surface is incomplete, the current passing through the
system is concentrated at points which are uncovered. Then, since the area of
bare metal is gradually reduced because of nuclei growth, anodization
proceeds at a constantly changing current density instead of at a constant
current density, which would depend on the total area to be anodized. Thus,
the current value in the preceding equation is at best an average current value
assuming that all points on the surface are equal. It does not provide a definite
current value.

After total coverage has been attained, current conduction proceeds by
ionic or electronic diffusion through the layer and eventually only by
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Fig. 54. The relationship between cell voltage and current density as a function of time in 209,
sulfuric acid at various temperatures.
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protomeric migration of bonds. Then the current density (i) decreases. at a
uniform rate proportional to the time of anodization or to the thickening of
the layer until a stationary equilibrium value is achieved. Here it is possible to
characterize the current transport to a good approximation with the aid of Eq.
(8). Figures 54 to 58 are space diagrams showing the relationship i~V for
anodic oxidation in sulfuric acid at different temperatures and concentrations.

For reaction kinetics the Miiller rule®* is of interest. This rule
characterizes layer formation by the time required for forming an oxide
consisting of laterally propagating and coalescing nuclei and secondary
oxidation. The “time of coverage” (z,) depends on the material properties of
the system and on the intensity of the chemical effect on the current density (I):

= kI" (9)

where k and m are material constants of the system.
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Fig. 55. The relationship between cell voltage and current density as a function of time in 109,
sulfuric acid at various temperatures.
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Franck*® gives various values of m between 1 and 2 in various oxidizing
systems. When an oxide with slight solubility is formed, m equals 1.5.
Therefore, the rate of formation of the primary oxide layer is a function of the
current passing through, which in turn depends on the concentration,
temperature, and potential conditions. These relationships are shown on 7,/I
diagrams plotted with various parameters (Fig. 59).

Influence of the Chemical, Metallurgical, and Crystallographical
Properties of the Base Metal on the Structure of the Oxide Layer:
Epitaxy

The Chemical and Metallurgical Properties of the Base Metal

An anodic oxide coating is produced by a chemical or electrochemical
conversion of the external crust of a base metal, unlike methods which produce
a coating by the precipitation of a product from a solution onto a substrate
surface (like galvanizing). The consequence of this fact is that the physical and
mechanical properties, chemical composition, crystallographical and
structural composition, state of energy, etc., of the surface layer of the base
metal have a definite effect on the quality and structural properties of the metal
oxide which replaces the external superficial metal layer; the thermal and
mechanical history of the metal is included in this listing.

In consideration of the increased requirements for anodic oxidation
coatings, the production of aluminum and its alloys suitable for “anodization”
is increasing; excellent oxide coatings with a uniform structure, free of
discoloration and stains, can be produced. The technical literature abounds
with details for anodizing. In most industrially developed countries the
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é Fig. 59. Dependence of the covering
time on the anodization current

c density using the Miiller rule.®*
Curve (a) is in 1%, sulfuric acid, (b)
in 59 sulfuric acid, (c) in 209,
Current Density, A/dm? sulfuric acid.
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technical instructions, test methods, and specifications for acceptance have
been standardized; these details will be omitted.

The alloying elements influence the properties of the oxide layer. The
purity and uniformity of the oxide layer are dictated principally by the silicon
and heavy metal concentration in the base metal; the presence of significant
concentrations of these components may make it difficult or even impossible
to produce a coherent and adherent oxide layer. For instance, the oxide
coating on the AIMgZnTi alloys has a higher hardness than on high-purity
aluminum, AIMg, or AIMgSi alloys. However, on the metal alloyed with zinc
and titanium, the hard oxide coating shows very little adherence and peels off
after a slight impact, whereas the oxide coatings on aluminum, AIMg, or
AlMgSi alloys adhere tightly to the base metal.

The incorporation of intermetallic compounds (e.g., aluminides, silicides)
in the oxide layer depends on whether these substances dissolve in the
electrolyte or remain unchanged.®® Intermetallic substances soluble in sulfuric
acid (e.g., AlsMg,, Al,Zn;, MgZn,, Al;Mg;Zn;) may be partly incorporated
in the oxide layer in the form of finely divided MgO and ZnO. Magnesium
alloys can incorporate no more than 0.7, Mg in the form of MgO into the
oxide layer®®-88; the residual magnesium is dissolved out of the layer by the
electrolyte. In alloys containing titanium, the titanium metal passes into the
aluminum oxide layer as TiO,. The intermetallic compounds MnAlg, FeAls,
CuAl,, and Mg,Si are insoluble in sulfuric acid, and therefore they are wedged
into the structure of the oxide layer partly as oxides and partly unchanged. The
distribution corresponds to their original sites in the microstructure of the
base metal. In certain oxidizing processes pure silicon is embedded in the
aluminum oxide without oxidation.

Aluminum products produced by hot or cold rolling, pressing, or other
forming processes as well as in cast products have aluminum oxide stage
inclusions which may have an irregular size and shape. Occasionally, sand
grains or heavy metal oxides may appear wedged into a product surface. The
arrangement of these inclusions in the product depends on the forming
process. The small, sometimes submicroscopic inclusions can cause cloudy or
discolored areas in the oxide layer during ordinary anodization; in special
processes (€.g., hard oxide or direct colored oxide production) they may cause
odd formations on the oxide layer.

We have previously shown that the oxide nuclei initiate on surface defects.
Thus, foreign substances incorporated in the oxide layer influence not only the
oxidation process but also the appearance, color, surface finish, and the
physical, mechanical, and corrosion properties. The corrosion resistance is

www.iran-mavad.com

Age Cpmodine 5 Gzl gy



324 Paul Csokan

particularly sensitive to heavy metal compounds in the oxide (intermetallic
iron compounds, for example); the corrosion resistance of these oxides is
substantially less than that of coatings prepared on pure aluminum.

Further details on the metallurgical properties of the base metal on the
quality of the oxide layers can be found in the chapter by Tajima in Advances in
Corrosion Science and Technology, Vol. 1.24

The Influence of Crystallography and Microstructure on Oxide Formation

When single- or multicomponent coatings are formed on metals, epitaxy
can play a role in development of the oxide crystal structure, its texture, and its
macro and microformation. The effect of the microstructure and crystal
orientation of the base metal can appear equally in all stages of the “guest” or
oxide phase.

In epitactic systems the substrate influences nucleation and growth by
substantially reducing the threshold value of the activation energy required to
start the processes at certain sites of the metal surface and by inhibiting the
start of the reaction at other sites.

The effect of crystallography and microstructure on oxide formation can
be detected. The microstructure of aluminum casting can consist of either fine
or coarse grains; the grain size will be determined primarily by the cooling
rate. During slow cooling only a few solid nuclei appear at the outer mold
surface. This causes dendritic solidification with large grains. At high cooling
rates, however, a great number of nuclei are formed simultaneously in the melt,
and after total solidification the metal matrix is usually uniform and fine-
grained.

The dendritic solid has a decided effect on the oxide formation. Figure 60
shows a hard oxide layer produced on a very slowly cooled aluminum casting
in dilute sulfuric acid, at a low temperature with a high cell voltage; here the
dendritic arrangement of the oxide formations produced by a chemical
transformation of the base metal is readily visible.

The coatings on AlSi alloys are also arranged in branching groups, as can
be seen in Fig. 61. In this case not only is the effect of the dendritic structure
noticeable, but also the effect of the silicide phase in the base metal. Both of
these factors influence the growth and final appearance of the oxide.

Mott?8% has studied the influence of crystallography on the surface
energy of the base metal and how it relates to the electrochemical process. He
proposes that at the metal surface, a definite activation energy is required to
permit metal ions to emerge from the crystal lattice. This activation energy
must overcome the lattice energy which keeps the atoms in the lattice. Once
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Fig. 60. Dendritic structure of an oxide layer prepared on an
aluminum casting in 1% sulfuric acid with 50V at +1°C
(50 x ). (Reproduced at 65%,.)

the atoms are freed, they can collide with oxygen ions in the solution and form
aluminum oxide molecules. The aluminum ions continue to emerge from the
metal and diffuse through the thickening oxide layer toward the electrolyte.
The number of atoms removed from the lattice can be increased by increasing
the magnitude of the external energy sources (such as temperature or
potential).

The value of the energy required to remove the metal ions from their
places depends not only on the lattice structure but also on the sites they

Fig. 61. Banded dendritic structure of an oxide layer
prepared on an AlSi (silumin) casting in 1% sulfuric acid
with 50V at +1°C (50 x ). (Reproduced at 65%.)
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Fig. 62. Microstructure of hot-rolled 99.99Al consisting of
crystal grains of different orientation, after chemical etching
in a mixture of HCl, HNO;, HF, and H,O (150x).
(Reproduced at 65 %,.)

occupy in the crystal.?®?! The removal of atoms arranged in crystal planes free
of defects usually requires more energy than does the removal of metal atoms
from edges, protruding peaks, or microstructural defects.

The surface of a chemically etched polycrystalline sample (Fig. 62) shows
that the total surface area due to roughness and pitting is larger than the
surface area of a sample of the same size which has been etched smooth. It can
be seen, then, that an applied potential can remove more atoms or ions from
the rougher surface than from the smooth surface. That is why the activities of
the individual surfaces may differ; they can etch differently and oxides or other
types of conversion compound phases can form at different rates.

The Relation between Overvoltage and the Geometrical Factors of the Base Metal

During anodization the difference between the equilibrium potential and
the actual potential of precipitation (i.e., the so-called overvoltage) represents
the activation energy required to start and to continue the electrode processes.

The activation energy (Q,, O, Q,) required to remove a metal ion from a
crystal plane with (hkl) indices and the electrical overvoltages (1,,#,,#,)
which liberate oxygen have different values. These values primarily determine
the planes on which the reaction products will appear; they determine the
morphological and structural difference that appear at the surface of the oxide
coating. If the voltage exceeds the upper limit, metal ions are able to leave the
crystal lattice structure simultaneously at different surfaces sites. The diffusion
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of the ions through the oxide layer proceeds in a statistically uniform fashion.
A cell voltage in excess of the local activation energy completely suppresses
epitaxy, and oxide formation is uniform. However, under certain conditions,
when oxide re-solution is repressed as in a dilute electrolyte at low
temperature, the morphology of the base metal is readily visible on the final
oxide coating.

Epitaxy in the Aluminum Aluminum Oxide Systems

Neuhaus and Gebhardt®? have found that in aluminum/aluminum oxide
systems the orientation relationships may differ; this depends on whether the
“guest phase” (a natural oxide film, a coating formed from corrosion products,
an artificially strengthened oxide film, etc.) has formed in a dry or moist
atmosphere, at high temperatures, or in a aqueous solution through chemical
or electrochemical reactions.

In thermal oxidation, Doherty*® finds that oxide formation can be
classified by the oxidation temperature: (1) oxidation below 500°C, where an
amorphous oxide forms with a maximum thickness of 50A, and (2) oxidation
above 500°C, where a crystalline oxide forms consisting of y-A100H and y’-
A100H with a thickness of several 100A. In the latter case amorphous
aluminum oxide is transformed to a regular crystal lattice by “devitrification.”

The crystallinity of oxide phases formed in a moist or aqueous
environment at low, medium, or boiling temperatures by chemical or
electrochemical effects, and by corrosion or artificial conversion, is often
completely obliterated since in the presence of water, aluminum oxide has a
tendency to gel; therefore, the structure of the freshly formed oxide phase is
amorphous. After some time (several days) an X-ray pattern can be generated;
this indicates that the aluminum oxide phase is transforming from the gel to a
crystalline structure by an internal rearrangement and by the loss of water.
The types of crystal lattice which compose the anodic oxide layers are
discussed by Tajima, who furnishes X-ray data.?*7¢

Below we shall present some examples of our results to illustrate the
crystallographic relationships in the aluminum/aluminum oxide system.
These results are based on experiments conducted on chemically etched high-
purity (99.99 %) thin aluminum sheets in 1% sulfuric acid at 0°C with 40V
applied.

The oxide that forms in the first stage of anodizing follows the lattice
orientation of the individual grains (Fig. 62). Electron microscopy
investigations of the oxide formations appearing on different crystal planes
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with the indices determined by X-ray diffraction have led to the following
conclusions:

1. On planes with the indices (100), (110), and (111), 60 sec of anodizing
formed primary oxides with characteristic arrangements, as shown in Figs. 63,
64, and 65. These primary formations are similar to the primary formations of
electrocrystallization in the cathodic precipitation of copper, published by
Hayashi et al.®? (Fig. 66); and this seems to prove that the epitactic effect of
lattice orientation is found in cathodic and anodic electrochemical processes.

2. Even after a long period of anodization, the oxide layer maintains the
different orientations of the grains of the base metal (Fig. 67); the boundary
between adjacent crystallites is readily visible in the electron photomicrograph
(Fig. 68).

3. Prolonged anodizing gradually obliterates the boundaries until the
oxide surface appears more or less uniform. This final surface resembles the
pictures of oxide layers found in the technical literature.

Another interesting trait is that translucent layers of aluminum oxide
exhibit optical birefringence. Franklin,?® Huber,?* Stirland and Bichsel,®*
Marge and Renouard®® and others explain the origin of this phenomenon by
assuming that the pore channel system of the oxide layer (KHR) is not
perpendicular to the surface but lies at varying angles to it. This structural
nonuniformity causes the birefringence, which may be small or great
depending on the angle of the pore channels. Our experiments have shown

Fig. 63. Primary oxide on the crystal surface with the (100)
orientation on chemically etched 99.99A1 after anodizing for
60sec in 1% sulfuric acid with 40-45V at + 1°C. Electron
micrograph (14,000 x ). (Reproduced at 65 %,.)
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Fig. 64. Same as Fig. 63 but showing the primary oxides on
the (110) surfaces. Electron micrograph (12,000 x ).
(Reproduced at 65%,.)

that this phenomenon may not depend on the pore channel angles alone.
Other effects are present.

When we anodized aluminum plate (Al 99.99) in 2-59% sulfuric acid at
0°C with 3040V, we found that the nuclei at certain points of the metal
surface are more or less transparent under the optical microscope (Fig. 69). In
polarized light these brightly transparent oxide formations appear as
transparent or more-or-less darkened spots arranged according to the
crystalline or subgrain arrangement of the base metal (Fig. 70). This
phenomenon indicates epitaxy and controls the structure of the oxide particles
formed in this fashion.

Fig. 65. Same as Fig. 63 but showing
the primary oxides on the (111)
surfaces.  Electron  micrograph
(14,500 x ). (Reproduced at 65%,.)
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Fig. 66. Initial stage of cathodic copper deposition
after anodizing in 0.5 M Cu (ClO,), solution at 25°C
with a current density of 3 A/dm? on parts of the
surface with different orientation. (Micrograph by
Hayashi.®?)

Fig.67. Oxide coatingafter 15 min onvariously oriented surfaces
of chemically etched 99.99Al in 1% sulfuric acid at 40-45V at
+1°C, in polarized light (250 x ). (Reproduced at 65 %)
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Fig. 68. Same as Fig. 67. Boundary between crystallites of
different  orientation. Electron micrograph (7700 x ).
(Reproduced at 65%,.)

Fig. 69. Primary and secondary
oxides obtained at the initial stage
of anodic oxidation of chemically
etched 99.99A1with35Vat +1°C,in
ordinary illumination (250 x ).
(Reproduced at 65%,.)
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Fig.70. Oxide surface of Fig. 69 in polarized light (250 x ).
(Reproduced at 659%.)

THE RELATIONSHIPS BETWEEN THE STRUCTURE AND THE
PHYSICAL, MECHANICAL, AND CHEMICAL PROPERTIES OF THE
OXIDE LAYER

The Role of Material Structure in the Physical and Mechanical
Properties

The Layer Thickness of Oxide Coatings

Itis a fundamental fact that the thickness of oxide layers does not increase
linearly with time of anodizing; in each process the thickening rate gradually
decreases and attains a limiting value. The decrease is due partly to the
reduction of the conductivity and partly to the shift in the equilibria of the
reactions; the chemical re-solution and the nucleation process forming the
oxide layer are competing reactions which shift the concentration of the
reactants. There is a characteristic thickness reached by the oxide that is
determined by the equilibrium between oxide formation and oxide re-solution.
After attaining the characteristic boundary value, prolonging the time of
oxidation does not increase the layer thickness. But while the oxidation of the
base metal and the chemical re-solution of the oxide continue to decrease, a
considerable number of dimensional defects can appear on the sample. Table 2
summarizes the optimum thickness values for oxide coatings produced by
anodizing (page 305).
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The Hardness and Wear Resistance of Oxide Coatings

The hardness of oxide coatings depends on several factors: (1) on the
chemical composition and structural homogeneity of the base metal, (2) on the
composition and temperature of the oxidizing electrolyte solutions, and (3) on
the anodizing voltage and current density.

The hardness of oxide coatings on pure metals is usually higher than on
alloys. Oxide layers prepared by dc current are harder than those produced by
ac current. Oxide layers prepared in sulfuric acid, oxalic acid, or chromic acid
baths are harder the lower the concentration and temperature of the
electrolyte solution. Very hard oxide coatings (Vickers hardness
400-600 kg/mm?) can be prepared on commercial-grade aluminum metal in
1-2%; sulfuricacid at — 1°C with a dc voltage and a high current density.? 7190
The hardness of ordinary oxides is greater near the base metal than near the
external surface. The cross section in Fig. 71 shows the hardness distribution of
an oxide layer.

The wear resistance reaches a maximum when the oxide layer has the
optimum thickness as given in Table 2. Prolonged anodizing reduces the wear
properties because of the resulting surface degradation.

But wear resistance is influenced by the alloying additions and their
concentrations. Oxides prepared on pure Al and on AIMg alloys have the
highest wear resistance; on alloys containing colored metals the wear
resistance of oxide coatings is very slight.

The hardness and wear resistance required by industrial applications have
been standardized, so such properties will not be listed here. Further
information on this topic can be found in the work of Tajima.24

Fig. 71. Distribution of Vickers hardness values measured
with the Hanemann tester on a polished section of an
oxide coating (150 x ). (Reproduced at 75%,.)
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Tensile and Bending Strength of Oxide Coatings

Aluminum oxide coatings are generally brittle, and thus their tensile
strength and elongation are low; however, they possess significant
compressive strength. Brittleness is greater in the plane perpendicular to the
direction of formation or thickening of the oxide layer; therefore, when
anodized aluminum is subjected to bending, the oxide layer tends to crack. The
degree of cracking depends on the anodizing conditions. Fine hairline fissures
have little effect on the decorative or protective qualities of the coating after a
sealing treatment, but coarser cracks in heavier oxide coatings caused by
severe bending may lead to spalling of the coating. Malleable oxide coatings
may be obtained in specially prepared anodizing solutions at higher
temperatures with an ac current!®!~1°3; these methods are used to produce
anodized aluminum wire for electrical coils.

It is impossible to directly measure the bending and tensile strength of
oxide coatings, since the coating cannot be separated from the base metal.
However, the oxide coating affects the strength of the base metal, and
conclusions as to the mechanical properties of oxide coatings may be drawn
from tensile, bending, or fatigue tests on anodized aluminum samples. To
illustrate the relationships, we shall mention some of our results, 194107

The strength of anodized plates depends on the cross-sectional thickness
of the oxide and the base metal. To investigate the change of strength which
may occur, aluminum specimens were prepared and coated with an unusually
heavy oxide layer; we prepared coatings of 100-150 um and 150-200 um
(Vickers hardness = 460-500kg/mm?) on soft- (L) and hard- (K) rolled
commercial (Al 99.5) aluminum plates (gauge 0.8, 1.2, and 2.0 mm) in cold
dilute sulfuric acid with 50V cell voltage for 30 and 60 min. The diagrams in
Figs. 72 and 73 show the tensile and bending strength of the anodized
aluminum specimens.

In tensile testing the metal core and the oxide layer are elongated together
by the tensile stresses until the forming limit of the brittle oxide layer is
reached. After passing this limit, widening hairline cracks form in the oxide
layer (Fig. 74) along the direction of the zone boundaries of the porous and
fibrous covering oxide layer. After the hairline cracks appear, the tensile load is
supported exclusively by the base metal; and since the notch effect of the
cracks weakens it, rupture occurs at lower tensile forces than in aluminum
specimens of similar cross section with a smooth, unoxidized surface.

In bending tests, coarse cracks form after a certain amount of bending of
the surface subjected to tensile stress, while on the opposite face, which is
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Fig. 72. Change of the yield point (,,) and uniform
elongation (9,) of 0.8, 1.2-, and 2-mm soft(L)- and hard (K)-
rolled 99.999Al plates as a function of the thickness of the
hard oxide layer formed on the surface: ——, untreated plate;
———,plateanodized for 30 min;- - —, plate anodized for 60 min.
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Fig. 73. Change of the bending limit (P, ,b) of 0.8-, 1.2, and 2-mm soft
(L)- and hard(K)-rolled 99.5 Al plate as a function of the thickness of the
hard oxide layer formed on the surface: (a) untreated plate: (b) plate
anodized for 30 min; (c) plate anodized for 60 min.
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Fig. 74. Parallel hairline cracks in the hard oxide layer
caused by tensile and bending stress (150 x ).
(Reproduced at 759.)

subjected to compression, the hard oxide with a high compressive strength
exerts a “supporting” effect. As a consequence, the yield point in bending
increases and deformation occurs at higher loads than in the base metal, and
the oxide does not spall on the face subjected to tensile stress, even when the
base metal itself has ruptured. Figure 75 shows the characteristics of oxide
coatings in bending!®® and compares them with the cracking and peeling of
other galvanic metal coatings after bending.

The resistance of oxide coatings to prolonged and repeated mechanical
loading can be studied by fatigue tests. The fatigue tests carried out on light

Fig. 75. Cracking of the anodic oxide coating
during bending: A-C, oxide-coating alum-
inum plate; D, aluminum plate with galvanic
metal coating. (From Schenk.!?%)
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metal plates with and without anodic oxidation and with an Amsler high-
frequency fatigue tester with 5 x 10 tensile stress pulses showed that the
decrease in fatigue life is related to the oxide thickness. Fatigue strength values
measured with bending loads usually differ slightly from the values measured
on plates without oxide coatings; these results are similar to those obtained in
static bending tests.

Internal Mechanical Stresses in Oxide Coatings

The Development of Internal Stresses and Methods for Their Measurement.
During anodization certain tensile or compressive stresses develop in the oxide
coatings; their values depend on the material properties of the base metal, on
the conditions of anodic oxidation, and on the conditions of anodic oxidation
and on the layer thickness. These internal mechanical stresses influence the
morphological and strength properties of the oxide coatings, and therefore
they should be taken into account when considering the application of
anodized products.

The effect of internal stresses in the layer during anodic oxide formation
have been known for some time.!®® Elssner and Beyer!°® and Roéhrig and
Kipernick!1° have established a connection between spalling at rough edges
and corners of aluminum objects and the differences of the specific volumes of
aluminum metal and aluminum oxide. However, Davies et al !}
Vermilyea,!!? Bradhurst and Leach,!!? and others!!*-*!7 have found that in
addition to the ratio of specific volumes, mechanical effects due to structural
changes in the oxide layer are also highly significant.

The dependence of the internal stresses, especially their direction and size,
on the experimental conditions is interpreted partly by the volume increase
caused by the reaction of Al — Al,0; and partly by the reduction of volume
which accompanies the dissolution of the oxide by the reaction Al,O; — AR ™,
Theoretically one cannot calculate precisely the specific volume ratio of the
base metal and the oxide layer (V/v) because the average molecular weight and
density of the oxide, oxyhydrate, and hydroxide in the coating depend on the
anodizing conditions; and the distribution and amount of foreign components
incorporated in the layer can vary with the composition and microstructure of
the base metal. The porosity of the oxide layers equals about 12—30 9 of the
total volume at the end of the anodizing process. The gradual change of the
actual volume occupied by the oxide produces a transformation of the initial
compressive stress in the oxide layer to tensile stress.

The variation in internal stresses can be detected by the
Hoar-Arrowsmith!'® method or by its modified variant, the Stressograph,
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constructed by Stalzer.*'® In the electrolyzing cell of the Stalzer instrument an
oxide layer is prepared on an anode consisting of 2 10 mm x 75 mm x 0.5mm
aluminum strip bent into a ring. While anodizing the anode, the ring opens or
closes depending on the stresses arising in the oxide layer; its displacement is
recorded continuously as a function of time by a sensitive recorder. The
internal stress, S (ponds/mm?), depends on the current density, I (mA), on the
thickness of the oxide layer, d (um), and on the value of the coefficient K, which
is defined by the instrumental parameters:

S = 2OK£ (10)
d

Results of tests carried out with our measuring equipment have shown
that during the formation of a porous oxide layer, a high compressive stress
‘appears first. When the layer thickness increases, this compressive stress is
gradually reduced; and at sufficiently high current densities, a tensile stress
arises. Figures 76 and 77 show the relationships between the experimental
factors.

In the oxide layers obtained by traditional anodizing processes, tensile
stresses up to 6 kg/mm? may arise. In coatings obtained by special processes,
such as hard oxide coatings prepared in dilute, cold sulfuric acid, compressive
stresses of 9.5-10.5kg/mm? may arise. In both cases the internal stresses are
generally homogeneous if the oxide coatings were correctly prepared.

Relationships between the Oxide Structure and the Internal Stresses. In
addition to volume considerations, the microstructure of the oxide can also
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Fig. 76. Change of internal stress in an oxide coating of increasing
thickness during anodizing in 20 9 sulfuric acid with 16-20V at

20 and 60°C.
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Fig. 77. Change of internal stresses in oxide coatings of various
thicknesses prepared in 209 sulfuric acid with 16-18V at
5-70°C.

play a part in the development of internal stresses. The structure of the oxide
layer and the simultaneous development of stresses in the layer are controlled
by the reaction mechanism. The compressive tensile stress transformations
which occur by the relationships presented in Figs. 76 and 77 are due to the
mechanical effects of the appearance, growth, and coalescence of primary
oxide nuclei during oxide formation and during thickening of the coherent
base layer. They are also due to the number, size, and distribution of pores, and
therefore to the gradual reduction of the density of the oxide layer.

Next, we shall present some examples to indicate the relationships
between the oxide structure and the heterogeneous internal stresses without
attempting a complete discussion.

Structural effects which play a role in the development of internal stresses
can be studied by optical and electron microscopic investigations in ordinary
and polarized light of sections of aluminum samples anodized for various
lengths of time. In the section of a sample plate anodized for 10sec in 1%
sulfuric acid with 40 V cell voltage (Fig. 78), the individual oxide nuclei and the
coalesced oxide formations are already visible. Their external surface bulges
out above the original plane of the metal surface, while the lower part
penetrates the interior of the base thetal with a curvature similar to the external
surface. The V/v volume ratio can be measured on this figure by a simple
geometric analysis.

The oxide layer produced in 5-10 min in 1-59%; sulfuric acid, at —1°C
with 50 V, is completely coherent but its thickness is not uniform; the external
surface contains convex, coarse formations and some concave pits (Fig. 79a).
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Fig. 78. Cross section of primary oxides
obtained by anodizing for 10secin 1%,
sulfuric acid with40 Vat +1°C (150 x ).
(Reproduced at 65 9%.)

Microscopic examination of the same section in polarized light shows that the
mechanism of oxide formation actually controls the structural development of
the oxide layer. In Fig. 79(b) it can be seen that the oxide layer is composed of
individual fibrous blocks; their outer limits represent the extension of the
primary oxide nuclei as well as the outlines of the grains of the base metal.
Oxide nuclei created at various sites of the metal surface grow at different
rates; thus, the height and mass of the oxide blocks are different in the given
period of anodizing (5—-10 min). The oxidation rate leads to a mutual influence
on the growth of the oxide blocks and to their eventual mutual deformation; at
some points they are wedged together and play an increased part in the
evolution of internal mechanical stress in the oxide layer. Microscopic
examination of samples anodized for longer periods (20-30 min) shows that
the initial irregularities of the oxide layer are gradually obliterated and the
fibrous blocks appear in close arrangement (Fig. 80).

Fig. 79. Cross section of hard oxide layer formed in 10 min of
anodizing in 1-59% sulfuric acid with 50V at +1°C: (a) in
ordinary light; (b) in polarized light (150 x ). (Reproduced at
65%.)
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Fig. 80. Cross section of a hard oxide
layer formed in 30min in 1-59%
sulfuric acid with 50V at +1°C: (a)in
ordinary light; (b) in polarized light
(150 x ). (Reproduced at 659%,.)

It should be stressed both from the theoretical and the practical points of
view that an anomalous change of internal stresses, when the upper limits of
the specified operational parameters are exceeded, may cause serious damage
to the layered structure. In conventional anodization in sulfuric or oxalic acid,
an excessive increase in the temperature of the electrolyte or in the current
conditions produces a rapid dissolution of the oxide and coarse porosity,
which leads to cracking and disintegration of the oxide layer.

When anodizing to produce a hard oxide (in 19; sulfuric acid, +1°C to
—1°C, and the cell voltage raised above the permitted value of 60 V), gap-like
cracks appear due to internal stresses at sites where the oxide composition is
more heterogeneous. Anodizing for prolonged periods at 80 V causes internal
stresses which produce long horizontal ruptures in the oxide layer near the
base metal; sometimes vertical cracks start from these ruptures in the direction
of the external surface (Fig. 81). Cracks produced by compressive stresses tend
to separate the layer from the metal surface; but the separation, curiously
enough, never occurs at the metal surface but some distance from it. Shadows
on the layer section indicate strong local heterogeneities, and the scatter in the
values of the Vickers pyramid impressions at these areas also indicates a
heterogeneous distribution of stresses.

When excessive voltages and low temperatures (such as anodizing in 19}
sulfuric acid at low temperature with 90-100V) are used to produce hard
coatings, the internal mechanical stresses may be very high and may produce
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Fig. 81. Branching cracks in the hard
oxide laver obtained in 1 % sulfuric acid
with 80V at +1°C (150x). (Repro-
duced at 65%.)

serious damage and even peeling of the layers by cracks running parallel or
perpendicular to the metal surface (Fig. 82).

From these examples one may conclude that structural deformations of
various sizes and directions in the oxide are produced by both the isotropic or
anisotropic distribution of mechanical stresses at given sites of the layer.

Oriented Structural Deformation in the Oxide Layer Induced by Internal
Stresses. The following tests have yielded significant results concerning the
relationships between the structural changes and internal stresses in oxide
layers.

We anodized tubes of pure aluminum (50-mm) lengths with 10-, 20-, and
30-mm diameters with a wall thickness of 2 mm) in 0.1 % sulfuric acid at —1°C
with 50 V. When the polished sections of the anodized tube samples were
examined under the microscope in polarized light, we found differences in the
structures of the oxide layers at the external tube surface and in the tube bore.

Fig. 82. Destruction of the oxide layer
by anodizing in 1% sulfuric acid with
100V at +1°C (150 x ). (Reproduced at
65%.)
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On the internal and external surfaces of the tube with 30-mm diameter, the
oxide layer was composed of conical blocks similar to the oxide layer shown in
Fig. 80b. On the tube sample with 20-mm diameter, the external oxide layer
was like the 30-mm tube, but within the bore the oxide contained indistinct
and irregularly deformed shadows.

The 10-mm-diameter sample was like the other two samples on the
external surface but contained cracks due to tensile stresses near the base metal
(Fig. 83). In the oxide layer within the bore a curious crossbanded fibrous
structure appears which was not previously observed. The fibres run at an
angle of about 20-24° to the metal surface, and the fibres cross in an x form at
an angle of about 40-44°. This oxide layer also contains internal cracks which
are arranged near the surface of the layer. This shows that internal stresses
were concentrated in this zone. The different strength conditions are also
reflected by the fact that the external oxide layer has a Vickers hardness (VH)
of 405 kg/mm?, while the oxide layer in the bore has a VH of 470476 kg/mm?2.

This phenomenon can be traced back to the difference in specific volumes
(formulated by Schenk'°8), where V/v = 1.8-1.5.1t can be explained by a rapid
increase of internal compressive stresses in the tube bore, which is due to the
increasing thickness and volume of the oxide layer; after the original limit of
elasticity of A1,03 has been exceeded, the continuously formed oxide products
occupy sites in the gliding planes arranged according to the direction of
compressive stress. The crossbanded fibrous structure in Fig. 83 resembles the
gliding deformations found in crystalline solids which have been plastic-
deformed. The fact that this structural change did not occur uniformly in the
bores of the tube samples with 30-, 20-, and 10-mm diameters is probably due
to the internal curvature of the surface.

There exists a critical radius limit beyond which internal stresses can
create cracks or fractures in the thickening oxide layer. In the case of
aluminum tubes with less than 10-mm diameter, the current distribution of the
anodizing bath is reduced and oxide formation is less complete; therefore,
there are restrictions to studying the internal stresses in oxide layers in samples
of this size.

The Resistance to Electrical Breakdown of Oxide Layers

The aluminum oxide coatings are dielectric in nature; so a rinsed and
dried oxide layer acts as a current insulator. Above a certain voltage, however,
current- breakdown occurs across an oxide layer placed between electrical
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Fig. 83. Cross section of oxide formed on the external and internal surface of an aluminum pipe
(O.D. 10mm, wall thickness 2mm) by anodizing for 30 min in 0.1% sulfuric acid with 50V
(150 x ). (Reproduced at 65%,.)

poles. The breakdown voltage, or breakdown strength, depends on the
material properties and thickness of the oxide layer. The electrical strength of
ordinary thin oxide layers is low. The breakdown voltage of layers of more
than 5-6 um depends on the type of base metal and on the conditions of anodic

oxidation.
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The insulating capacity and breakdown strength of oxide coatings
without any post-pore-sealing treatment changes slowly as a result of the
aging processes (dehydration, formation of boehmite) in the oxide structure;
in these cases the breakdown voltage should be measured shortly after the
completion of anodic oxidation. The average values in Table 3 refer to the
specific breakdown strengths of normal oxide layers prepared by usual
anodizing processes without any post-pore-sealing treatment.

After a certain thickness, the value of V/um no longer increases linearly as
the thickness increases; the rate of increase is reduced (Fig. 84). This behavior
is due to microcracks forming in the heavy, hard oxide coatings, partly as a
consequence of the nucleation mechanism and partly because of the
differences in specific volume between the aluminum base and the aluminum
oxide; when high peak voltages are applied, current breakthrough occurs
relatively easily across these cracks.

In heavy oxide coatings, produced either with or without special methods,
an increase of the silicon or colored metal content of the base metal can reduce
the breakdown strength to 2—4 V/um. After a pore-sealing treatment with oil,
wax, or plastic, the breakdown voltage increases significantly and may be as
high as 50-60 V/um.

Since the electrical breakdown voltage depends not only on the thickness
of the oxide coating but also on its structure, the measurement of breakdown
strength can be used to characterize the oxide products obtained by various
methods.

The Corrosion Resistance of Oxide Coatings

The corrosion resistance of oxide coatings prepared by different processes
depends on the chemical effects of the atmosphere on the composition,
physical structure, thickness, porosity, and cracking of the oxide layer. The
type, amount, and distribution of foreign substances incorporated in the
layer are also influential on the corrosion properties.

Table 3. Breakdown Strengths of Normal Oxide Layers

Breakdown voltage,

Oxidizing medium Oxidizing current V/pum
Sulfuric acid dc 35
Sulfuric acid ac 25
Oxalic acid dc 10-20
Oxalic acid ac 5-8
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Fig. 84. Change in breakdown voltage as a function of layer thickness on 99.99Al: A
was anodized at 20° C in 15% sulfuric acid at 12.5 V; Bwas prepared at +1°Cin1%,
sulfuric acid at 50 V.

An aggressive chemical medium or atmospheric moisture can penetrate
through the pores and microcracks of the oxide layer to the barrier oxide layer
and then to the base metal. As a result, little corrosion cells are formed very
quickly at the bottom of the pores or cracks. This mechanism leads to a more
rapid progress of the corrosive attack in the boundary zone of the base metal; a
lamellar separation occurs under the oxide, and destruction of the base metal
progresses.

The porous oxide coatings are treated by a pore-sealing post-treatment,
as has been mentioned before. The increase of the resistance to chemicals and
corrosion depends on the efficacy of the pore-sealing treatment; thus, it is as
important as the anodization itself.

Corrosion is promoted by irregular thickness, the presence of holes and
cracks, the incorporation of foreign substances, and structural discontinuities,
because defect sites can be sources of corrosion. If one considers that anodic
oxide formation and certain properties of the layer structure are dependent on
the surface properties of the base metal, then clearly the chemical and
corrosion resistance of anodized aluminum is also closely connected with the
quality of the base metal. The combined effect of these factors determines the
corrosion properties of the oxide coating, that is, whether corrosion appears
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on the whole oxide surface or only at definite defect sites on the surface, which
may lead to pitting or intergranular corrosion.

The methods used in practice to measure corrosion resistance can be
classified as follows:

1. Chemical solubility test: the Mylius method.

2. Testing the quality of porosity and of the pore-sealing treatment by the
Kape method,®%~#®8 or the Tomashov-Bjalobsheski method.!®:12°

3. Accelerated laboratory corrosion testing with aggressive chemicals or
electrochemical procedures (Cass, Corrodkote, Fact, or Kesternich methods,
etc.).

4. Exposure testing in the natural environment.

The test for the chemical stability of the oxide layer (the Mylius method)
consists of dissolving the oxide layer from the anodized specimen with 209,
hydrochloric acid at room temperature. The volume of hydrogen gas evolved
during dissolution in a specified period is measured. As shown by diagrams
referring to our test series (Fig. 85), the Mylius test clearly indicates the
differences in chemical stability and structure of the oxide layers prepared
under various conditions.

The details of accelerated corrosion testing and of pore sealing treatments
will be omitted since they can be found in the technical literature.
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Fig. 85. Testing the solubility by the Mylius method of the oxide
layers prepared in dilute sulfuric acid at 20-80V. Oxides were
prepared on 99.99 % and 99.5%, Al Curve 1, 1%, H,SO,; curve 2,
2.5% H,S0,; curve 3, 1% H3;BO; + 1% H,SO,.
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Fig. 86. Appearance of corrosion cells
on the surface of an oxide coating
without pore sealing (at the points
marked by arrows) during the
Kesternich corrosion test (50x).
(Reproduced at 659%,.)

After the tests have been carried out, corrosion damage is assessed by
optical chemical or electrochemical methods. Generally, corrosion starts at
the edges and corners of specimens which have not been subjected to post-
treatment (i.e., at discontinuities or even cracks). After some time, corrosion
points appear irregularly distributed on the surface. The number and size of
the corrosion cells increase rapidly, at which point metal and oxide dissolution
occur simultaneously, as seen in Figs. 86 and 87.

Once the oxide layer has been penetrated, the corrosion of the base metal
continues to spread (Figs. 88 and 89). The continuing production of corrosion
products results in the breaking off of the oxide layer and the formation of
open corrosion pits (Fig. 90). In some places the corrosion products penetrate
the channels in the oxide layer and produce efflorescences on the surface; the
oxide layer does not break up but bridges the pit in the base metal.

Fig. 87. Destruction of layer by pitting
(50 x ). (Reproduced at 65%,.)
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Fig. 88. Start of corrosion along the oxide cracks and at
inclusions incorporated in the oxide (300 x ). (Reproduced
at 65%,.)

In all corrosion tests, whether accelerated or not, corrosion damage can
be characterized by the weight loss of the specimen (in g/mm? - day) and by the
change of dimensions. These values can be employed to draw conclusions
about the oxide formation as shown by the properties of the layer. These
numerical values, as well as change in the properties of the oxide as observed
through a microscope, can be employed to draw conclusions about the
mechanism of oxide formation.

Fig. 89. Spreading of corrosion to the base metal along the
gaps opened in the oxide layer (300 x ). (Reproduced at
65%.)
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Fig. 90. Progress of corrosion attack and complete
destruction of the oxide and the base metal (300x ).
(Reproduced at 659.)

SUMMARY

From the results of investigations on the mechanism of atmospheric,
thermal, or chemical oxidation in the metal/air, metal/oxygen, metal/water, or
metal/electrolyte systems, it has generally been accepted that oxide formation
starts on the metal surface with the appearance of oxide nuclei whose size and
distribution depend on the experimental conditions. The coherent oxide
coating is formed by the development of the first oxide nuclei, the appearance
of further nuclei, and their coalescence and thickening. The structural
composition and thickness of the oxide coatings always depend on the
conditions of nucleus formation and on the subsequent physical and chemical
processes.

In the anodic oxidation of aluminum, the reactions occurring at the
metal/electrolyte interface under the influence of an electrochemical force field
are explained by the KHR theory, by the formation of a homogeneous barrier
layer, and by the subsequent oxidation reactions controlled by electrical
breakdown.

There are several contradictions and deficiencies in the classical
Keller-Hunter-Robinson theory, and it is suggested that a realistic basis for
the mechanism of thickening of the covering oxide layer can better be found in
the conclusions of Ginsberg, Wefers, Kaden, Murphy and Michelson. and
Bogojavlenski, as well as results of our investigations in Hungary. In addition
to the conventional test methods, we employed a special microcinemato-
graphic method which permits continuous study of the phenomena of oxide
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formation from the first moment of oxidation up to its completion. The
information resulting from our studies is summarized as follows:

In conventional oxidation (i.e., in oxidizing electrolyte solutions at higher
concentrations, with low or medium cell voltage), oxide formation starts
simultaneously at each point of the aluminum surface and continues at the
same rate. However, when anodizing is carried out in more dilute solutions, at
higher voltages, oxide formation begins with the appearance of primary oxide
nuclei only at highly active and energy-rich surface sites. Around these
primary nuclei the process progresses by zones of secondary oxidation. The
mechanical or chemical preparation of the surface of the base metal also
influences the total reaction.

It can thus be seen that oxide formation does not start simultaneously ata
uniform rate and does not propagate homogeneously over the surface; the
oxide elements are formed separately in space and time. From our
experimental observations and the results of the above-mentioned authors, we
have evolved a model for explaining the mechanism of anodic oxide formation
based on nucleation theory. The reactions, which occur partly simultaneously
and partly in sequence, can be grouped into the following three stages, which
assure the formation of a heavy covering oxide layer:

1. Initial stage. An oxygen or aluminum oxide film (barrier layer)
appears on the aluminum surface, bonded by adsorption or
chemisorption with a thickness of one to two molecular layers.

2. Nucleation stage (formation of oxide nuclei). At energetically
favorable sites on the metal surface, nuclei are formed. Secondary
zones of oxidation form at the edges of these oxide nuclei and progress
laterally impinging and coalescing.

3. Forming stage (formation of the covering layer). Current conduction
and material transport proceed perpendicularly to the base metal
through the coherent oxide layer and also laterally parallel to the base
metal.

The rate and extent of formation of the oxide layer depend mainly on the
permeability of the oxygen film and oxide membrane formed in the initial stage
by ion and electron diffusion. However, other processes also control oxide
formation:

1. The selective chemical re-solution of the oxide products in the
oxidizing electrolyte solutions.
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2. The formation of micro and macro pores (the formation of which is
characteristic of the anodization conditions) due to chemical re-
solution.

3. The transformation of the pores into long, hollow, fibrous pore
channels due to the continuous thickening of the layer.

In the forming stage the material and current transport is supported not
only by ion and electron diffusion but also by the exchange of materials in the
chemical reactions of hydration and peptization as well as by the proton
motion (protomery), which accompanies the changes of the hydrogen-bridge
bonds in the less coherent oxide layer. After the forming stage, the oxide layer
has all the characteristics of anodic oxidation discussed in the technical
literature.

From optical and electron microscopic investigations of oxide layers in
various orientations, it can be concluded that the oxide cells formed from
primary oxide nuclei are dissimilar in size and shape and are arranged in larger
units, or “bundles of cells.” These bundles are also of different sizes; their
shapes depend not only on the experimental parameters but also on the
geometry of the reacting phase and on the sites occupied by the oxide elements.
Studies under polarized light show that the oxide cell and pore channel
bundles are grouped mostly in blocks within grain boundaries of the base
metal. It can be seen clearly in polarized light that a differentiation parallel
with the metal surface exists in the oxide layer; this results from the lateral,
interlamellar propagation of material and current transport during oxidation.

It has been shown also that, although in conventional anodization it is
observed only indirectly, the physical, chemical, and microstructural
characteristics of the surface of the base metal play a decisive role in the
morphology of oxide formation. In this respect, lattice deformations at crystal
boundaries, lattice vacancies, dislocations, and foreign particles which
penetrate to the surface of the metal object are very important. The epitaxy
arising from such structural conditions and internal mechanical stresses can be
explained by the nucleation mechanism. Metallic or nonmetallic (inter-
metallic) inclusions incorporated in the oxide layer, either with their
original composition or as oxides, can influence not only the physical and
mechanical properties of the layer but also the corrosion resistance of the
oxide coating.

The explanation based on the nucleation mechanism and proposed for
the partial processes of anodic oxide formation can be reconciled on several
poirits with the KHR model.
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Chromium
-aluminum
grain shape effects, 92
Mg alloying effects, 93
grain boundary depletion, 84
Mn + Si substitute for, 152
steel alloyed with, and hydrogen
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velocity vs. stress, temperature, 136

Creep

classification, §

cracks influencing, 37

grain size effects, 35

and internal oxidation, 28
and oxides, 17

rate analysis, 2

specimen thickness effects, 35
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strengthening effects, 32
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chromic acid, 275
organic acid mixtures, 275
oxalic acid, 267
sulfosalicylic acid, 287
sulfuric acid, 255
Embrittlement, liquid metal, 30
Electromotive force (emf) cells
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materials, 184

pressure and time coefficients, 186, 202

temperature effects, 190

thermodynamic relationships, 180

time and pressure effects, 199
Emf electrodes

design, 189

electrolyte effects, 192

limitations, 233

pH-sensitive, 219

temperature reactions, 191
Emf measurements

activity coefficients, 222

electrolyte factors, 192

history, 179

industrial applications, 178

ionization constants of water, 212

mixed electrolytes, 226

pH determination, 218

and pressure, 195, 199, 205

standard electrode potential vs.

temperature, 195

transport numbers, 230
Environmental factors

air influence on creep, 9

aluminum anodic oxides vs., 327

carbonaceous atmosphere vs. scales, 17

chlorides

FeCrNi vs., 76
Ni steels vs., 86

crack initiation, 40

and creep, summary, 30

lead oxide, 9

methanolic solutions vs. Ti, 117

nitrogen influence on creep, 9

nickel sulfide, 9

sodium, 9

sulfates, 9, 17

359

Environmental factors (cont.)
sulfur dioxide, 9
tempering vs., 70
titanium SCC, 106
vacuum, influence on creep, 9
vanadium and oil ash, 9, 17
water, influence on creep, 13
Expansion, scale-substrate
differentials, 24

F

Ferrite: see Metallurgical effects
Films and scales
adhesion, 26
aluminum oxide
boundary phases, 306
material transport, 308
nucleation, 294
carbonaceous atmosphere vs., 17
and creep, 9, 12
expansion differentials, 24
and liquid ash, 17
oxide
alloys’ effect on properties of, 36
stability, 16, 20
passive, and cracking, 134
stress effects, 20, 22
Fracture analysis, 71

G

Geometry, specimen thickness vs. creep
rate, 35
Grain effects
aluminum anodic films, 240, 327
Bi, Cr, Cu, Mg, Mn, Si, Zr effects, 93
PFZ in boundaries, 155
shape, 98
stabilization of boundaries, 91
boundary, size, 33
carbide, precipitation at boundaries, 84
cracking vs. size, 38
fabrication producing, 323
gas, interstitial diffusion, 29
hydrogen factors, 64, 149
interstitial oxidation, 28
size, and hydrogen embrittlement, 71
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Grain effects (cont.)

steels, carbon, orientation vs. hydrogen

embrittlement, 72
sulfur in carbides, CrNi alloys, 123
Ti, a phase at boundaries, 113
Ti, size vs. SCC, and hydrogen, 115

H

Hastelloy X, 124
Helium, 33
Heat treatment: see also Metallurgical
effects
aluminum
electrical surveillance, 99
quench sensitivity, 100
silver alloying effects, 97
Fe~Cr-Ni sensitization, 84
Ni-Cr, Ni-Cr-Fe alloys, 124
precipitation-strengthened alloys vs.
hydrogen, 127
Ti alloys vs. SCC, 109
HEREF: see High-energy rate forging
High-energy-rate forging (HERF)
and hydrogen attack, 85
steels, precipitation-hardenable (PH),

88
Hot cracking, 17, 40
Hydrogen
aluminum vs., 90, 102
cracking

fractographic analysis, 150
mechanism, 146
metallurgical factors, 148
test methods, 56
diffusion phenomena, 141
evolution vs. pressure, 199
Fe-Ni~Co vs., 87
fracture, fractographic analysis, 159
fugacity factors, 103
Mn vs., 86
Ni and its alloys vs., 120, 123, 129
Ni steels vs., 86
oxide dispersed alloys vs., 128
poisons, and absorption, 141
precipitation-strengthened alloys vs.,
125,152
pressure effects vs. FeMn, 86
recombination poisons, 130

Index

Hydrogen (cont.)
steel
alloying vs., 62
ferritic diffusion, 155
ferritic and martensitic vs., 58
SCC influence, 53
sulfide, Ti vs. embrittlement, 62
titanium
cracking, 117, 119
gasvs., 111
grain size vs., 115
phase effects on SCC, 107
solubility vs. stress, 118
Hydrogen embrittlement
and 304L grain size, 85
alloying vs., 58, 67
alpha Ti alloys vs., 154
aluminum, by cathodic charging, 103
aluminum, and microstructure, 155
and anodic dissolution, 145
Cr and Ni steels vs., 75, 79
electrochemical factors, 132
and heat treatments, 68
HEREF vs., 85
and hydrides, 142
and Fe-Cr-Ni cold work, 85
and Fe-Cr-Ni phase, 84
mechanism, 157
and metal structure, 68, 73
and Mo alloying, 90
Niand Sn, 121
Ni alloys, and sulfur, 122
Ni-Cr-Al, Inconel 718, 125
Ni-Cu, 122
precipitation-strengthened alloys vs.,
125
pressure effects, 125
and slip mode, 138
source significance, 139
steels
cooling rate effects, 71
Cr-Ni austenitic vs., 74
and grain orientation, 72
martensitic, 154
summary of causes, 144
thermomechanical treatment history,

precipitation-strengthened alloys vs.,

127
Ti structure vs., 116
and tin, 121
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Index

I

IN-100, 125

Incoloys, 122

Inconels, 122, 125, 129

Industrial uses for emf measurements, 178

K

Kesternich test, 348
KHR model, Al oxidation, 243
Kovar, 87

L

Lead in Cr-Ni alloys, and cracking, 123
Liin Al vs. SCC, 96
Localized attack: see also Cracks and
cracking
Al intergranular from Mg, 93
Al pit and crack pH, 105
intergranular cracking Cr-Ni alloys in
high-purity water, 123
Luminescence, Al anodic oxides, 312

M

Manganese
in Al, effects, 93
Al grain shape effects, 92
Al-Mg, alloying effects of, 93
steel alloying vs. hydrogen
embrittlement, 60
MAR-M 200, 125
Martensite: see Metallurgical effects
Metallurgical effects: see also Grain
effects
alloying
Agin Al, 97
and Al anodic oxides, 323
and Al minor elements, 92
Al in PH steels, 88
Alin Tivs. H, SCC, 107, 118
Cin Fe-Mn vs. H, 86
Crin Al 7000, 95
Cr in Fe-Mn vs. H, 86
Cr + Ni in austenitic steels, 74

361

Metallurgical effects (cont.)

alloying (cont.)
Cu in 7000 Al, 95
Cu in Ni vs. H, 122
Gain Ti vs. SCC, 107
grain effects, synergism in hydrogen
cracking, 73
group Vb elements vs. SCC, Fe-Cr~
Ni, 82
and hydrogen embrittlement, 58
In in Ti vs. SCC, 109
Fe-Cr-Ni vs. SCC, 79
Mn in Fe vs. H, 86
mechanisms vs. H, 130
Mo in Ni-Cr vs. SCC, 124
and scale, 16
Snin Tivs. H, 107
steels, Cr-Ni vs. hydrogen
embrittlement, 74
TiyCu vs. SCC, 108
Ti-Mo, 107
Ti PH steels, 88
Zrin 7000 Al, 95
aluminum
anodic oxides corrosion, 348
anodic oxides’ microstructure, 324
minor elements, and precipitate, 92
austenite, and hydrogen embrittlement,
68
austenite vs. SCC, 84
carbides vs. hydrogen embrittlement, 68
cooling rate vs. hydrogen
embrittlement, 71
and fracture, 148
grain
and creep, 9
scale stability, 20
and stress rupture, 6
heat treatment, and cracking, 71
heat treatment, and H embrittlement,
67
Fe-Cr-Ni phase, and cracking, 83
martensite
and hydrogen embrittlement, 68, 160
vs. SCC, 84
microstructure
critical hydrogen concentrations in,
142
hydrogen embrittlement factors, 130
Mn, and SCC, 160
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Metallurgical effects (cont.)
microstructure (cont.)
precipitation-strengthened alloys vs.
hydrogen, 127
molybdenum alloying
Fe-Cr-Ni vs. SCC, 81
steel vs. hydrogen embrittlement, 60,
63
Ti vs. SCC, 107
monel SCC, hydrogen embrittlement,
122
pearilite vs. hydrogen embrittlement, 69
structures, and hydrogen embrittlement,
65
Monitoring techniques,
electrical resistance aluminum heat
treatment, 99

Nickel and its alloys
+ chromium
vs. chlorides, 123
vs. fluorides, 123
high-purity water cracking, 123
vs. hydrogen, 123
vs. polythionic acids, 123
ThO, dispersed vs. hydrogen, 128
Y, 03 dispersed + Al, Ti vs. hydrogen,
129
+ chromium-iron, vs. hydrogen, 123
creep, and grain effects, 10
diffusion effects, 32
hydrogen vs., 120
+ Co, SCC and hydrogen embrittlement,
122
+ iron, vs. hydrogen 123
oxides on, 14
steel vs. hydrogen embrittlement, 60, 63
stress rupture, and grain, 8
TD + Al, Tivs. hydrogen, 129

Index

o

Oxidation
aluminum anodic, 241, 254
chemical mechanism, 296
electrochemical mechanism, 296
and creep and stress rupture, 8
and high temperature, 13
internal effects, 28
rates vs. partial pressure, 15
Oxygen: Ti content vs. SCC, 107

P

pH, emf measurement, 218
pH-sensitive electrodes, 219
PH alloys, hydrogen activity in, 153
Phosphorous: Fe-Cr-Ni, and alloying, 80
Pore phenomena, aluminum

anodic oxide films, 248, 298

voltage effects, 305
Porosity, aluminum anodic oxides

and corrosion cells, 346

sealing, and electrical resistance, 345
Precipitation-hardenable alloys: see PH

alloys

Pressure

and dissociation constants, 203

emf measurements vs., 195

hydrogen effects, 125, 199

and time coefficients of cell emf, 202

and transport numbers, 231

and water ionization constants, 217

R

Rene 41, 125

S

Niobium alloying of Fe-Cr-Ni vs. SCC, 82
Nionel, 123
Nitrogen
interstitials, and hydrogen
embrittlement, 64
Fe-Cr-Ni, and SCC, 80
SFE effects, 80
Nonmetallic materials: ceramics, creep
effects, 11

Salts, molten, Ti SCC in, 119
SCC: see Stress corrosion cracking
Sensitization: see Heat treatment
Silicon alloying

Fe~Cr~Ni vs. SCC, 81

steel vs. hydrogen embrittlement, 60
Silver, and Al alloying, 97
Spallation, scales, 26
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Index

Sparking, aluminum anodic oxide films,
313

Standard electrode potentials, emf mea-
surements vs. temperature, 195

Steels

carbon
creep, grain effects, 10
grain direction vs. hydrogen, 72
Mn vs. hydrogen embrittlement,
SCC, 160
chromium-nickel austenitic
carbide precipitation at grain boun-
daries, 84
cold work, and SCC, 84
hydrogen activity in, 74, 77, 151
Mo alloying vs. SCC, 81
Nb alloying vs. SCC, 82
oxides on, 14
phase diagram, 75
P alloying vs. SCC, 80
S alloying vs. SCC, 82
SCC, and alloying, 79
Ti alloying vs. SCC, 82
ferritic
hydrogen vs., 58
Ni alloying vs. nitrates, NaOH, 64
high-strength
cooling rate vs. hydrogen embrittle-
ment, 71
ductility loss by hydrogen, 63
ferritic, hydrogen diffusion in, 155
grain effects, hydrogen embrittlement,
72
slip mode, hydrogen transport, and
cracking, 154
spheroidized vs. hydrogen
embrittlement, 69
water, high-purity, cracking in, 66
Fe~-Ni~Co, hydrogen vs., 87
manganese, hydrogen vs., 86
martensitic
Ni alloying vs. nitrates, NaOH, 64
hydrogen vs., 58
nickel, hydrogen vs., 86
PH, ASTM A-286, hydrogen vs., 88
TRIP (transformation-induced precipi-
tation), 68
Stress
magnitudes, and creep, 36
rupture
classifications, 5

363

Stress (cont.)

tupture (cont.)
and creep rate, 11, 37
grain effects, 6, 38
and oxide, 17
Ti, and hydrogen reactions, 118

Stress corrosion cracking (SCC)

aluminum

2000, 7000, and heat treatment, 99

7000 section thickness, and Cr, 97

Bi, Cu, Zr alloying vs., 93

Cr alloying vs., 95

Cu alloying vs., 95

grain effects vs., 98

hydrogen, 105

Li alloying vs., 96

and loading mode, 105

Mn alloying vs., 95

Ti alloying vs., 95

TMT effects vs., 100

Zr alloying vs., 95
and anodic dissolution, 146
austenite in Fe-Cr-Ni vs., 84
and carbide precipitation, 84
carbon in Fe-Cr-Ni vs., 79
Cr, Ni alloying in steels vs., 76
electrochemical factors, 132
group VIII elements, and stainless steels,

82

hydrogen

cracking parallels, 134

influence, 53

and recombination poisons, 130
Fe-Cr-Ni alloys

and martensite, 84

and Mn alloying, 79

Mo alloying vs., 81

Nb alloying vs., 82

and nitrogen, 80

and oxygen, 78

and phosphorous, 80

and NaCl+ 0,, 78

and sulfur, 82

Ti alloying vs., 82
mechanism, 146
Ni 200 intergranular cracking, 121
Ni-Cr alloys, 123

+ Fe, 123

+ Mo, 124

+ Si, 81
Ni-Cu, 122
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Stress corrosion cracking (SCC) (cont.)

Ni-Mo, 124

precipitation-strengthened alloys, 124
precipitation-strengthened alloys and

aging, TMT, 128
slip mode factor, 138

and SFE (stacking fault energy), 152
steels, martensitic by hydrogen, 154

Ti alloys, 106
+ Cuvs., 108
eutectoids increasing, 108
grain factorsin, 115
and hydrogen, 111, 119
metastable beta vs., 113
and methanol, 117
+ Mo vs., 107, 115
phase relationships to, 112
and stress mode, 119
TMT vs., 115
+V, 107,115
Stressograph, 337
Sulfur in Fe-Cr-Ni vs., 82
Sulfur in Ni alloys vs. hydrogen
embrittlement, 122
Superalloys, 124
adsorption of gas atoms, 26
aluminum oxides
barrier layers, 291
bonding mechanisms, 283
crystal plane infl., 328
diffusion phenomena, 290
electrochemical reactions, 310
layer nucleation, 282
sorption phenomena, 288, 306
surface characteristics, 256
aluminum chemical oxidation, 90-
100°C, 241
hydrogen interface reactions, 149

T

Testing equipment
aluminum anodic film study, 252
emf measurements, 179
Time
aluminum anodic oxides
and electrical phenomena, 317
reactions vs., 293

Index

Time (cont.)
emf, and measurements, 186
and pressure vs. emf cells, 199
Titanium and its alloys
alloying
Al effect on hydriding, 118
Alvs. SCC, 95
In vs. SCC, 109
and Fe~Cr-Ni, vs. SCC, 82
alpha
dislocation transport effects, 153
hydrides, and hydrogen
embrittlement, 154, 161
hydrogen fugacity, and fracture, 154
cracking mode, 111
embrittlement and hydride mechanism,
117, 161
fracture morphology, 117
heat treatment vs. SCC, 109
hot working, 116
hydrogen solubility, and stress, 118
methanolic cracking, 117
microstructure vs. fracture, 115
phase, and hydrogen embrittle-
ment, 107
salt water vs., and stress effects, 119
steel alloyed with, vs. hydrogen embrit-
tlement, 60, 62
SCC, 106, 108
“texture” factors, 115
Transport numbers, emf measurement,
230

U

Udimet, 125

A%
Vanadium and its alloys

creep modes, 9
Ti alloyed with, vs. SCC, 107

w

Waspaloy, 125
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Index 365

Water Wear resistance, aluminum anodic oxides,
high-purity 333
cracking, 66 z
high-strength steel
ionization constants, 215 Zirconium: aluminum, and grain shape,
sea, emf characterization, 178 92
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